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Three low-carbon ASTM A514 microalloyed steels were used to assess the effects of austenite 
conditioning on the microstructure and mechanical properties of martensite. A range of prior austenite 
grain sizes with and without thermomechanical processing were produced in a Gleeble® 3500 and direct-
quenched. Samples in the as-quenched, low temperature tempered, and high temperature tempered 
conditions were studied. The microstructure was characterized with scanning electron microscopy, 
electron backscattered diffraction, transmission electron microscopy, and x-ray diffraction. The uniaxial 
tensile properties and Charpy V-notch properties were measured and compared with the microstructural 
features (prior austenite grain size, packet size, block size, lath boundaries, and dislocation density).  
For the equiaxed prior austenite grain conditions, prior austenite grain size refinement decreases 
the packet size, decreases the block size, and increases the dislocation density of as-quenched martensite. 
However, after high temperature tempering the dislocation density decreases with prior austenite grain 
size refinement. Thermomechanical processing increases the low angle substructure, increases the 
dislocation density, and decreases the block size of as-quenched martensite. The dislocation density 
increase and block size refinement is sensitive to the austenite grain size before ausforming. The larger 
prior austenite grain size conditions have a larger increase in dislocation density, but the small prior 
austenite grain size conditions have the largest refinement in block size. Additionally, for the large prior 
austenite grain size conditions, the packet size increases with thermomechanical processing. 
The strength of martensite is often related to an effective grain size or carbon concentration. For 
the current work, it was concluded that the strength of martensite is primarily controlled by the 
dislocation density and dislocation substructure; which is related to a grain size and carbon concentration. 
In the microyielding regime, the strength and work hardening is related to the motion of unpinned 
dislocation segments. However, with tensile strain, a dislocation cell structure is developed and the flow 
strength (greater than 1% offset) is controlled by the dislocation density following a Taylor hardening 
model, thereby ruling out any grain size effects on the flow strength. Additionally, it is proposed that lath 
boundaries contribute to strength. It is shown that the strength differences associated with 
iv 
thermomechanically processed steels can be fully accounted for by dislocation density differences and the 
effect of lath boundaries. 
The low temperature ductile to brittle transition of martensite is controlled by the martensite 
block size, packet size, and prior austenite grain size. However, the effect of block size is likely small in 
comparison. The ductile to brittle transition temperature is best correlated to the inverse square root of the 
martensite packet size because large crack deflections are typical at packet boundaries. 
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Martensite is one of the most important microstructures in steel. An as-quenched (AsQ) 
martensite is the strongest microstructure possible for a given alloy composition, but typically has low 
ductility1–5. Therefore, martensite is typically used in various tempered conditions. For ultrahigh strength 
structural steels or high wear resistant steels, low temperature tempered martensite is ideal. For high 
strength structural steels with low ductile to brittle transition temperatures (DBTT) requirements, high 
temperature tempered martensite is ideal. With high temperature tempering, a large portion of the as-
quenched strength is lost, but a very low DBTT is typical. Fine grained ferritic steels can have similar 
DBTT as martensite, but ferritic steels cannot reach the strength of even highly tempered martensite. 
For the current project, the as-quenched and two different tempering conditions were assessed: 
low temperature tempered (200 °C for 1 h) and high temperature tempered (600 °C for 1 h). The low 
temperature tempered (LTT) conditions are typical for ultrahigh strength and high wear resistant 
applications. The high temperature tempered (HTT) conditions are typical for applications requiring high 
strength and low DBTT. The project specifically focused on the effects of austenite conditioning on the 
resulting microstructure and mechanical properties of martensite in each tempering condition.  
Conventionally, martensite is produced by reaustenitizing and quenching (RA/Q). In recent years, 
martensitic microstructures in low-carbon steels have been produced at some facilities utilizing the direct-
quench (DQ) process6–9. For the DQ process, the costly reaustenitizing step of RA/Q processes is not 
required because the steels are thermomechanically processed (TMP) and direct-quenched (TMP-DQ) 
after the initial hot-rolling. Additionally, for the TMP-DQ process, it is possible to produce martensitic 
microstructures with improved mechanical properties over conventional RA/Q steels6–11. 
Grain size strengthening, carbon solid solution strengthening, precipitation strengthening, and 
dislocation strengthening are widely accepted mechanisms controlling the strength of martensite2,7,8,12.  
These strengthening mechanisms are generally related to processing conditions. Typically, the mechanical 
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properties are varied with austenite conditioning, whether it is to vary the equiaxed austenite grain size, or 
vary the austenite grain morphology. For RA/Q processes, the equiaxed austenite grain size is easily 
controlled with different austenitizing temperatures and times. But for TMP-DQ processes, the austenite 
grain size and morphology are controlled simultaneously. Therefore, it is advantageous to understand 
both the effects of austenite grain size and morphology on the resulting microstructure and strength. 
Low DBTT values of martensite are qualitatively understood because martensite is composed of 
very fine microstructural features (e.g. packet size, block size, and lath size). However, the true 
mechanisms controlling toughness have not been determined. Some researchers have found a strong 
correlation between the DBTT and the packet size13–15, but in recent research it is proposed that the block 
size is the controlling feature16,17. Furthermore, some studies have proposed that neither feature controls 
toughness18; it was proposed that differences in cementite precipitation control toughness.  
To study the effects of austenite conditioning on the strength and toughness, low carbon ASTM 
A514 alloys were thermally and thermomechanically processed in a Gleeble® 3500 and direct-quenched 
to produce fully martensitic microstructures. The microstructures and mechanical properties were then 
assessed in the as-quenched, low temperature tempered (LTT), and high temperature tempered (HTT) 
conditions. The as-quenched condition is not an industrially relevant condition, but it can be critical to 
understand the mechanical properties in this condition. 
1.1 Research Objectives 
The scope of the project is to investigate the dominant strengthening and toughening mechanisms 
in low-C martensitic steel. Therefore, the following broad objectives were developed: 
 Correlate final martensitic microstructure with the parent austenitic microstructure, 
 Develop processing-structure-mechanical property relationships to help guide 
development of martensitic steels with optimized strength and toughness levels, 
 Relate martensitic microstructural evolution during tempering to strength and toughness. 
The following research questions were specifically addressed: 
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1. What are the martensitic crystallographic and microstructural changes associated with 
austenite conditioning? 
2. What are the controlling strengthening mechanisms of lath martensite in the as-quenched, 
LTT, and HTT conditions for both RA/Q and TMP-DQ processing? 
3. What are the controlling mechanisms for the low temperature toughness of lath 
martensite in the as-quenched, LTT, and HTT conditions for both RA/Q and TMP-DQ 
processing? 
1.2 Dissertation Outline 
The dominant strengthening and toughening mechanisms in low-C martensitic steel are strongly 
influenced by austenite conditioning. Thus, a range of characterization techniques and mechanical tests 
were conducted to develop the processing-structure-property relationship. 
Chapter 2 gives background information and previous literature results relevant to the results 
obtained in the current study. The background includes an overview of processing to produce martensitic 
microstructures, the lath martensitic transformation, strengthening mechanisms, toughening mechanisms, 
thermomechanical processing effects on the structure and properties, and the strength and toughness 
balance of martensite. Additional discussion of the literature is given with the discussion of the results 
from the current work. 
Chapter 3 outlines the experimental procedures that were used for material processing, 
microstructural characterization, and mechanical testing. The experimental alloys were processed in a 
Gleeble® 3500, and the heat treatment procedures are outlined. The microstructural characterization 
procedures using light optical microscopy (LOM), scanning electron microscopy (SEM), electron 
backscattered diffraction (EBSD) in an SEM, transmission electron microscopy (TEM), and x-ray 
diffraction (XRD) are outlined. Additionally, the metallographic procedures for each characterization 
technique are outlined. The experimental procedures for uniaxial tensile testing and Charpy V-notch 
(CVN) testing are also outlined. 
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Chapter 4 shows the results for the LOM characterization work and the mechanical properties of 
the different conditions studied. From LOM, the prior austenite grain size and morphology was 
characterized. The tensile properties that were extracted for the as-quenched, LTT, and HTT conditions 
are reported. The microhardness for every condition is reported. The CVN properties extracted for various 
heat treatment conditions are also presented.  
Chapter 5 discusses the crystallographic and microstructural changes associated with austenite 
conditioning. EBSD was used to characterize the crystallographic changes and some of the 
microstructural changes. XRD was used to calculate the dislocation density differences. TEM was used 
qualitatively to further support some of the crystallographic changes assessed from EBSD. Additionally, 
TEM was used to investigate the lath substructure in the as-quenched, and HTT conditions 
Chapter 6 discusses possible strengthening mechanisms in lath martensite. The tensile properties 
extracted in Chapter 4 are related to different microstructural features presented in Chapters 4 and 5. The 
dislocation density evolution with plastic strain is discussed and the additional XRD and TEM results are 
presented. Finally, a model is proposed to predict the strength of lath martensite. 
Chapter 7 discusses the different toughening mechanisms in lath martensite. EBSD was used to 
characterize cleavage fracture and the results are presented in this chapter. Additionally, the 
crystallographic constraints related to the cleavage of martensite are discussed. The CVN properties 
shown in Chapter 4 are related to the microstructural features characterized in Chapters 4 and 5, and a 
model is proposed to predict the ductile to brittle transition temperature. 
Chapter 8 gives the summary and important conclusions derived from the results and discussion 
presented in Chapters 4 through 7. Additionally, Chapter 9 outlines some of the future work that could be 




BACKGROUND AND LITERATURE REVIEW 
 
Martensite is one of the most important microstructures in steel because as-quenched (AsQ) 
martensite is usually the strongest microstructure possible for a given alloy composition1–4. However, the 
dominant strengthening mechanisms controlling the high strength are not completely understood. In 
addition to the high strength, as-quenched martensitic microstructures typically have a low ductile to 
brittle transition temperatures (DBTT). The low DBTT is due to the fine microstructural features of 
martensite (packet size, block size, and lath size), but it is unclear which features have the strongest 
influence. In recent years, martensitic steels with improved mechanical properties have been developed 
utilizing the direct-quench (DQ) process. For the DQ process, the steels are thermomechanically 
processed to vary the austenitic microstructure and direct-quenched (TMP-DQ). The current chapter 
provides a review of some of the previous conducted research on lath martensites as it pertains to 
strengthening and toughening mechanisms. 
2.1 Processing to Produce Martensitic Microstructures 
There are several processing procedures that can be used to produce martensitic microstructures. 
Conventionally, steels are reaustenitized and quenched (RA/Q) after hot rolling and forging. With a high 
enough quench rate, all of the diffusional transformations (ferrite and pearlite), and the bainitic 
transformations are avoided1–5,8,12,19–28, and thus the martensitic transformation occurs. More recently, 
low-carbon martensitic steels have been produced by a direct-quenching (DQ) procedure after 
thermomechanical processing (TMP)6. Additionally, the resulting martensitic microstructural and 
mechanical properties are heavily dependent on TMP. Figure 2.1 shows a schematic drawing of three 
TMP processing histories (hot rolling, recrystallized controlled rolling, and controlled rolling), which can 
be used prior to the direct quenching step. The TMP-DQ procedures can be applied to plates that are 
reheated or they can be applied to plates after casting and hot rolling. Typically, the first step for any 
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TMP process is hot rolling (HR) well above the recrystallization temperature of austenite (TR)6. The TR 
refers to the temperature where zero recrystallization occurs below that temperature29. For the HR-DQ 
conditions, the slab is quenched after hot rolling. For the recrystallized control rolled RCR processing, the 
slab is hot rolled, cooled, rolled at a lower temperature (still above the TR), and direct-quenched (RCR-
DQ). In control rolled (CR) processing, the slab is hot rolled, cooled, rolled at a temperature below the 
TR, and direct-quenched (CR-DQ).  
 
 
Figure 2.1 Schematic showing the different thermomechanical processing routes for direct-quenched 
and reaustenitized and quenched steels6. Also shown is the relative austenite 
recrystallization temperature (TR), the critical temperature bounding the ferrite plus 
austenite phase field (A3), and the martensite start temperature (Ms). 
 
For HR-DQ processing, large equiaxed prior austenite grains (PAG) are typical. With rolling 
deformation, recrystallization and significant grain growth occurs, thus resulting in a larger equiaxed prior 
austenite grain size (PAGS). For RCR-DQ processing, small equiaxed prior austenite grains are common. 
With rolling deformation, recrystallization occurs, but grain growth is minimal, thus resulting in a small 
equiaxed PAGS. For CR-DQ processing, recrystallization is fully suppressed. Thus elongated prior 
austenite grain structures are typical. Additionally, a deformation substructure can be developed for CR-
DQ processing conditions. The extent of the deformation substructure depends on the several parameters: 
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interpass time, rolling temperature, time between the final rolling pass and the quench, and the finish 
rolling temperature (FRT)6. At rolling temperatures typical of CR-DQ procedures, dislocations are very 
mobile, as compared to room temperature, and the onset of recovery can be quick6. Thus a wide range of 
dislocation substructures in the austenite before the quench can be produced. 
2.2 Classical Lath Martensitic Transformation (Emphasis on Low-C) 
In low carbon steels quenched from the austenite phase field, lath martensite forms through a 
shear transformation when the higher temperature microconstituents are suppressed1–5,8,12,19–28. The 
following subsection gives a brief overview of the morphology of lath martensite, the mechanisms in the 
martensitic transformation, the tetragonality of Fe-C martensites, and the orientation relationship of lath 
martensites. 
2.2.1 Morphology of Lath Martensites 
Lath martensite forms entirely internal to a prior austenite grain, therefore, the prior austenite 
grain boundaries remain after the transformation. The prior austenite grain is subdivided into multiple 
subdivisions30: packets, blocks, and fine lath-shaped crystals. More recently evidence of sub-block 
divisions have been characterized31, but sub-blocks typically only occur for ultra-low carbon martensites. 
Additionally, the sub-blocks were shown not to have any significant effect on mechanical properties32. 
Therefore, for simplicity sub-blocks are not considered here.  
Figure 2.2 shows representative schematics of a large and small prior austenite grain that has 
transformed to lath martensite. For the large grain (Figure 2.2 on left), the prior austenite grain is 
subdivided into multiple packets28,30. The packets contain blocks that have a similar morphology, and the 
blocks contain nearly parallel arrangements of laths. For the small grain (Figure 2.2 on right), the prior 
austenite grain is composed of a single packet that is subdivided by many blocks33. Similar to the large 
prior austenite grain, the blocks are sub-divided by nearly parallel arrangements of laths. The relationship 
between packet size and number of packets with the PAGS is complex and potentially depends on many 
factors8,12,15,21,28. 
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Regardless of prior austenite grain size, within a packet, all of the laths and blocks have nearly 
the same habit plane. The habit plane is the austenite plane on which the plane strain shear transformation 
of martensite occurs34–36. The habit plane and orientation relationship between the austenite and 
martensite are discussed in Section 2.2.3. 
 
 
Figure 2.2 A representative schematic of lath martensite microstructural features within a prior 
austenite grain. On left, a large prior austenite grain that transformed to multiple packets. 
On right, a small prior austenite grain that transformed to a single packet. 
 
The martensite packet size is typically linearly related to the PAGS12,15,21,28,30,37. For low-C lath 
martensites, the packet size dependence is relatively insensitive to small alloying changes. Figure 2.3a 
shows the packet size versus PAGS for a few 0.2C and 0.19C (wt pct) martensitic steels8,12,28,38. Maki 
et al.28 showed that for 0.2 wt pct carbon martensites, alloying with less than 2 wt pct Si, Ni, Cr, or Mo, 
the packet size does not change for a given PAGS. Morito et al.12 showed similar results for 0.2 wt pct 
carbon lath martensites alloyed with up to 2 wt pct manganese. Additionally, Weiss8 showed similar 
results for a 0.19C (wt pct) lath martensite microalloyed with vanadium. For Weiss’s8 work, the alloys 
were industrial low alloy ASTM A514 steels that contained boron, titanium, and nitrogen. The packet 
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sizes measured by Weiss8 were very similar to the packet sizes for clean Fe-C and Fe-C-Mn steels 
(Figure 2.3a). 
In contrast the to the packet size, Morito et al.12 showed that the block width is very sensitive to 
manganese alloying. Figure 2.3b shows the block width versus PAGS for a 0.2C (wt pct) lath martensite 
with and without manganese alloying12. Manganese alloying up to 2 wt pct significantly changes the 
relationship between block width and PAGS. Specifically, manganese is responsible for significant block 
width refinement. For the Fe-C alloy, it was suggested12 that the block width reached a plateau for PAGS 





Figure 2.3 All alloy compositions listed are in wt pct. (a) Packet size versus prior austenite grain size 
(PAGS). (b) Block width versus PAGS. Data digitized and re-plotted from various 
sources listed in each plot8,12,28. 
 
The lath morphology of Fe-Ni martensite is very similar to Fe-C lath martensite28,30,39, thus, Fe-Ni 
alloys are used by some researchers in controlled studies on the strength and toughness of lath 
martensite17,40–42. For low carbon lath martensites, the packet size is insensitive to minor alloy additions. 
However, Fe-Ni lath martensites have a very different relationship between packet size and PAGS. 
Figure 2.4a shows the packet size versus PAGS for an 18Ni (wt pct) lath martensite with the linear fit in 
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Figure 2.3a shown. Iron nickel lath martensites with PAGS greater than 100 µm have a significantly 
smaller packet size than low carbon lath martensites. Figure 2.4b shows the block width versus PAGS for 
the same 18Ni lath martensite and the two 0.2C lath martensites shown in Figure 2.3b. Iron nickel lath 
martensites with PAGS less than 200 µm have similar blocks widths to that of a 0.2C lath martensite, but 





Figure 2.4 All alloy compositions listed are in wt pct. (a) Packet size versus prior austenite grain size 
(PAGS). (b) Block width versus PAGS. Data digitized and re-plotted from various 
sources listed in each plot12,28. 
2.2.2 Lath Martensite Transformation: Tetragonality and Strain Accommodation 
The martensitic shear transformation follows an orientation relationship. There are several 
orientation relationships between FCC and BCC structures; however, the Bain orientation relationship is 
the simplest. Figure 2.5a shows the Bain orientation relationship for two FCC unit cells and a single BCC 
unit cell. The BCC cell in the FCC reference frame is highly tetragonal, thus is it BCT at this point. 
During transformation, the cell contracts along the [001] direction by as much as 23% and expands in the 
[100] and [010] directions by as much as 12%25. This shape change is the Bain strain. For simplicity, the 
three dimensional shape change is referred to by a single Bain correspondence which is the contraction 
axis in the parent FCC structure (in Figure 2.5a, [001]).  
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During the martensitic transformation, the BCT cell in Figure 2.5a contracts to a BCC cell if there 
is not a sufficient amount carbon trapped in the shared octahedral sites. Figure 2.5b shows the BCT cell 
with carbon atoms located at every shared octahedral site. However, carbon is not present at every 
octahedral site. Thus, the tetragonality of martensite is highly dependent on carbon concentration and 




Figure 2.5 (a) The Bain orientation relationship between two FCC unit cells and a BCT unit cell3. 
(b) The BCT unit cell after the Bain strain; 23% contraction along the [001]BCC and 12% 
expansion along the [100]BCC and [010]BCC. Additionally, carbon atoms are shown in all 
of the shared octahedral sites5. 
 
Cheng et al.43 summarized research devoted to the tetragonality of Fe-C martensite for a range 
carbon concentrations. Figure 2.6 shows the measured lattice parameters (a and c in Figure 2.5b) as a 
function of wt pct carbon. As the carbon concentrations increase above 0.3C, the martensite becomes 
tetragonal. For the research discussed in this dissertation, martensite with carbon concentrations of 0.2C 
and less were investigated. Using the linear regressions shown in Figure 2.6, the martensite studied has a 
maximum tetragonality of 1% (𝑐−𝑎
𝑎
∗100). Therefore, the tetragonality is small and the remaining 
discussions do not address martensite tetragonality. Additionally, Kehoe and Kelly44 showed that the 
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carbon trapped in solution is minimal and it is likely that carbon diffuses to dislocation cores and 
martensite boundaries (likely lath boundaries). 
 
Figure 2.6 The lattice parameters (a and c in Figure 2.5b) of BCT Fe-C martensites. Data digitized 
and re-plotted from Cheng et al.43. 
 
When a martensite lath forms, a three dimensional strain is imparted on the austenite grain (the 
Bain strain). The strain can be relieved by plastic accommodation, elastic accommodation, or self-
accommodation12,23–27,45. Plastic accommodation can occur in the martensite lath or the austenite grain. 
For low-C lath martensite, plastic accommodation typically occurs in the martensite lath which results in 
a highly dislocated microstructure46. For higher carbon steels (greater than 0.6C, wt pct), the dislocated 
microstructure transitions to an internally twinned microstructure30. In addition to plastic accommodation 
by the martensite lath, the austenite grain can elastically accommodate the remaining strain. The elastic 
accommodation is the driving force for self-accommodation45. Self-accommodation is essentially when 
different martensite variants transform within an austenite grain to relieve the elastic strain of variants 
previously transformed. Upon cooling, an entire austenite grain does not transform instantly. Therefore, 
after the first variant transforms, the next variant that transforms can relieve the strain of the first variant. 
Different variants relieve the strain to different degrees and the variant that relieves the most strain is 
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thought to be most favorable45–49. Still, the exact mechanisms by which the ferrous lath martensite 
relieves the martensitic transformation strain is not well understood45,47–49. 
The martensitic transformation has been studied in-situ by Krauss and Marder20 and Zhang 
et al.45. Zhang et al.45studied the martensitic transformation in-situ by using a high-speed photography 
technique with a high temperature Laser Scanning Confocal Microscope (LSCM). A low-C, high nickel, 
high chromium alloy was used. The alloying decreases the martensite finish temperature to below room 
temperature, thus resulting in large amounts of retained austenite at room temperature. With retained 
austenite present, it is easier to determine the relationship between martensite and austenite. The 
micrographs taken with the LSCM during the transformation were combined with electron backscatter 
diffraction (EBSD) scans to study the crystallography of the martensite transformation. It was concluded 
that the self-accommodation mechanism was dominant for the high alloy lath martensite studied. For the 
observations, a model for the transformation strain accommodation mechanism was developed and 
Figure 2.7 shows the proposed model45. In Figure 2.7a, a martensite block with Bain correspondence B2 
nucleates at prior austenite grain boundary. The block grows across the prior austenite grain until it 
intersects another prior austenite grain boundary. In Figure 2.7b, a martensite block with Bain 
correspondence B1 nucleates at a prior austenite grain boundary and grows across the grain until it hits 
the first martensite block. The two intersecting blocks form the beginning of a packet boundary. Blocks 
with the same Bain correspondence and habit plane continue to transform (although not directly 
neighboring each other) until the elastic accommodation by the austenite grain begins to drive martensite 
variants with a different Bain correspondence. In Figure 2.7d, self-accommodation of the martensite 
occurs. Blocks with a different Bain correspondence transform, thus relieving the strain of the first 
variants. This mechanism continues until the entire austenite grain has transformed to martensite 
(Figure 2.7e). Additionally, blocks with same Bain correspondence were not found to form next to each 
other. In all cases, a different Bain correspondence formed between two blocks of the same Bain 
correspondence. This likely occurred because the strain of the austenite grain between the two blocks of 
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the same Bain correspondence was large and a different Bain correspondence was required to relieve part 
of the transformation strain. 
 
 
Figure 2.7 (a) Nucleation and growth of a martensite block with B2 correspondence. (b) Nucleation 
and growth of a martensite block with B1 correspondence. (c) Nucleation of a martensite 
blocks with B1 and B2 correspondence. (d) Self-accommodation of martensite. Blocks 
with different Bain correspondences transform to relieve the transformation strain 
developed from (a) through (c). (e) Fully transformed austenite grain with three well 
defined packets consisting of all possible Bain variants. Schematic reproduced from 
Zhang et al.45. (color image – see PDF copy) 
2.2.3 Orientation Relationship of the Lath Martensite Transformation 
The Bain orientation relationship is not sufficient to describe lath martensite formation. Lath 
martensite forms through a coherent shear transformation in which a planar intervariant has essential zero 
strain (the habit plane)3,50. The transformation tends to align a closed-packed plane in austenite ({111}) 
with a closest-packed plane in martensite ({011}). From possible orientation relationships (OR) that align 
these planes, lath martensite has been shown to have a near Kurdjimov-Sachs (K-S) OR22,28. For shear 
transformations following a K-S OR, an austenite {111} habit plane is expected, but Marder and Krauss50 
found that the true habit plane is {557}. Figure 2.8 shows the habit planes for 0.2C and 0.6C (wt pct) lath 
martensites; 0.6C is the maximum carbon concentration for lath Fe-C martensites30. The habit planes are 
15 
very similar for the Fe-C martensites and very near {557}. Additionally shown is a Fe-12Ni (wt pct) lath 
martensite50. Again, the habit plane is very near {557} and similar to the Fe-C lath martensites. 
 
Figure 2.8 Habit planes for 0.6C and 0.2C (wt pct) lath martensites. Additionally shown is the habit 
plane of a Fe-12Ni (wt pct) lath martensite. All of the habit planes are near 557. Image 
reproduced from Marder and Krauss50. 
 
Even though the true austenite habit plane of lath martensite is {557}, the crystallographic 
relationship between austenite and lath martensite typically approximated as a K-S OR22,24,51. The K-S OR 
is shown in Table 2.1 along with the Bain OR that is shown in Figure 2.5a. The K-S OR dictates a{111}γ 
parallel to {011}αʹ with a <011>γ parallel to <111>αʹ. There are four groups of crystallographic variants 
based on the four closed-packed planes of austenite. There are six variants in each group based on the 
shared closed-packed directions between austenite and martensite. Thus, there are 24 possible variants. A 
block is composed of one or two of the variants that have low angle misorientations within the same 
group. Additionally, block boundaries are typically high angle boundaries with the other blocks. Packets 
are defined as one group of crystallographic variants based on the common closed-packed plane in the 
austenite grain. The common closed packed plane is nearly the orientation of the habit plane. Therefore, 
all blocks within a packet have similar morphologies. Additionally, one packet could contain all six 
variants of a group, whereas the blocks within the packets can only contain one or two low misorientation 
variants with the same habit plane.  
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Table 2.1 – Kurdjimov-Sachs, and Bain Orientation Relationship 
Orientation Relationship Lattice Correspondence 
Relation 
Bain {001}FCC || {001}BCC 
<100>FCC || <110>BCC 
Kurdjimov-Sachs {111}FCC || {011}BCC 
<011>FCC || <111>BCC 
  
Figure 2.9 shows a visual representation of the K-S OR variants for one packet. Here, the six 
possible variants formed from the (111)γ are shown. The variants shown in Figure 2.9 were produced 
from the K-S OR shown in Table 2.2. There are many ways to visualize the K-S OR, but for the current 
project, visualization of the three Bain correspondence variants is beneficial. The Bain correspondence 
variants were briefly mentioned in Section 2.2.2, but here they are explained in more detail. In Figure 2.9, 
the center triangle is the (111)γ, which is also the plane of the image, and it is used as the main reference 
frame for the schematic. For each martensite variant (V1-V6), the plane of the image is parallel to the 
(011)αʹ, because the K-S OR dictates that the (111) of austenite be parallel to the (011) of martensite. 
With Table 2.2, the six martensite variants shown are oriented in the austenite reference frame (the main 
(111) plane in the center).  
The Bain correspondence is designated by the direction in the austenite reference frame that is the 
compression axis that resulted from the Bain strain (Figure 2.5b). The variants can be located anywhere in 
the reference frame of Figure 2.9 as long as the K-S OR is upheld, but the variants were located 
specifically with the Bain correspondences in mind. For instance, the V1-V4 variant pair has a 10.53º 
misorientation (Table 2.2) even though the two variants stem from different austenite closed packed 
directions ([1̅ 0 1] and [0 1 1̅], respectively). This small misorientation is the reason the variants have the 
same Bain correspondence. The compression axis in the martensite internal reference frame is always 
[001], but depending on the shared closed-packed directions, it aligns with one of the <001>γ directions. 
From Figure 2.9, the two variants (V1-V4) have nearly parallel [001]αʹ directions which is nearly parallel 
to the [001]γ, thus the Bain correspondence is [001]. It should be noted that in Figure 2.9 the [001]γ, 
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[010]γ, [100]γ, and [001]αʹ are the only directions shown that are not in the plane of the image. These 
four directions do not lie in either the (111)γ or (011)αʹ planes, which is the plane of the image. 
 
Figure 2.9 Schematic representation of the Kurdjimov-Sachs orientation relationship for a packet. 
The schematic is used to emphasize the three Bain correspondence variants of the 
transformation. The austenite (111) is the main reference frame for the image and is the 
plane of the image. Each of the six martensite variants shown have the (011)αʹ plane 
exposed, which is also the plane of the image. The [001]γ, [010]γ, [100]γ, and [001]αʹ are 
the only directions shown that are not in the plane of the image. These four directions do 
not lie in either the (111)γ or (011)αʹ planes. The full mathematical Kurdjimov-Sachs 
orientation relationship is shown in Table 2.2. (color image – see PDF copy) 
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(Austenite) || (Martensite) 
Direction Parallel 
[Austenite] || [Martensite] 




1 (011) | | (111)
 
1]11[ | | ]011[
 
--- [001]γ 
2 (011) | | (111)
 
]111[ | | ]011[
 
60.00º / [1 1 1̅] [100]γ 
3 (011) | | (111)
 
1]11[ | | ]1[01
 
60.00º / [0 1 1] [010]γ 
4 (011) | | (111)
 
]111[ | | ]1[01
 
10.53º / [0 1̅ 1̅] [001]γ 
5 (011) | | (111)
 
1]11[ | | 0]1[1
 
60.00º / [0 1̅ 1̅] [100]γ 
6 (011) | | (111)
 
]111[ | | 0]1[1
 
49.47º / [0 1 1] [010]γ 
7 (011) | | 1)1(1
 
1]11[ | | ]1[10
 
49.47º / [1̅ 1̅ 1] [001]γ 
8 (011) | | 1)1(1
 
]111[ | | ]1[10
 
10.53º / [1 1 1̅] [100]γ 
9 (011) | | 1)1(1
 
1]11[ | | 0]11[
 
50.51º / [10̅̅̅̅  3 13̅̅̅̅ ] [010]γ 
10 (011) | | 1)1(1
 
]111[ | | 0]11[
 
50.51º / [7̅ 5̅ 5] [001]γ 
11 (011) | | 1)1(1
 1]11[ | | [011]
 
14.88º / [13 5 1] [100]γ 
12 (011) | | 1)1(1
 
]111[ | | [011]
 
57.21º / [3̅ 5 6] [010]γ 
13 (011) | | 11)1(
 
1]11[ | | 1]1[0
 
14.88º / [5 13 ̅̅ ̅̅  1̅] [001]γ 
14 (011) | | 11)1(
 
]111[ | | 1]1[0
 
50.51º / [5̅ 5 7̅] [100]γ 
15 (011) | | 11)1(
 
1]11[ | | ]101[
 
57.21º / [6̅ 2̅ 5] [010]γ 
16 (011) | | 11)1(
 
]111[ | | ]101[
 
20.61º / [11 11̅̅̅̅  6̅] [001]γ 
17 (011) | | 11)1(
 
1]11[ | | [110]
 
51.73º / [11̅̅̅̅  6 11̅̅̅̅ ] [100]γ 
18 (011) | | 11)1(
 
]111[ | | [110]
 
47.11º / [24̅̅̅̅  10̅̅̅̅  21] [010]γ 
19 (011) | | )1(11
 
1]11[ | | 10]1[
 50.51º / [3̅ 13 10] [001]γ 
20 (011) | | )1(11
 
]111[ | | 10]1[  57.21º / [3 6 5̅] [100]γ 
21 (011) | | )1(11
 
1]11[ | | ]11[0  20.61º / [3 0 1̅] [010]γ 
22 (011) | | )1(11
 
]111[ | | ]11[0  47.11º / [10̅̅̅̅  21 24] [001]γ 
23 (011) | | )1(11
 
1]11[ | | [101]  57.21º / [2̅ 5̅ 6̅] [100]γ 
24 (011) | | )1(11
 
]111[ | | [101]  21.06º / [9 4̅ 0] [010]γ 
 
The Bain correspondence variants can also be visualized in a stereographic projection of the 
martensite {001} poles. Figure 2.10 shows a simulated stereographic projection of the martensite {001} 
poles. The projection shown is along the austenite [001] and is only for the first quadrant of the full 
stereographic projection. The simulation of the projection is discussed in detail in Chapter 5. The V1-V6 
variants shown in Figure 2.9 are labeled in this projection. From the stereographic projection the different 
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Bain correspondence variants are easily found. For instance, the V3-V6 pair has {001} poles near the 
austenite [010]. This pair has a [010] Bain correspondence which is confirmed by Figure 2.9. 
 
Figure 2.10 Simulated stereographic projection of the martensite {001} poles. The simulation of 
stereographic projections is discussed in Chapter 5. The austenite orientation is 
(001)[010]; meaning the projection is along the austenite [001] with the austenite [010] 
north and in the plane of the image. The V1-V6 variants shown in Figure 2.9 are labeled. 
The Bain correspondence variants in Figure 2.9 are easily determine from the projection. 
2.3 Strengthening and Deformation Mechanisms in Lath Martensites 
The various strengthening mechanisms in martensitic steels have been investigated by several 
researchers2,5,8,11,12,21,25,27,30,32,33,38,41,42,53–77, but there is not a concise agreement on the main controlling 
strengthening mechanisms. However, grain size strengthening and dislocation strengthening have been 
identified as the most potent mechanisms. The following subsections give a brief overview of the relevant 
work focused on grain size strengthening, dislocation strengthening, microyielding behavior, deformation 
substructure, and some tempering effects related to the dislocation substructure. Further discussion is 
given in subsequent chapters. 
2.3.1 Grain Size Strengthening 
The yield strength of martensitic steels shows a Hall-Petch relationship with effective grain size, 
where the Hall-Petch relationship has the following form 
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𝜎𝑦𝑠 = 𝜎𝑜 +  𝑘𝑦𝐷
−1/2 
2.1 
where σys is the yield strength, σo is a fitting constant that is not influenced by the grain size, ky is 
the locking parameter, and D is an effective grain size. The intercept (σo) is a summation of the iron lattice 
friction stress, precipitation strengthening, dislocation/lath strengthening, and solid solution 
strengthening. For a Hall-Petch relationship, none of these strengthening mechanisms can vary with 
effective grain size changes. The locking parameter (ky) is related to the effectiveness of a boundary to 
strengthen the material. Alloying additions can affect the effectiveness of the strengthening boundaries. 
Specifically, Heslop and Petch78 showed that the locking parameter decreases with Mn alloying for BCC 
iron. 
The strength of martensitic steels has been shown to follow a Hall-Petch relationship with various 
definitions of effective grain size including prior austenite grain size8,21,28,37, martensite packet 
size8,15,21,28,37,38,71, and martensite block size12,32,70. Prior austenite grain, packet, and block boundaries are 
considered high angle boundaries; they have misorientations greater than 15º. Therefore, it seems 
appropriate to use any of these features. The PAGS is linearly related to the packet size and block size 
(Figures 2.3 and 2.4), thus any feature size that works in a Hall-Petch relationship may work just as well 
as any other feature size. Historically, the packet size is used as the effective grain size. All blocks within 
a packet nearly share a single {011} slip plane and are thus thought to deform in a similar manner. 
Therefore, the effective grain size may be the packet size. Additionally, the packet size is the easiest 
feature size to measure. It is typically measured after etching a sample with a nitric based etchant and 
imaging with either a light optical microscope or a scanning electron microscope8,19–21.  
Figure 2.11 shows the 0.2% offset yield strength versus inverse square root of the packet size for 
various as-quenched lath martensites. Swarr and Krauss21,71 performed tensile tests on an Fe-0.2C (wt pct) 
lath martensite, and the locking parameter found was 49.7 MPa mm0.5. The locking parameter for the Fe-
0.2C lath martensite is higher than the locking parameters for Fe-0.2C-2Mn, Fe-5Mn, and Fe-9Mn 
(wt pct) lath martensites12,15,21,37. The wide range of locking parameters demonstrates the difficulties in 
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predicting the strength of lath martensite. Experimentally, the locking parameter has to be found for each 
alloy and the locking parameter changes with tempering21,71. 
 
 
Figure 2.11 The 0.2% offset yield strength versus inverse root of the packet size for various as-
quenched lath martensites. All alloy compositions are listed in wt pct. Linear regressions 
were performed for each alloy and the locking parameter (ky in Eq. 2.1) is shown. Data 
digitized and re-plotted from various sources12,15,21,37,71. 
 
Blocks are the smallest microstructural unit in lath martensite with high angle misorientation 
boundaries. Thus, Morito et al.12 proposed that block boundaries be considered as the effective grain 
boundaries and showed Hall-Petch relationships between the yield strength and true block width. To find 
the true block width, linear measurements perpendicular to the length of a block were corrected based on 
the orientation of the block with respect to the viewing direction12. Figure 2.12 shows the 0.2% offset 
yield strength versus inverse square root of the block width for the Fe-0.2C-2Mn alloy tested by Morito 
et al.12. Additionally, Morito et al.12 calculated a block width that likely resulted from the work of Swarr 
and Krauss21, and the results are shown in Figure 2.12. The locking parameters for the two alloys are very 
similar, thus potentially showing the significance of the block width12. However, Heslop and Petch78 
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showed manganese alloying changes the locking parameter of ferritic iron. So, the fact that manganese 
alloying does not affect the locking parameter for martensite is intriguing.  
 
 
Figure 2.12 The 0.2% offset yield strength versus inverse root of the block width for an Fe-0.2C-2Mn 
lath martensite12 and an Fe-0.2C lath martensite21. All alloy compositions are in wt pct. 
For the Fe-0.2C alloy, tensile testing was performed by Swarr and Krauss21, and the block 
width was calculated by Morito et al.12 from the prior austenite grain size. Data digitized 
and re-plotted from Morito et al.12. 
 
The results from Morito et al.12 are promising for predicting the strength of martensitic steels, 
however, Fe-Ni lath martensites behave very differently. Takaki et al.63 investigated a Fe-18Ni (wt pct) 
fully lath martensitic alloy and Figure 2.13a shows the block width versus PAGS. Additionally, the Fe-
0.2C alloys investigated by Morito et al.12 are shown. The block width increases much more rapidly with 
PAGS for the Fe-18Ni alloy than it does for the Fe-0.2C alloys. Figure 2.13b shows the 0.02% offset 
yield strength versus inverse square root of the block width for the Fe-18Ni alloy. There is not a not a 
Hall-Petch relationship using either the PAGS or the block width for the Fe-18Ni alloy, but the strength 
does increase with PAGS refinement. Additionally, it is not expected that there is a Hall-Petch 
relationship with packet size either; Maki et al.28 showed the packet size is linearly related to the PAGS 




Figure 2.13 (a) Block width versus PAGS for Fe-18Ni, Fe-0.2C, and Fe-0.2C-2Mn lath martensites. 
All compositions are in wt pct. (b) The 0.2% offset yield strength versus inverse root of 
the block width and inverse root of the PAGS for the Fe-18Ni lath martensite shown in 
(a). Data digitized and re-plotted from various sources12,40,63. 
 
Lath martensitic microstructures contain a large low angle grain boundary area19,21,71,79. The low 
angle boundaries are the lath boundaries and are expected to only impose limited resistance to dislocation 
glide. However, Ohmura et al.59,60 showed with in situ nanoindentation in a TEM that dislocation pile-up 
does occur at lath boundaries and a critical stress is required for dislocation emission. However, the 
critical stress was not calculated. Additionally, Ohmura et al.59,60 showed that as dislocations approach a 
block boundary, the boundary either absorbs the dislocations or the boundary slips. Experimentally, it was 
not possible for Ohmura et al.59,60 to make the block boundary emit dislocations. Block boundaries within 
a packet are nearly, and in some cases perfectly, {011} planes. Since {011} planes are slip planes, 
boundary sliding is much easier compared to a conventional grain boundary that does not have this 
crystallographic constraint60.  
Shibata et al32 performed micro-bend tests on an Fe-23Ni (wt pct) fully lath martensitic alloy. The 
micro-bend specimens were machined with and without block boundaries in the final specimen. The 
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specimens without a block boundary had significantly higher strength as compared to an interstitial free 
ferritic steel. The higher strength was attributed to the high dislocation density of the martensite, however, 
the dislocation density was not measured and other strengthening mechanisms (such as low angle lath 
boundary pile-up) were not addressed. For the specimens with a block boundary, the strength was higher 
than that of the specimens without a block boundary. Thus it was concluded that block boundaries are 
significant strengthening sources. However, the specimens with a block boundary exhibited significant 
serrated flow after the yield point. This was not addressed fully in the original work and some broad 
speculations were made about what caused the serrated flow32. 
Ohmura and Tsuzaki80 showed that the effect of block boundary strengthening diminishes after 
tempering. It was rationalized that a decrease in block boundary carbide films with tempering reduced the 
effectiveness of a block boundary to strengthen. If boundary carbide films are present in the as-quenched 
condition, all block boundaries regardless of crystallographic similarities will contribute to strength 
because dislocations cannot move through a carbide easily and the boundary cannot slide. However, the 
boundary carbide films were not shown by Ohmura and Tsuzaki80.  
Roberts15 shows that there is Hall-Petch relationship between the yield strength and packet size. 
Since the packet size is linearly related to the block size for Fe-Mn alloys, the block size shows a Hall-
Petch relationship with yield strength. The Fe-Mn alloys do not have boundary carbides, but the 
strengthening effect still seems apparent. Due to the discrepancies in the results found for the effective 
grain size, Morris et al.24,25 states that the effective grain size controlling strength in martensite is related 
to some multiple of block width. However, this multiplying factor is not discussed and there is no 
experimental data to determine it. In all of the preceding work trying to predict the strength of martensite 
from an effective grain size point of view, the dislocation density was not rigorously studied. It was 
assumed that the dislocation density contributes significantly to the intercept (σo) of a Hall-Petch 
relationship, and that it does not vary with PAGS. The validity of these assumptions have come into 
question with recent work. 
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2.3.2 Dislocation Strengthening 
Historically44,72,81, the dislocation density of lath martensite is measured as a function of carbon 
concentration using a TEM. Samples are thinned to electron transparency and dislocations are imaged in a 
TEM. The foil thickness is measured using a convergent beam technique and the dislocation line length 
per unit volume is calculated. Figure 2.14 shows the dislocation density of as-quenched lath martensites 
versus wt pct carbon. Kehoe and Kelly44 found a strong increase in dislocation density with carbon 
concentration for Fe-C alloys. Norström72 found a similar strong increase in dislocation density with 
carbon concentration for Fe-C-Mn alloys, but the overall dislocation density was less. Morito et al81 
measured the dislocation density for Fe-C martensites up to 0.8C (wt pct). The dislocation density 
increased with carbon concentration up to 0.6C, but slightly dropped for 0.8C martensite. At carbon 
concentrations greater than 0.6C, the martensite is no longer fully lath martensitic and internal twinning 
occurs within the martensite laths. The shift to internal twinning and the increased retained austenite is 
possibly the cause of the dislocation density drop. 
 
 
Figure 2.14 The dislocation density versus wt pct carbon for lath martensites. It is possible that 
internal twinning occurred in the 0.8C alloy investigated by Morito et al.81 For all 
researchers, the dislocation density was measured in a TEM and the foil thickness was 
determined with a convergent beam method. Data digitized and re-plotted from various 
sources44,72,81. 
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The dislocation density is one of, if not, the most significant strengthening mechanisms. 
However, large uncertainties are typical for dislocation density measurements in a TEM, but XRD can be 
used to decrease the uncertainty. A full explanation of the method used to extract the dislocation density 
from XRD data is given in Chapter 3. However, for the current discussion it is noted that Takebayashi 
et al.82 validated the XRD technique for martensitic steels.  
Takaki et al.40,63 investigated the dislocation density as a function of PAGS for an Fe-18Ni 
(wt pct) lath martensite, and Figure 2.15 shows the as-quenched dislocation density versus PAGS. The 
dislocation density decreases with increasing PAGS. The decrease in dislocation density is also correlated 
with an increase in block width (Figure 2.13a), a decrease in strength (Figure 2.13b), and an increase in 
martensite start temperature (MS)40. It is proposed that the dislocation density is a stronger strengthening 
mechanism than the grain size term63. 
 
 
Figure 2.15 The initial dislocation density versus PAGS for a Fe-18Ni (wt pct) fully lath martensitic 
alloy. The dislocation density was calculated from XRD peak broadening82. Data 
digitized and re-plotted from Takaki et al.63. 
 
The strengthening due to dislocations is potentially very potent and typically follows a Taylor 
hardening model83, 
 
𝜎𝑦𝑠 = 𝜎𝑜 + 𝑚𝛼𝐺𝑏𝜌
0.5    
2.2 
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where σo is a fitting constant that is not influenced by dislocation density, m is the average Taylor 
factor, α is a fitting constant, G is the shear modulus, b is the Burgers vector, and ρ is the dislocation 
density. Further discussion and application of the Taylor hardening model is given in Chapter 6. The 
Taylor hardening model can be applied to the Fe-18Ni alloy studied by Takaki et al.40,63, and Figure 2.16 
shows the 0.2% offset yield strength versus the square root of initial dislocation density of the as-
quenched martensite. It is apparent that the increase in strength found with PAGS refinement may in fact 
be related to the dislocation density differences. 
 
 
Figure 2.16 The 0.2% offset yield strength versus square root of the initial dislocation density for an 
Fe-18Ni (wt pct) fully lath martensitic alloy. The dislocation density was calculated from 
XRD peak broadening82. Data digitized and re-plotted from Takaki et al.63. 
2.3.3 Microyielding and Elastic Limit of Lath Martensite 
Figure 2.17 shows the true stress versus true strain curves obtained by Swarr and Krauss21 for an 
Fe-0.2C (wt pct) alloy in the as-quenched and lightly tempered (400 ºC / 1 min) conditions. As-quenched 
martensite is well known to be the strongest microstructure for a steel alloy1–4. However, as-quenched 
martensite has continuous yielding at low strains accompanied with rapid work hardening. Thus, the 
initial yield point (elastic limit) can be very low with respect to the ultimate tensile strength (UTS)21,63,84. 
Tempering can increase the elastic limit as shown in Figure 2.17, but the UTS is reduced. Microyielding 
effects were not directly investigated, but it was shown that for an as-quenched sample with an UTS near 
1500 MPa, initial yielding occurred below 700 MPa. After tempering at 400 ºC for 1 min in a lead bath, 
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the UTS was reduced to approximately 1050 MPa and the elastic limit increased to near 910 MPa. The as-
quenched condition had a lower elastic limit compared to the tempered condition, but the as-quenched 
condition had a significantly higher strain hardening rate at true strains below 1%. 
 
 
Figure 2.17 True stress versus true strain for an Fe-0.2C (wt pct) alloy in the as-quenched and light 
tempered conditions (400 ºC / 1 min). Data digitized and re-plotted from Swarr and 
Krauss21. 
 
Takaki et al.40,63 studied the microyielding of a Fe-18Ni (wt pct) lath martensite in the as-
quenched condition. A range of austenitizing temperatures were employed to vary the PAGS, and the 
UTS was found to vary with austenitizing temperature. Figure 2.18 shows the engineering stress versus 
engineering strain flow curves for the various austenitizing temperatures. The tensile strength differences 
between the various PAGS conditions were attributed to the dislocation density differences (Figure 2.15). 
However, the elastic limit was found to be ~300 MPa for all conditions, so it was concluded that the 
elastic limit of ultra-low carbon Fe-Ni lath martensite is not directly related to any microstructural feature 
size and initial dislocation density. Additionally, it should be noted that the elastic limit found is 
essentially the intercept of a Taylor hardening model as was shown in Figure 2.16. 
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Figure 2.18 Engineering stress versus engineering strain flow curves for Fe-18Ni (wt pct) lath 
martensite. Each flow curve corresponds to a different austenitizing temperature and 
correspondingly different PAGS, block width, and dislocation density. Data digitized and 
re-plotted from Takaki et al.40,63. 
2.3.4 Plastic Deformation of as-quenched Lath Martensite (Dislocation Substructure) 
The deformation substructure of martensite can provide insight into the micro- and macro-
yielding properties. Swarr and Krauss21 investigated the dislocation substructure of Fe-0.2C (wt pct) lath 
martensite. The as-quenched condition consisted of typical auto-tempered lath martensite, which is shown 
in Figure 2.19a. The lath boundaries can be discerned and some auto-temper carbides are present (white 
and black arrows, respectively).  
With tensile deformation up to the UTS, an intralath dislocation cell structure was developed. 
Figure 2.19b shows a representative TEM micrograph of the as-quenched lath microstructure after tensile 
deformation where the black arrows correspond to the developed dislocation cells. The micrograph also 
appears to show dislocation pile-up at the lath boundaries, which is indicated by the increased contrast at 
some of the lath boundaries (white arrows). Lath boundaries are low angle boundaries (typically less than 
3º) and are thought to be transparent to dislocation motion. However, it was shown by Ohmura et al.59,60 
that dislocation pile-up at lath boundaries does occur, but eventually a critical stress is reached and 




Figure 2.19 (a) TEM bright field micrograph of as-quenched Fe-0.2C (wt pct) lath martensite. Black 
arrows indicate the auto-temper carbides and white arrows shows lath boundaries (b) 
TEM bright field micrograph of as-quenched Fe-0.2C lath martensite tensile deformed. 
Black arrows indicate dislocation cells. White arrows indicate lath boundaries with 
increased contrast, likely due to dislocation accumulation. TEM micrographs taken from 
Swarr and Krauss21. 
 
Takaki et al.40,63 investigated the dislocation substructure of lath martensite in a Fe-18Ni (wt pct) 
lath martensite in the as-quenched and 2% tensile strained conditions. In the as-quenched condition, a 
random dislocation distribution was found within martensite laths, which is shown by the TEM 
micrograph in Figure 2.20a. The authors propose that the low elastic limit of martensite is related to the 
mobile dislocations within the microstructure. The mobile dislocations are the tangle free regions of the 
dislocations (white arrows: Figure 2.20a). After 2% tensile strain, a faint dislocation cell structure was 
developed, which is shown by the TEM micrograph in Figure 2.20b. The dislocation cell substructure 
within the martensite laths (black arrows: Figure 2.20b) is similar to the structure found by Swarr and 




Figure 2.20 (a) TEM bright field micrograph of as-quenched Fe-18Ni (wt pct) lath martensite. White 
arrows indicate free mobile dislocations. (b) TEM bright field micrograph of 2% tensile 
strained Fe-18Ni lath martensite. Black arrows indicate dislocation cell structure 
developed with tensile strain. TEM micrographs taken from Takaki et al.40,63. Arrows 
were applied to the micrographs after personal communication with Dr. Takaki85. 
 
Takaki et al.40,63,86 further investigated dislocation density evolution as a function of strain. 
Figure 2.21 shows the dislocation density versus engineering strain. The as-quenched condition had the 
highest dislocation density and the dislocation density rapidly decreased with microyielding to a plateau 
at approximately 0.6% strain. Tensile strains greater than 2% were not investigated, but as-quenched 
samples that were cold rolled to 5% reduction had dislocation densities consistent with the plateau 
observed in tension. The authors propose that upon straining, mobile dislocations move and 
approximately half of the dislocations in the microstructure annihilate63. Thus, the low elastic limit and 
initial strain accommodation in martensite is due to the motion of these mobile dislocations. The high 
strength of martensite is due to the evolution of the dislocation substructure, which the authors propose is 
the formation of the dislocation cell structure starting at a strain of approximately 0.6%. 
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Figure 2.21 Dislocation density versus engineering strain (open circles). Closed square is an as-
quenched Fe-18Ni martensite 5% cold rolled. Data digitized and re-plotted from Takaki 
et al.40,63. 
 
Takaki et al.40,63 further investigated dislocation density as a function of PAGS for the as-
quenched 5% cold rolled Fe-18Ni lath martensite; Figure 2.22a shows the dislocation density versus 
PAGS. The as-quenched conditions shown are the same as that in Figure 2.15. After cold rolling, all 
conditions showed a distinct drop in dislocation density similar to Figure 2.21. Additionally, after cold 
rolling, the dislocation density was not as sensitive to PAGS as the as-quenched conditions. Figure 2.22b 
shows the 0.2% offset yield strength versus PAGS for as-quenched and as-quenched 5% cold rolled Fe-
18Ni samples. The drop in dislocation density in Figure 2.22a is accompanied with an increase in 
strength. Additionally, the 0.2% offset yield strength is not as sensitive to PAGS. Takaki et al.40,63 
proposed that the higher strength of the cold rolled samples is due to the dislocation cell structure shown 
in Figure 2.20b and the low strength of the as-quenched conditions is due to the free mobile dislocations 




Figure 2.22 (a) The initial dislocation density versus PAGS for an Fe-18Ni (wt pct) lath martensite in 
the as-quenched and 5% cold rolled conditions. The dislocation density was calculated 
from XRD peak broadening82. (b) The 0.2% offset yield strength versus PAGS for the 
conditions shown in (a). Data digitized and re-plotted from Takaki et al.40,63. 
 
2.3.5 Tempering Effects on Martensite Dislocation Substructure and Tensile Properties 
Similar to tensile deformation, tempering also promotes reorganization of the martensite 
dislocation substructure. Swarr and Krauss21 investigated the dislocation substructure of quenched and 
tempered Fe-0.2C martensitic steel samples. After tempering for 1 min at 400 ºC, the elastic limit was 
increased, and the UTS significantly decreased (Figure 2.17). Caron and Krauss79 performed TEM 
characterization of the same alloy and showed that the low angle boundary area per unit volume rapidly 
decreased with short tempering times. Since low angle grain boundaries are often composed of 
dislocations, the authors observation implies that the dislocation density was reduced. Therefore, the 
reduction in UTS after tempering found by Swarr and Krauss could simply be due to the total dislocation 
density reduction. However, a reduction in dislocation density does not explain the increase in elastic 
limit in the tempered condition compared to the as-quenched condition; but the dislocation substructure in 
the tempered condition was much different compared to the as-quenched condition. Figure 2.23a shows a 
representative TEM micrograph of tempered Fe-0.2C martensite. After tempering at 400 ºC, a dislocation 
cell structure was developed (black arrows). Following the proposed mechanism for microyielding by 
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Takaki et al.40,63,85, the higher elastic limit in the tempered condition was due to the defined dislocation 
cell structure and corresponding lower initial mobile dislocation density compared to as-quenched 
martensite. Figure 2.23b shows a representative TEM micrograph of tempered Fe-0.2C martensite that 
was deformed in tension to the UTS. The distinct dislocation cell structure is not as well defined as that in 
Figure 2.23a, but significant dislocation pile up occurred at the remaining lath boundaries. The lath 
boundaries were likely retained after tempering because significant carbides decorate the boundaries 
(white arrows).The dislocation pile-up at the lath boundaries is similar to that shown for the as-quenched 
and deformed conditions in Figure 2.19b. Thus, it is possible that the lath boundaries contribute to 




Figure 2.23 (a) TEM bright field micrograph of quenched and tempered Fe-0.2C lath martensite. 
Black arrows indicate the dislocation cells formed during tempering. (b) TEM bright field 
micrograph of quenched and tempered Fe-0.2C lath martensite tensile deformed. White 
arrows indicate the carbides along lath boundaries formed during tempering. Micrographs 
taken from Swarr and Krauss21. 
2.4 Martensite Toughening Mechanisms 
The dislocation density has been shown to be critical for strength of lath martensite. However, an 
increased dislocation density increases the ductile to brittle transition temperature (DBTT) by 
approximately 6 ºC for every MPa increase in strength1,87. However, grain size refinement is thought to 
decrease the DBTT by approximately 10 ºC for every MPa increase in strength.  
Petch88 found that the cleavage fracture stress of mild ferritic steel has the same relationship with 
effective grain size as the yield strength 
35 
 
𝜎𝐹 = 𝜎𝑜 −  𝑘𝑓𝐷
−1/2 
2.3 
where σF is the fracture strength, σo is a fitting constant that is not influenced by the grain size, kf 
is a constant, and D is the effective grain size. For lath martensites, the fracture stress is typically greater 
than the yield strength at temperatures near 23 ºC (RT). Thus, at RT most alloys with lath martensitic 
microstructures exhibit ductile fracture. However, as temperature decreases, the yield strength increases, 
but the fracture stress remains relatively constant. The relationship between the fracture strength and yield 
strength is conveniently visualized in a Yoffee diagram62. Figure 2.24 shows a schematic of the Yoffee 




Figure 2.24 Applied stress versus temperature, which is referred to as Yoffee diagram62, illustrating 
the relationship between fracture strength, yield strength, and ductile to brittle transition 
temperature (DBTT). 
 
Conventionally, the DBTT is determined from CVN testing. Samples are tested over a range of 
temperatures and the DBTT is defined from the toughness versus temperature curves. However, For CVN 
testing, the fracture strength cannot be determined. Therefore, Eq. 2.3 is extended to another form62 to 
predict the DBTT; 
 
𝐷𝐵𝑇𝑇 = 𝑇𝑜 − 𝐾 𝐷
−1/2 2.4 
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where To is fitting constant that is not influenced by the effective grain size, K is a fitting 
parameter that incorporates ky and kf in Eq. 2.1 and 2.3, and D is the effective grain size. If it is assumed 
that the effective grain size is the same for Eq. 2.1 and 2.3, as is the case for ferritic steels69,78,88, and the 
yield strength has a linear relationship with temperature for a small range of temperatures near the DBTT, 
Eq. 2.1, 2.3, and 2.4 can be combined to form the following equation; 
 
𝐾 = − [
𝑑𝜎
𝑑𝑇
] (𝑘𝑓 − 𝑘𝑦) 2.5 
where 𝑑𝜎
𝑑𝑇
 is the derivative of the equation defining the yield strength as function of temperature. 
For ferritic steels61,62,89, kf is always greater than ky. Therefore, with grain size refinement, the fracture 
strength will increase to a greater degree than yield strength. Figure 2.25 shows graphically the change in 
fracture strength and yield strength simply due to grain size refinement. Since the fracture strength 
increases to a greater extent than yield strength with decreasing grain size, the DBTT decreases with grain 
size refinement.  
 
 
Figure 2.25 Yoffee diagram from Figure 2.24 (dotted lines) with the resulting increase in fracture 
strength and yield strength due to grain size refinement. With grain size refinement, the 
DBTT is lowered even though the yield strength increases. 
 
It was shown in Section 2.3.1 that the effective grain size for strengthening is not well 
understood. Similar issues arise for determining the effective grain size for martensite toughness. 
Experimentally, it was determined with light optical microscopy and scanning electron microscopy, that 
37 
the cleavage fracture features of martensite are similar in size to the packet size14,15,18. Thus, it seems 
appropriate to use the packet size as the effective grain. Figure 2.26 shows the DBTT (as defined as the 
20J TT) versus inverse square root of the packet size for various Fe-Mn massive martensites. Also shown 
is the DBTT versus inverse square root of the ferrite grain size for Fe-Mn alloys and pure Fe. Following 
Eq. 2.4, there is a reasonable fit between the DBTT and effective grain size. Additionally, the fitting 
parameter (K) in Figure 2.26 for the martensitic samples is comparable to the locking parameter for the 
ferritic samples.  
 
 
Figure 2.26 The ductile to brittle transition temperature (as defined as the 20J TT) versus inverse root 
of the grain size for various Fe-Mn alloys. For the martensitic samples (αʹ), the packet 
size is used. For the ferritic samples (α), the equiaxed ferrite grain size is used. All 
compositions are in wt pct. Data digitized and re-plotted from Roberts15. 
 
Iron carbon lath martensites show a similar relationship between toughness and packet size as that 
of the Fe-Mn martensites. Figure 2.27a shows the 50% fracture appearance transition temperature 
(50% FATT) versus inverse root of the packet size for an 0.17C (wt pct) lath martensite14. There is a 
strong linear relationship between the 50% FATT and inverse square root of the packet size, thus it is 
possible that the packet size may be the appropriate effective grain size. Packet size refinement not only 
changes the DBTT, it also changes the upper shelf energy of a CVN curve. Figure 2.27b shows the CVN 
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absorbed energy versus test temperature for a 0.3C (wt pct) lath martensite18. The packet size was not 
reported in the original work, but the PAGS was. With PAGS refinement (also corresponding to 
reductions in packet size and block size), the CVN curve shifts to lower temperatures and the upper shelf 
energy increases. The mechanism controlling the increase in upper shelf energy was not explored in the 




Figure 2.27  (a) The 50% fracture appearance transition temperature versus inverse root of the packet 
size for an Fe-0.17C lath martensite tempered at 170 ºC for 2 h. A linear regression was 
performed and is given in the plot. (b) The CVN absorbed energy versus test temperature 
for a Fe-0.3C lath martensite tempered at 450 ºC for 90 min. Two different PAGS 
conditions are shown. Data digitized and re-plotted from various sources14,18. 
 
The packet size is a useful measurement and can be used to predict the DBTT reasonably. 
However, the packet size may not be the true effective grain size. Within a packet, multiple Bain variants 
are present. The Bain variants represent regions of conserved {001} cleavage. At the boundaries of the 
Bain variants, which are typically block boundaries, the crack must deflect by more than 15º to remain on 
a {001} plane. Thus, Morris et al.16,25,62,90 proposed that the effective grain size for the DBTT is the 
coherence length of {001} planes. Figure 2.28 shows an EBSD inverse pole figure (IPF) map of a low 
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temperature fractured Fe-9Ni (wt pct) lath martensite16. The trace of A {001} planes is nearly parallel to 
the trace of the fracture surface for most of the fracture surface studied. Thus, Morris et al.16 propose that 
the effective grain size for the DBTT is similar to block size because the coherence length of {001} 
planes is similar to the block size.  
 
 
Figure 2.28 EBSD inverse pole figure map of a low temperature fracture Fe-9Ni (wt pct) lath 
martensite. The 2D {001} plane traces are shown for a few regions as white lines. See 
original reference for more information on the color coding. EBSD inverse pole figure 
map taken by Morris et al.16. (color image – see PDF copy)  
 
Tsuboi et al.17 performed a similar investigation to Morris et al.16 on an Fe-0.1C-2Mn (wt pct) 
lath martensite alloy. Sub-sized CVN specimens were fractured at -180 ºC, sectioned, mounted, and 
EBSD was performed along the fracture surface. The PAGS was approximately 330 µm, but the packet 
and block size were not reported. Figure 2.29a shows a representative secondary electron image of the 
microstructure up to the fracture surface. Figure 2.29b shows the corresponding EBSD image quality (IQ) 
map with block boundaries highlighted as thin black lines, packet boundaries highlighted as thick black 
lines, and a prior austenite grain boundary highlighted as a thick broken white line. Similar to Morris 
et al.16, the fracture surface trace is predominately parallel to the {001} plane traces (white lines). Thus, 
Tsuboi et al.17 also proposed the block size as the effective grain size.  
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Figure 2.29 Images taken from Tsuboi et al.17. (a) Secondary electron image of a CVN fracture 
surface. (b) Corresponding EBSD image quality map with {001} plane traces shown as 
solid white lines. Block boundaries are highlighted as thin black lines, packet boundaries 
are highlighted as thick black lines, and a prior austenite grain boundary is highlighted as 
a thick broken white line. 
2.5 Thermomechanical Processing Effects on Martensite 
Thermomechanical processing can produce a range the high temperature austenitic 
microstructures6. Depending on the deformation temperature, several microstructural features change in 
the austenite that are directly transferred to the martensite upon quenching. Deformation temperatures 
above the austenite recrystallization temperature (TR) can produce a recrystallization texture than can be 
transferred to the martensite. Similarly, deformation temperatures below the TR can produce a 
deformation texture than can be transferred to the martensite. Additionally, deformation temperatures 
below the TR can produce deformation bands in the austenite, which directly affect the martensitic 
transformation48,91,92. For the current work, only the effects of deformation below the TR are addressed. 
Deformation below the TR is reported to cause martensite variant selection, martensitic microstructural 
refinement, and anisotropic properties.  
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2.5.1 Martensite Microstructure Refinement 
Weiss8 showed that the block size and packet size differs between specimens processed via TMP-
DQ and RA/Q processes for 0.12C and 0.19C (wt pct) lath martensites. Figure 2.30 shows the block size 
versus PAGS for the 0.19C alloy studied by Weiss8. The block size for all DQ conditions was less than 
the RA/Q condition, and the largest difference between block sizes was observed between the steels 
processed by RCR-DQ and RA/Q. 
 
 
Figure 2.30 Block size versus prior austenite grain size (PAGS) for the 0.19C (wt pct) ASTM A514 
alloy. The block size was found by etching the microstructure and analyzing in an SEM. 
Data digitized and re-plotted from Weiss8. 
 
At the time of Weiss’s work, EBSD was not readily available to crystallographically differentiate 
martensite blocks. Thus, the block size was measured by etching the microstructure and imaging in an 
SEM, which involves some subjectivity. Zhao et al.93 performed EBSD scans on CR-DQ, RCR-DQ, and 
RA/Q microstructures from a 0.19C (wt pct) alloy with a lath martensite microstructure. The block size 
was measured from the high angle boundaries mapped with EBSD, and Figure 2.31a shows the block size 
versus processing condition. The CR-DQ condition has the smallest block size and the RA/Q condition 
has the largest. This is qualitatively confirmed by analyzing the EBSD inverse pole figure maps with the 
high angle boundaries highlighted black shown in Figure 2.31b through 2.31d. The results from Zhao 
et al.93 are likely more representative of the effects of TMP-DQ processing. Compared to RA/Q 
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processing, RCR-DQ processing results in a fine recrystallized austenite matrix, which transforms to a 
refined lath martensite microstructure, and CR-DQ processing results in highly elongated and internally 






Figure 2.31 Data and figures taken from Zhao et al.93. (a) Block size versus processing condition 
from a 0.19C (wt pct) alloy with a lath martensite microstructure. The block size was 
found from EBSD scans. (b) EBSD inverse pole figure map for the CR-DQ condition. (c) 
EBSD inverse pole figure map for the RCR-DQ condition. (d) EBSD inverse pole figure 
map for the RA/Q condition. (color image – see PDF copy) 
2.5.2 Martensite Variant Selection. 
When martensite is transformed from an elongated austenitic microstructure, the deformation 
texture is inherited through the transformation47,48,92,94. Miyamoto et al.92 reported that for a low alloy 
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0.15C (wt pct) lath martensite, variant selection occurs after ausforming, leading to texture in the as-
quenched martensite. Figure 2.32 shows a plot of the fraction of martensite variants within an austenite 
grain for both non-ausformed and ausformed conditions (up to 50%). In the non-ausformed condition 
(Figure 2.32a), all of the variants are present in approximately equal amounts. As ausforming increased 
(Figure 2.32b through 2.32d), the fraction of variants from closed-packed plane #1 (CP1) and CP3 
increased. The closed-packed plane terminology refers to the austenite closed-packed plane from which 
the martensite variants transformed. For a K-S OR, there four closed-packed planes, and six variants are 
associated with each plane (Section 2.2.3). 
 
Figure 2.32 The volume fraction of martensite variants from four 0.15C (wt pct) lath martensites 
produced with and without axisymmetric compression. (a) Equiaxed prior austenite 
grains, 0% compression. (b) 10% austenite axisymmetric compression prior to quench, 
(c) 30% austenite axisymmetric compression prior to quench. (d) 50% austenite 
axisymmetric compression prior to quench. Figure taken from Miyamoto et al.92. 
 
Additionally, Miyamoto et al.92 showed that the CP1 and CP3 planes in Figure 2.32 correspond to 
the active slip planes in the austenite. Figure 2.33 shows an EBSD inverse pole figure map from a 0.15C 
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(wt pct) lath martensite produced from austenite that was 30% axisymmetrically compressed92. The 
austenite active slip plane traces shown as solid white lines. Prior austenite grain boundaries are shown as 
broken white lines. The compression axis is vertical in the image. Most of the martensite blocks align 
with an active slip plane. Therefore, it was concluded that martensite variants with habit planes parallel to 
the deformation bands preferentially transform. The long direction of the martensite blocks is parallel to 
the trace of the habit plane. 
 
 
Figure 2.33 The traces for the active slip planes are shown for a few prior austenite grains as solid 
white lines. Prior austenite grain boundaries are highlighted with broken white lines. 
Martensite blocks with habit planes nearly parallel to the deformation bands in the 
austenite preferentially formed, thus leading to a textured microstructure. EBSD inverse 
pole figure map taken from Miyamoto et al.92. (color image – see PDF copy) 
2.5.3 Tensile and Charpy Toughness Properties 
Taylor and Hansen7 investigated a 0.1C-1.4Mn-0.5Mo-B (wt pct) lath martensite microalloyed 
with varying amounts of vanadium (0 to 0.24 wt pct). The alloy was processed with and without TMP-
DQ processing, and all samples were tempered at 620 ºC for 1 h. Figure 2.34 shows the 0.2% offset yield 
strength versus vanadium microalloying. For each level of V alloying, the strength increases in the 
following order: RA/Q<HR-DQ<CR-DQ. The HR-DQ condition has improved strength over the RA/Q, 
though the HR-DQ condition has the largest PAGS and the RA/Q condition has the smallest PAGS.  
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Figure 2.34 The 0.2% offset yield strength versus vanadium microalloying for tensile bars machined 
transverse to the rolling direction. The samples were obtained from a 0.1C-1.4Mn-
0.5Mo-B (wt pct) alloy processed to obtain lath martensite microstructures with and 
without TMP. Data digitized and re-plotted from Taylor and Hansen7. 
 
Weiss8 investigated the strength differences of TMP-DQ and RA/Q martensitic steels 
microalloyed with and without vanadium in both the as-quenched and tempered conditions. Figure 2.35a 
shows the 0.2% offset yield strength versus tempering temperature (for 1 h) for the 0.12C (wt pct) alloy 
without vanadium microalloying. Similar to the results of Taylor and Hansen7, the strength follows the 
following trend: RA/Q<HR-DQ<CR-DQ. Additionally, similar to Taylor and Hansen7, the HR-DQ 
condition had the largest PAGS and the RA/Q condition had the smallest PAGS. 
Figure 2.35b shows the 0.2% offset yield strength versus tempering temperature (for 1 h) for the 
0.19C (wt pct) alloy without vanadium microalloying. Similar to 12C alloy, the HR-DQ condition had the 
largest PAGS and the RA/Q condition had the smallest PAGS. After high temperature tempering 
(625 ºC), similar to the results of Taylor and Hansen7 and the 12C alloy, the strength follows: RA/Q<HR-





Figure 2.35 (a) The 0.2% offset yield strength versus tempering temperature (for 1 h) for a 0.12C 
(wt pct) alloy. The strength increases in the following order: RA/Q<HR-DQ<CR-DQ for 
all conditions. (b) The 0.2% offset yield strength versus tempering temperature (for 1 h) 
for a 0.19C (wt pct) alloy. The strength after high temperature tempering (625 ºC) 
increases in the following order: RA/Q<HR-DQ<CR-DQ for all conditions. Data 
digitized and re-plotted from Weiss8. 
 
Taylor and Hansen7 also investigated the toughness properties of the alloys shown in Figure 2.34. 
Figure 2.36a shows the 20J TT versus vanadium microalloying for CVN specimens machined transverse 
to the rolling direction. For the base alloy (0V), the 20J TT decreases in the following order: HR-
DQ>RA/Q>CR-DQ. For all conditions, the 20J TT increases with vanadium microalloying; however, the 
strength also increases (Figure 2.34). The strength and toughness balance is discussed in Section 2.6. 
Figure 2.36b shows the CVN absorbed energy versus test temperature for the base alloy (0V) in 
Figure 2.36a. The CR-DQ and HR-DQ conditions have significantly lower upper shelf energies than the 
RA/Q condition. The reduced upper shelf energy could have been due to grain size differences. In 
Figure 2.27b, it was shown that an increase in PAGS can result in a higher DBTT and reduced upper shelf 
energy. The mechanisms controlling the toughness properties found by Taylor and Hansen7 were not 
determined in the original work; however, it is evident that the CR-DQ condition has the potential for 




Figure 2.36 (a) The 20J TT versus vanadium microalloying for CVN bars machined transverse to the 
rolling direction (see inset). The samples were taken from a 0.1C-1.4Mn-0.5Mo-B 
(wt pct) alloy processed to produce lath martensite microstructures. (b) The CVN 
absorbed energy versus test temperature for the base alloy (0V) in (a). Data digitized and 
re-plotted from Taylor and Hansen7. 
2.5.4 Anisotropic Properties (Tensile and CVN) 
Lath martensites produced by a TMP-DQ procedure can have significant anisotropic properties. 
Weiss8 studied a 0.19C (wt pct) alloy with a lath martensite microstructure that was produced by CR-DQ, 
RCR-DQ, HR-DQ, and RA/Q. Figure 2.37a shows the 0.2% offset yield strength (in both the longitudinal 
and transverse directions) versus processing condition for samples tempered at 625 ºC for 1 h. The CR-
DQ condition had heavily elongated prior austenite grains and subsequently had the most significant 
anisotropy. However, the properties in both the transverse and longitudinal directions were superior to the 
HR-DQ and RA/Q conditions. The anisotropy in tensile properties was still significant at the ultimate 
tensile strength, as shown in Figure 2.37b. Similar to the 0.2% offset yield strength, the CR-DQ condition 





Figure 2.37 (a) The 0.2% offset yield strength versus processing condition for the 625 ºC tempered 
condition (1 h) of a 0.19C (wt pct) alloy. Transverse and longitudinal tensile properties 
are shown for each processing condition (circles and squares, respectively). (b) The 
ultimate tensile strength versus processing condition for the conditions shown in (a). Data 
digitized from Weiss8. 
 
The TMP-DQ conditions also have anisotropic CVN properties. Muckelroy67 performed CVN 
tests on a proprietary Caterpillar steel that was subjected to direct-quench processing (proprietary 
processing conditions) to form lath martensite. The alloy is a Ti-Nb microalloyed steel with 0.14C and 
1.2Mn (wt pct) that had significant prior austenite grain elongation, which is indicative of a CR-DQ 
processing history. However, the tempering condition is not known67. Figure 2.38 shows the CVN 
absorbed energy versus test temperature curves for the Caterpillar DQ steel. The samples machined 
transverse to the RD show the lowest upper shelf energy and highest DBTT likely because the crack 
propagates in the direction of prior austenite grain elongation. It was shown in Figure 2.27a that a larger 
PAGS results in lower upper shelf energies and higher transition temperatures. 
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Figure 2.38 The CVN absorbed energy versus test temperature for the CAT DQ alloy. The samples 
are lath martensite from a microalloyed 0.14C-1.21Mn (wt pct) steel that was processed 
with a proprietary TMP-DQ process. Prior austenite grains were elongated in the RD 
direction indicative of rolling below the TR. The CVN properties were measured in the 
transverse and longitudinal directions (see inset). Data digitized and re-plotted from 
Muckelroy67. 
2.6 Strength and Toughness Balance 
CR-DQ processing has the potential for producing high strengths in the as-quenched and the 
tempered conditions along with low DBTTs. Figure 2.39 shows the 20J TT versus 0.2% offset yield 
strength for the Fe-C lath martensite alloys studied by Taylor and Hansen7. For all processing conditions, 
vanadium microalloying increases strength and the 20J TT, and the CR-DQ processing condition has the 
highest strength and lowest 20J TT. Additionally, for any processing condition, the HR-DQ condition has 
higher strength compared to the RA/Q condition, but the HR-DQ condition also has a higher 20J TT at 
the highest strength.  
Weiss8 conducted CVN tests and tensile tests on a tempered 0.19C (wt pct) boron containing lath 
martensite alloy microalloyed with and without vanadium. For both tempering conditions studied, the 
CR-DQ condition had the best strength and toughness balance8 (low DBTT and high yield strength). 
Figure 2.40a shows the 20J TT versus 0.2% offset yield strength for the conditions tempered at 230 ºC for 
1 hour. Vanadium microalloy additions effectively increased the strength and lowered the 20J TT for both 
the CR-DQ and RA/Q conditions. Therefore, for lower temperature tempering conditions, vanadium 
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microalloying is beneficial. However, vanadium was detrimental to toughness after higher temperature 
tempering. Figure 2.40b shows the 20J TT versus 0.2% offset yield strength for the 625 ºC - 1 h tempered 
conditions. Again, the CR-DQ condition shows the best strength and toughness balance, but for all 
conditions, vanadium increased the strength and the 20J TT. 
 
Figure 2.39 The 20 Joule transition temperature versus 0.2% offset yield strength for a 0.1C-1.4Mn-
0.5Mo-B (wt pct) lath martensite microalloyed with vanadium and tempered at 620 ºC for 
1 h. Data digitized and re-plotted from Taylor and Hansen7. 
  
  
Figure 2.40 (a) The 20 Joule transition temperature versus 0.2% offset yield strength for the 0.19C 
and 0.19C-0.06V (wt pct) lath martensite alloys that were tempered at 230 ºC for 1 h. (b) 
The 20 Joule transition temperature versus 0.2% offset yield strength for the 0.19C and 
0.19C-0.06V (wt pct) lath martensite alloys that were tempered at 625 ºC for 1 h. Data 
digitized and re-plotted from Weiss8. 
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Figure 2.40a shows that when tempering at 230 º for 1 h, vanadium microalloying can increase 
the yield strength and reduce the 20J TT. However, Figure 2.40b shows that when tempering at 625 º for 
1 h, vanadium microalloying can increase the yield strength, but it reduces the 20J TT. Therefore, alloys 
containing vanadium microalloying are not ideal to assess the martensitic features fundamentally 
controlling the 20J TT. Figure 2.41 shows the 20J TT versus 0.2% offset yield strength for the 230 ºC and 
625 ºC - 1 h tempered conditions for the 19C (wt pct) alloy studied by Weiss8. For the 230 ºC tempered 
condition, the strength differences between processing conditions are relatively small, but the CR-DQ 
condition does have the highest strength. However, the RA/Q condition has the lowest 20J TT. For the 
625 ºC tempered condition, the strength differences between the different processing conditions is 
significant. The CR-DQ condition has a significantly higher strength, compared to the other conditions, 
and the CR-DQ condition has the lowest 20J TT. The low 20J TT coupled with high strength 
demonstrates the potential benefits of CR-DQ processing. 
 
 
Figure 2.41 The 20 Joule transition temperature versus 0.2% offset yield strength for a 0.19C (wt pct) 
lath martensite in all processing conditions tempered at 230 ºC and 625 ºC for 1 h. Data 
digitized and re-plotted from Weiss8. 
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2.7 Summary 
The preceding summary of previous research demonstrates that there is contradictory evidence 
about the strengthening and toughening mechanisms in lath martensites. Historically, an effective grain 
size for martensitic strengthening and toughening has been used with a Hall-Petch relationship. However, 
newer work showed that in addition to grain size refinement, the dislocation density changes. The change 
in dislocation density could be a source of the strength differences rather than the grain size differences.  
The toughness of lath martensite has most frequently been attributed to the effective grain size; 
where the packet size is frequently used. However, newer EBSD work has shown that the cleavage 
fracture of martensite may be controlled by the coherence length of {001} planes, which is similar to the 
block size. This idea was only shown for a few select conditions and there was not a systematic variation 
in block size to address the validity of using the block size to predict the DBTT. 
TMP-DQ processing has been shown to increase strength and in some cases reduce the DBTT. 
For steels with small microalloy additions, the differences in strength are attributed to precipitation 
differences. However, the same strength differences are found in the as-quenched and the tempered 
conditions of alloys without microalloy additions. Therefore, there is some ambiguity about mechanisms 




EXPERIMENTAL DESIGN AND METHODOLOGY 
 
This chapter provides an overview of the experimental design and methodology. The analysis 
techniques and methods used to investigate the dissertation objectives are presented, and additional 
background information is given where it is appropriate. 
3.1 Experimental Design 
The current section provides the research questions addressed and outlines the experimental 
matrix used. Details of the experimental matrix can be found in Section 3.3. 
3.1.1 Research Questions 
The scope of the project is to investigate the dominant strengthening and toughening mechanisms 
in low-C lath martensitic steels microalloyed with titanium, vanadium, niobium, and boron. Based on the 
broad research objectives outlined in Chapter 1, the following research questions were specifically 
addressed: 
1. What are the crystallographic, microstructural, and substructural changes associated with 
thermomechanical processing followed by direct-quenching (TMP-DQ) as compared to 
the conventional reaustenitizing and quenching (RA/Q) process? 
2. What are the controlling strengthening mechanisms of lath martensite in the as-quenched, 
low temperature tempered (LTT), and high temperature tempered (HTT) conditions for 
both RA/Q and TMP-DQ processing? 
3. What are the controlling mechanisms for the low temperature toughness of lath 
martensite in the as-quenched, LTT, and HTT conditions for both RA/Q and TMP-DQ 
processing? 
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3.1.2 Experimental Matrix Overview 
A range of equiaxed prior austenite grain sizes (PAGS) was produced and quenched to martensite 
in a Gleeble® 3500. The martensitic microstructure was characterized and the mechanical properties were 
extracted for the as-quenched, LTT, and HTT conditions. The same range of equiaxed PAGS was 
subjected to controlled rolling direct-quench (CR-DQ) processing simulations, thus producing a range of 
pancaked PAGS. CR-DQ processing was simulated by adding a uniaxial compression step below the 
austenite recrystallization temperature (TR) and above the Ar3. The resulting martensitic microstructure 
was characterized in the as-quenched, LTT, and HTT conditions.  
The characterization techniques consisted of light optical microscopy (LOM), scanning electron 
microscopy (SEM), transmission electron microscopy (TEM), and x-ray diffraction (XRD). LOM was 
used to characterize the PAGS and morphology. SEM was used with electron backscatter diffraction 
(EBSD) techniques to map the various crystallographic orientations of the martensitic microstructure, 
characterize microstructural features, and analyze crystallographic texture. TEM was used to investigate 
the martensitic lath structure and the dislocation substructure. XRD was used to measure the dislocation 
density and “crystallite” size. The term “crystallite” is used for consistency with XRD literature and is not 
used to denote the martensite lath size. In general, all of the aforementioned techniques were used on all 
of the heat treatment conditions studied. 
The controlling features for the strength of martensite were investigated by heat treating round 
tensile bars with equiaxed PAG in a Gleeble® 3500. Room temperature tensile properties were measured 
and compared with the martensite microstructural features that were characterized. The microstructure-
strength relationship in the TMP PAG conditions was evaluated by using Vickers microhardness 
measurements. Additionally, the tensile deformation work hardening behavior of the equiaxed PAG 
conditions was investigated with interrupted tensile tests and analysis of the dislocation density evolution. 
The controlling features for the toughness of martensite were investigated by heat treating Charpy 
V-Notch (CVN) bars with equiaxed PAG in a Gleeble® 3500. CVN properties were measured and 
analyzed in light of the martensite microstructural features that were characterized. Additionally, CVN 
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specimens fractured at -197 ºC were investigated by sectioning samples perpendicular to the fracture 
plane and characterizing the underlying microstructure. The interaction of the fracture path with the 
microstructure was analyzed with an SEM and EBSD to assess the fracture behavior.  
Sub-sized CVN specimens from the 12C-V alloy that was used in the Ph.D. thesis of Weiss8,38,64 
and the post-doctoral work of Foley64–66 were acquired to further assess the effect of TMP-DQ processing. 
Mechanical properties, other than Vickers microhardness, were not measured from the Gleeble® CR-DQ 
compression samples. Therefore, with newer microscopy techniques, such as EBSD, additional 
information was collected for the TMP-DQ conditions of the 12C-V alloy that complements the work of 
Weiss8,38,64 and Foley64–66 and the TMP conditions generated in the current study. 
3.2 Experimental Material 
ASTM A514 steels with 0.2C (wt pct) and two different levels of niobium (Nb) microalloying 
were selected for investigation. Table 3.1 shows the chemical compositions (in wt pct) of the 
experimental alloys. The 0.2C alloys (HNb and LNb) were used in the Ph.D. thesis of Nowill95 for a 
hardenability study. Also shown in Table 3.1 is the 0.12C alloy (12C-V) that was used in the Ph.D. thesis 
of Weiss8. The 12C-V alloy was acquired as tempered sub-size CVN specimens (Section 3.3.3).  
Table 3.1 - Experimental Chemical Compositions 
wt pct C Mn Si Ni Cr Mo Ti B 
HNb 0.20 1.27 0.25 0.13 0.13 0.12 0.029 0.0014 
LNb 0.20 1.26 0.23 0.08 0.12 0.12 0.033 0.0013 
12C-V 0.12 1.43 0.23 0.04 0.04 0.29 0.029 0.0013 
  
wt pct Nb V Al N S P Cu Ca 
HNb 0.021 0.006 0.029 0.009 0.003 0.009 0.20 0.001 
LNb 0.003 0.006 0.035 0.008 0.004 0.010 0.20 0.001 
12C-V <0.005 0.06 0.02 0.006 0.005 0.013 0.05 - 
 
3.2.1 Microalloy Precipitation Behavior 
To properly design heat treatments for the HNb and LNb alloys, the solubility of various 
microalloying elements was assessed. The experimental alloys were microalloyed with Ti, Nb, V, and B 
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additions. The solubility of various microalloy precipitates relevant to the experimental alloys has been 
studied by several researchers87,96–99 and the general solubility product equation is: 
 




where [M] is the concentration of metal atom, [X] is the concentration of nonmetal atom, T is the 
absolute temperature (in Kelvin), and A, B are empirical constants. Various solubility product parameters 
relevant to the experimental alloys are summarized in Table 3.2. The relevant carbides for the 
experimental steels are niobium carbides (NbC), titanium carbides (TiC), and vanadium carbides (VC). 
The relevant nitrides for the experimental steels are titanium nitrides (TiN), aluminum nitrides (AlN), 
niobium nitrides (NbN), and boronitrides (BN). 
 
Table 3.2 – Solubility Product Parameters for Various Precipitates in Low Carbon Steels  
log(ks) A B Reference 
log[Nb][C] 2.06 6700 96 
log[Ti][C] 5.33 10475 97 
log[V][C] 6.72 9500 87 
log[Ti][N] 3.82 15020 97 
log[Al][N] 1.79 7184 98 
log[Nb][N] 2.80 8500 97 
log[B][N] 5.24 13970 99 
  
From Eq 3.1 and Table 3.2, solubility product curves were plotted for the various carbides and 
nitrides. Figure 3.1a shows a plot of the solubility product curves for the nitrides in Table 3.2 as a 
function of temperature. A large absolute value of log(ks) indicates a larger driving force for precipitation. 
Therefore, Figure 3.1a shows that upon cooling, TiN precipitation has the largest driving force followed 
by BN precipitation. Thus, for an alloy with Ti and N additions, TiN precipitation occurs first. 
The experimental alloys have Ti to N ratios that are approximately stoichiometric (~3.41). 
Assuming that all of the Ti precipitates as TiN precipitates, the majority of N is taken out of solid 
solution, which protects the majority of boron in solid solution for conventional austenitizing 
temperatures. Figure 3.1b shows the solubility of TiN at 1400 ºC. Since the amount of Ti and N is in 
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excess of the solubility product curve at 1400 ºC, the experimental alloys precipitate TiN (consuming free 
nitrogen) during the initial continuous casting, and reaustenitizing temperatures greater than 1400 ºC are 
required to fully dissolve TiN precipitates.  
  
(a) (b) 
Figure 3.1 (a) Solubility product curves for the various nitrides presented in Table 3.2. (b) Solubility 
of TiN precipitates at 1400 ºC for the three experimental alloys in the current study 
(Table 3.1). 
 
Table 3.3 shows the amount of excess Ti, N, and B for the experimental alloys. After TiN 
precipitation, the HNb alloy has a slight excess of N (5 ppm), which likely precipitated as BN. For BN 
precipitates, the stoichiometric ratio is ~0.77, and therefore 4 ppm of B may have been taken out of 
solution. The amount of B removed from solid solution may reduce the hardenability of the HNb alloy 
compared to the other alloys, but with 1.27Mn and 0.001B in solid solution, the HNb alloy is expected to 
have a high hardenability regardless of its potential for BN precipitation. Additionally, the volume 
fraction of BN precipitation is assumed to be minimal and not affect any mechanical properties. The LNb 
and 12C-V alloys have excess Ti after TiN precipitation; thus, the excess B is equal to the nominal 
composition (Table 3.1). 
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Excess N, ppm 
Before BN precipitation 
Excess B, 
ppm Stoichiometric Ratios 
Ti:N – 3.41 
B:N – 0.77 
HNb - 5 10 
LNb 57 - 13 
12C-V 85 - 13 
  
Figure 3.2a shows a plot of the solubility product curves for the carbides in Table 3.2 as a 
function of temperature. TiC precipitation is likely in the LNb and 12C-V alloys because the two alloys 
have a slight excess of Ti (57 and 85 ppm respectively). However, the amount of TiC precipitation that 
can occur is minor. In contrast, NbC precipitation is potentially significant in the HNb alloy. Figure 3.2b 
shows the solubility of NbC precipitates. For the HNb alloy, all of the Nb is in solution at equilibrium at 
1250 ºC; at 1200 ºC, 0.013 wt pct Nb is in solution at equilibrium, and at 900 ºC, essentially all of the Nb 




Figure 3.2 (a) Solubility product curves for the various carbides presented in Table 3.2. (b) 
Solubility of NbC precipitates for two of the experimental alloys in the current study 
(Table 3.1). 
 
Each of the solubility products in Table 3.2 assumes no other precipitation occurs and microalloy 
elements are in solution before precipitation. Elements present in preexisting precipitates change the 
kinetics of precipitation and the solubility product equations. Nb can exist as a substitutional atom in TiN 
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precipitates and precipitate out in carbonitrides (Nb(C,N)) at lower temperatures. Additionally, 
preexisting precipitates act as heterogeneous nucleation sites for other precipitates. NbC, TiC, and 
manganese sulfide (MnS) precipitates can nucleate on TiN precipitates and result in a “capping” 
morphology of TiN precipitates. 
Nowill95 examined carbon extraction replicas of the HNb for a few heat treatment conditions. 
After austenitizing the as-received plates (hot-rolled and air cooled) at 900 ºC for 35 min followed by 
quenching, the TiN precipitates were enriched with Nb and NbC caps were found on a significant amount 
of TiN particles. Figure 3.3a shows a representative TEM micrograph of the carbon extraction replicas 
with NbC caps on TiN precipitates. Austenitizing at 1200 ºC for 35 min followed by quenching produced 
TiN precipitates that were not enriched with Nb, and NbC caps were not observed. Figure 3.3b shows a 





Figure 3.3 TEM carbon extraction replica micrographs taken from Nowill95. Both micrographs are 
for heat treatments conducted on the HNb alloy. (a) Carbon extraction replica showing 
Nb rich TiN particles and NbC caps on TiN particles after a 900 ºC 35 min heat 
treatment. (b) Carbon extraction replica showing Nb free TiN particles after a 1200 ºC 
35 min heat treatment. 
 
Nowill95 additionally studied a secondary hold temperature before quenching. Figure 3.4a shows 
the representative heat treatment profile and Figure 3.4b shows the TEM micrograph of the carbon 
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extraction replica. It was found that when holding at 850 ºC for 30 h after a 1200 ºC hold, NbC 
heterogeneously precipitates on TiN precipitates. Additionally, the TiN particles were enriched with Nb. 
Originally, Nowill95 expected borocarbides (B23C6) to precipitate at 850 ºC during the 30 h hold, but 




Figure 3.4 (a) Example heat treatment profile performed by Nowill95 on the HNb alloy (b) TEM 
carbon extraction replica micrograph taken from Nowill95 for the HNb alloy heat treated 
with the profile shown in (a). Micrograph shows Nb rich TiN particles and NbC caps on 
TiN particles.  
 
3.3 Material Processing and Test Matrix Outline 
Various heat treatments were designed for the HNb and LNb alloys to produce a range of 
austenite grain sizes with and without thermomechanical processing. The two alloys were received as 
31.75 mm (1.25”) thick hot-rolled and air cooled plates. All sample geometries were machined from the 
¼ depth of the plates; Figure 3.5 shows a schematic of the sample locations from the cross-section of the 




Figure 3.5 Schematic representation of machined sample locations in the as-received HNb and LNb 
plates. 
 
Initial work on the two alloys consisted of heat treatments in a Carbolite® CWF1200 furnace. A 
small controlled Ar-atmosphere INCONEL® box was built to regulate the atmosphere surrounding the 
samples, and titanium strips were put in the box to act as oxygen getters. Samples were attached to the lid 
of the box with an INCONEL® wire. At the end of the heat treatment, the lid and samples were quenched 
in agitated brine water. The Carbolite® furnaces cannot go to a high enough temperature to fully 
solutionize the Nb in the HNb alloy (1250 ºC). Therefore, Quartz encapsulations were done with a few 
samples for heat treatments at 1250 ºC in a bottom drop furnace. Samples were removed from the furnace 
and the quartz was broken under water to obtain a high quench rate. 
After the initial heat treatments, three specimens were machined as round 5 mm diameter tensile 
specimens, and tensile testing was performed following the procedures discussed in Section 3.9.2. The 
0.2% offset yield strength was measured for all heat treatment conditions and the standard deviation of 
the three samples was between 80 to 120 MPa which is consistent with other studies65,68,95. However, for 
the current heat treatments, the range of tensile properties in the as-quenched condition is less than 
150 MPa. Thus, the standard deviation found was not considered acceptable. A small matrix of Gleeble® 
heat treatments was designed to decrease the standard deviation, which resulted in standard deviations 
typically less than 15 MPa. The Gleeble® precisely controls the thermal profile of the samples and has 
the capability of adding CR-DQ simulations.  
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The following sub-sections summarize the various thermal histories for the heat treatments 
conducted in a Gleeble® 3500. Additionally, the heat treatment profiles for the 12C-V alloy that were 
used by Weiss8 are summarized. 
3.3.1 Gleeble® Equiaxed PAG Processing (HNb and LNb Alloys) 
All heat treatments were conducted with Type-K control thermocouples attached to the 
specimens. Type-K thermocouples are known to “drift” when holding steel samples at temperatures above 
1000 ºC. Type-R thermocouples would have provided a more accurate reading of the temperatures during 
the austenitizing holds. However, Type-R thermocouples are much more expensive and are difficult to 
reliably weld to a sample. For the current study, consistency from sample to sample was critical and was 
easily achieved with Type-K thermocouples. 
A matrix of heat treatments was designed to consistently produce an equiaxed PAGS range of ~5 
to 75 µm in a Gleeble® 3500. Various sample geometries were heat treated for microstructural 
characterization, tensile testing, and CVN testing. Samples for microstructural characterization and tensile 
testing were Ø10 mm, 72 mm long bars (heat treat blanks). The typical isothermal hot zone for Ø10 mm 
is less than 4 mm, so copper “hot grips” were used to expand the isothermal zone to approximately 
10 mm. Samples for CVN testing were 10x10 mm square, 55 mm long bars (CVN blanks); standard 
copper grips were used for the heat treatments. Samples were austenitized in a vacuum (<10-4 mTorr) and 
quenched with compressed helium. Quench rates were achieved with industrially pure helium gas with a 
pressure of approximately 689 kPa (100 psi). A linear quench rate of -130 ºC/s from 800 ºC to 400 ºC was 
typically achieved and the quench system was used to cool samples below 50 ºC. All samples labeled “as-
quenched” (AsQ) refer to this quench procedure.  
Figure 3.6 shows a schematic of the heat treatments and Table 3.4 provides the parameters of the 
heat treatments including heating rate, austenitizing temperatures, soak times, quench rates, and 
reaustenitizing temperature (where applicable). To produce large prior austenite grain sizes (greater than 
50 µm), samples were austenitized at either 1250 ºC or 1200 ºC for 12 min or 24 min (respectively), and 
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quenched to below 50 ºC. To produce small prior austenite grain sizes (less than 20 µm), samples were 
austenitized at 1200 ºC for 12 min, quenched to below 50 ºC, reaustenitized at 900 ºC or 1000 ºC for 
5 min or 7 min (respectively), and quenched to below 50 ºC.  
To ensure that all samples transformed only to martensite, the cooling curves were analyzed. 
Figure 3.7 shows the typical cooling curve acquired after austenitizing at 900 °C and then quenching. The 
cooling curve shows a distinct excursion only between 300 and 400 °C, which is likely due to martensitic 
transformation. From the empirical equation developed by Andrews100 for a low-C low alloy steel, the 
calculated martensite start temperature (MS) is near 410 ºC. A bainitic transformation would show a 
similar excursion in the cooling curve but at a higher temperature. From the empirical equation developed 
by Steven and Haynes101 for a low-C low alloy steel, the bainite start temperature (BS) is near 630 ºC. 
 
Figure 3.6 Example heat treatment profile to produce a range of equiaxed PAGS conditions. 
Experimental details for the heat treatment profile are provided in Table 3.4 
 
Table 3.4 – HNb and LNb Equiaxed PAG Heat Treatment Schedules. 
Heat Treatment Label      1250 1200 1200-RA1000 1200-RA900 units 
Heating Rate 10 10 10 10 °C/s 
Austenitizing Temp 1250 1200 1200 1200 °C 
Soak Time 1 24 12 12 12 min 
Quench Rate 1 130 130 130 130 °C/s 
Reaustenitizing Temp - - 1000 900 °C 
Soak Time 2 - - 7 5 min 





Figure 3.7 Representative cooling curve for equiaxed PAG conditions produced in a Gleeble®. 
Martensitic transformation can be seen from the significant change in cooling rate during 
the transformation. The cooling curve shown is from a 900 ºC austenitizing heat 
treatment (HNb alloy with 1200-RA900 heat treatment). 
 
After the Gleeble® heat treatments, some of the as-quenched specimens were tempered either at 
200 °C for 1 h (low temperature temper (LTT)) or 600 °C for 1 h (high temperature temper (HTT)). The 
microstructure and mechanical properties of the as-quenched, LTT, and HTT conditions were assessed by 
a range of techniques, which are summarized in Table 3.5. The sample labeling notation used shows that 
HNb and LNb alloys as H or L followed by the heat treatment. The prior austenite grain size (PAGS) and 
Vickers microhardness was found for every heat treatment condition. Tensile properties were measured 
for most conditions. Charpy V-Notch (CVN) properties were measured from the HNb alloy in the as-
quenched and tempered conditions. Dilatometry was performed on a few conditions from the HNb alloy 
and is presented in Appendix C. Electron backscattered diffraction (EBSD) was conducted on all 
conditions for the HNb alloy. X-ray diffraction (XRD) was performed on all samples to determine the 
dislocation density. Transmission electron microscopy (TEM) was performed on select conditions from 
the HNb alloy. 
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Table 3.5 - Summary of Analysis Techniques used for Equiaxed Heat Treatment Conditions 
Heat Treatment Temper PAGS Vickers Tensile CVN MS EBSD XRD TEM 
H1250 AsQ         
H1200 AsQ         
H1200-RA1000 AsQ     - -  - 
H1200-RA900 AsQ         
H1250 LTT -    -   - 
H1200 LTT -    -   - 
H1200-RA900 LTT -    -   - 
H1250 HTT -    -    
H1200 HTT -    -    
H1200-RA900 HTT -    -    
L1250 AsQ    - - -   
L1200 AsQ    - - -   
L1200-RA1000 AsQ    - - -  - 
L1200-RA900 AsQ    - - -  - 
L1250 HTT -  - - - -  - 
L1200 HTT -  - - - -  - 
L1200-RA900 HTT -  - - - -  - 
 
3.3.2 Gleeble® TMP PAG Processing (HNb and LNb Alloys) 
Thermomechanical processing (TMP) was simulated for the HNb and LNb alloys with hot 
isothermal compression testing in a Gleeble® 3500 on Ø10 mm, 15 mm long cylinders. Grafoil® graphite 
sheets (Ø12.7 mm (0.5”)) were used as a lubricant between the sample and compression platens to 
prevent excessive bulging. Tantalum foils (12x12 mm) were used on each side of the graphite sheets, 
thereby restricting carbon diffusion into the specimen. A Ni-based high temperature anti-seize paste was 
used between all of the layers of foils and sheets to hold everything together. Figure 3.8 shows a 
schematic of the compression setup used to optimize isothermal conditions in the samples. The 
temperature across the length of the sample typically varied by less than 15ºC. After compression, quench 
rates were achieved with industrially pure helium gas at approximately 689 kPa (100 psi). Due to the 
limitations of the Gleeble® 3500 configuration, high quench rates could not be maintained at low 




Figure 3.8 Gleeble® isothermal compression testing schematic.  
 
Boratto et al.102 developed an empirical equation to determine the austenite no-recrystallization 
temperatures (TNR) of low-C, low alloy steels; 
 
𝑇𝑁𝑅 = 887 + 464𝐶 + (6445𝑁𝑏 − 644√𝑁𝑏) + (732𝑉 − 230√𝑉) + 890𝑇𝑖 + 363𝐴𝑙 − 357𝑆𝑖 3.2 
From Eq. 3.2, the HNb and LNb alloys have a TNR of 955 ºC and 910 ºC, respectively. The TNR is 
the temperature at which recrystallization becomes incomplete. For the current work, completely 
pancaked austenite grains were desired so the effects of PAG morphology could be addressed. Therefore, 
deformation was performed below the austenite recrystallization temperature (TR). The TR is the 
temperature at which recrystallization is completely suppressed. Bodnar et al.29 empirically found that the 
TR is 50 ºC lower than the TNR;  
 
𝑇𝑅 = 𝑇𝑁𝑅 − 50          °C 3.3 
From Eq. 3.3, the HNb and LNb alloys have TR temperatures above 850 ºC (905 ºC and 860 ºC, 
respectively). Thus, deformation for both alloys was performed at 850 ºC, which ensured that the 
austenite grains would be pancaked and recrystallization would be minimized. All TMP samples were 
first austenitized to obtain identical equiaxed austenite grain sizes as the non-TMP conditions (Table 3.4); 
in other words, each equiaxed grain size condition had a counterpart that was subjected to TMP. After 
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austenitizing, the TMP samples were cooled to the deformation temperature of 850 ºC. Samples were held 
at 850 ºC for 5 min before compression to allow the system to thermally stabilize. 
Figure 3.9 shows example heat treatment profiles for the TMP conditions. The heat treatment 
procedures in Table 3.4 applies to the heat treatment profiles in Figure 3.9 up to the point in which the 
samples were cooled at -2.5 ºC/s to the deformation temperature of 850 ºC. To produce large pancaked 
prior austenite grain sizes (greater than 40 µm), samples were austenitized at either 1250 ºC or 1200 ºC 
for 12 min or 24 min (respectively), cooled at -2.5 ºC/s to 850 ºC, held for 5 min, compressed, and 
immediately quenched. To produce a small prior austenite grain size (less than 10 µm), samples were 
austenitized at 1200 ºC for 12 min, quenched to below 50 ºC, reaustenitized at 900 ºC for 5 min, cooled 
at -2.5 ºC/s to 850 ºC, held for 5 min, compressed, and immediately quenched. Single and double hit 
compression tests were performed at the deformation temperature with deformation set to approximately 
0.2 true strain (ε) per pass with a strain rate of 3 s-1 and a 10 s interpass time. The deformation parameters 
are similar to industrially relevant parameters of a small-scale laboratory rolling mill67 and also to the 
parameters used in the empirical determination of Eq. 3.2. Samples were immediately quenched following 
deformation to avoid any austenite recovery. 
 
 
Figure 3.9 TMP heat treatment profile used to produce a range of equiaxed austenite grain sizes 
before compression. 
Figure 3.10 shows a representative thermal history for the double hit compression step from the 
HNb alloy with a 1200 ºC austenitizing temperature (H1200-0.4). During the deformation steps, some 
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reheating occurred. During the first deformation step, the sample temperature increased by less than 7 ºC. 
The Gleeble® temperature control returned the sample to 850 ºC within 2 s of the first deformation step. 
During the second deformation step, the specimen temperature increased by less than 12 ºC. The samples 
were immediately quenched with compressed helium after this second deformation step. 
 
Figure 3.10 Representative thermal history for double hit compression step. The thermal profile 
shown is from the HNb alloy with a 1200 ºC austenitizing temperature (H1200-0.4). 
 
Figure 3.11 shows representative cooling curves of the TMP PAG (H1200-RA900-0.4) and 
equiaxed PAG (H1200-RA900) conditions. The cooling curves for the TMP PAG conditions were 
slightly different than the equiaxed PAG conditions. Cooling to the martensite transformation was 
essentially the same but after the martensite transformation, the quench system was not able to maintain 
as high of a quench rate for the TMP PAG conditions. The isothermal compression setup is designed to 
keep the entire sample isothermal and in doing so, the compression platens must be heated to a 
temperature near or equal to that of the sample. The platens are thermally isolated from the Gleeble® 
system to avoid heat loss by radiation. During the quench step, only the sample was quenched. The 
platens remain at a much higher temperature than the sample; thus they continually try to reheat the 
sample through conduction. To avoid reheating, the samples were physically removed from the Gleeble® 
chamber at around 200 ºC and quenched to room temperature in a small DI water bath. The differences in 
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the cooling curves for the different processing conditions are not expected to result in any major 
differences in autotempering of the samples. 
 
Figure 3.11 Cooling curve comparisons for the equiaxed PAG (H1200-RA900) and TMP PAG 
(H1200-RA900-0.4) conditions. The TMP samples were physically removed from the 
Gleeble with a pair of pliers resulting in inaccurate temperature readings for a brief 
period. 
 
Compression can result in significant specimen bulging depending on the frictional conditions at 
the platens. Figure 3.12 shows a representative TMP sample before (Figure 3.12a) and after 0.4 true strain 
compression (Figure 3.12b) with the compression axis (CA) indicated for the H1200-RA900-0.4 
condition. The bulging in the TMP specimens was minimal. However, samples were sectioned following 
the procedures outlined in Section 3.4 and microstructural analysis was performed near the center of the 




Figure 3.12 Macro-photographs of TMP compression samples before and after 0.4 compression. (a) 
As-machined compression sample Ø10 mm x 15 mm. (b) as-quenched 0.4 true strain 
compression sample (H1200-RA900-0.4).  
After the Gleeble® heat treatments, some of the as-quenched specimens were tempered either at 
200 °C for 1 h (low temperature temper (LTT)) or 600 °C for 1 h (high temperature temper (HTT)). The 
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microstructure and mechanical properties of the as-quenched, LTT, and HTT conditions were assessed by 
a range of techniques, which are summarized in Table 3.6. The prior austenite grain size (PAGS) and 
Vickers microhardness were found for every heat treatment condition. EBSD was conducted on some of 
the HNb alloy conditions. XRD was performed for some of the HNb alloy conditions to determine the 
dislocation density and crystallite size. TEM was performed on select conditions from the HNb alloy. 
 
Table 3.6 - Summary of Analysis Techniques used for TMP Heat Treatment Conditions 
Heat Treatment Strain Temper PAGS Vickers EBSD XRD TEM 
H1250 0.2 AsQ   - - - 
H1200 0.2 AsQ   - - - 
H1200-RA900 0.2 AsQ   - - - 
H1250 0.4 AsQ      
H1200 0.4 AsQ      
H1200-RA900 0.4 AsQ      
H1250 0.4 LTT -    - 
H1200 0.4 LTT -    - 
H1200-RA900 0.4 LTT -    - 
H1250 0.4 HTT -     
H1200 0.4 HTT -     
H1200-RA900 0.4 HTT -     
L1250 0.4 AsQ   - - - 
L1200 0.4 AsQ   - - - 
L1200-RA900 0.4 AsQ   - - - 
 
 
3.3.3 Laboratory Scale Plates (12C-V Alloy) 
Since CVN properties were not determined for the TMP PAG Gleeble® samples, sub-sized CVN 
specimens (5x10 mm, 55 mm long) were acquired from the work of Foley64–66. These samples were 
already machined and the alloy was also used in the Ph.D. thesis of Weiss8. The specimens were 
machined from laboratory scale plates that were rolled and direct-quenched; Figure 3.13 shows the TMP 
history. The specimens analyzed were from the hot-rolled DQ (HR-DQ), recrystallized controlled rolled 
DQ (RCR-DQ), controlled rolled DQ (CR-DQ), and reaustenitized and quenched (RA/Q) conditions. The 
HR-DQ plate (Figure 3.13a) was austenitized at 1260 ºC, hot-rolled to a finish rolling temperature (FRT) 
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of 1055 ºC, and water quenched. The RCR-DQ plate (Figure 3.13b) was austenitized at 1185 ºC, hot-
rolled, air cooled to 1025 ºC, rolled to a FRT of 930 ºC, and water quenched. The CR-DQ plate 
(Figure 3.13c) was austenitized at 1175 ºC, hot-rolled, air cooled to 955 ºC, rolled to a FRT of 865 ºC, 
and water quenched. The reaustenitized and quenched (RA/Q) plate was hot-rolled following 
Figure 3.13a, air cooled instead of water quenched, reaustenitized at 900 º for 1 h, and water quenched. 
 
 
Figure 3.13 Heat treatment profiles for the 12C-V alloy. Data reproduced from Weiss8. Open symbols 
are thermocouple readings and solid black lines are the interpreted thermal profile 
between thermocouple readings. 
 
The sub-sized CVN specimens were acquired in various tempered conditions where the 
tempering temperatures ranged from 350 ºC to 650 ºC and tempering times ranged from 1 h to 64 h. For 
the current work, the 350 ºC - 1 h, 400 ºC - 30 h, 600 ºC - 1 h, and 600 ºC - 64 h samples were used. The 
various tempered conditions that were assessed are summarized in Table 3.7 along with the different 
analysis techniques used. The 400 ºC - 30 h samples were only used to determine the PAGS and 
morphology of the samples. The 350 ºC - 1 h and 600 ºC - 1 h samples were fractured a -197 ºC and used 
for detailed analysis with EBSD. XRD was performed on various samples to determine the dislocation 
density and crystallite size. Additionally, TEM was performed on select conditions  
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Table 3.7 - Summary of Analysis Techniques used for 12C-V Samples 
Label Processing 
Temper: 
ºC / h 
PAGS Vickers EBSD XRD TEM 
111 CR-DQ 350 / 1 -    - 
126 CR-DQ 400 / 30  - - - - 
161 CR-DQ 600 / 1 -     
167 CR-DQ 600 / 64 -    - 
211 RCR-DQ 350 / 1 -    - 
226 RCR-DQ 400 / 30  - - - - 
261 RCR-DQ 600 / 1 -    - 
267 RCR-DQ 600 / 64 -  - - - 
311 HR-DQ 350 / 1 -    - 
326 HR-DQ 400 / 30  - - - - 
361 HR-DQ 600 / 1 -     
367 HR-DQ 600 / 64 -  -  - 
411 RA/Q 350 / 1 -    - 
426 RA/Q 400 / 30  - - - - 
461 RA/Q 600 / 1 -     
467 RA/Q 600 / 64 -  -  - 
 
 
3.4 Sample Preparation for Microstructural Analysis 
This section outlines the standard metallographic procedures used to section, mount, and polish 
samples for microstructural characterization. 
3.4.1 Sample Sectioning 
Samples were sectioned in various orientations for metallography. Sectioning was dependent on 
the sample geometry and the heat treatment conducted. The equiaxed HNb and LNb conditions were 
processed in a Gleeble® 3500 and sectioned to expose the isothermal thermocouple plane. The Ø10 mm 
heat treat blanks were sectioned near the thermocouples; Figure 3.14 shows a representative sectioning 
and mounting schematic with the austenite grain morphology in the plane of interest. The mounted 
samples were used for LOM (PAGS measurements), EBSD (all but fracture surface analysis), XRD, FIB 




Figure 3.14 Sectioning and mounting schematic for the equiaxed HNb and LNb conditions. The light 
optical micrograph on the right is intentionally presented without a scale bar. The 
morphology and size of the prior austenite grains is an over exaggeration with respect to 
the sample geometry. 
 
The TMP HNb and LNb specimens were isothermal in the Gleeble® 3500, so the whole 
specimen cross-section on either side of the thermocouple could be analyzed. The compression samples 
were sectioned to expose a plane in which the pancaked PAG morphology was visible. Figure 3.15 shows 
a schematic of the sectioning and mounting procedure of TMP PAG conditions with the pancaked PAG 
morphology. The samples were sectioned along the compression axis (CA). For all EBSD images 
presented of the TMP conditions, the CA is horizontal and the PAG elongation is vertical. However, for 
all LOM images presented of the TMP conditions, the CA is vertical. The mounted samples were used for 
LOM (PAGS measurements), EBSD, XRD, FIB lift-outs, and Vickers microhardness measurements. 
To ensure that all samples transformed only to martensite, the cooling curves were analyzed. 
Figure 3.7 shows the typical cooling curve acquired after austenitizing at 900 °C and then quenching. The 
cooling curve shows a distinct excursion only between 300 and 400 °C, which is likely due to martensitic 
transformation. From the empirical equation developed by Andrews100 for a low-C low alloy steel, the 
calculated martensite start temperature (MS) is near 410 ºC. A bainitic transformation would show a 
similar excursion in the cooling curve but at a higher temperature. From the empirical equation developed 
by Steven and Haynes101 for a low-C low alloy steel, the bainite start temperature (BS) is near 630 ºC. 
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Figure 3.15 Sectioning and mounting schematic for the TMP HNb and LNb conditions. The light 
optical micrograph on the right is intentionally presented without a scale bar. The 
morphology and size of the prior austenite grains is an over exaggeration with respect to 




Figure 3.16 Sectioning and mounting schematic for the 12C-V conditions. TD, RD, and ND were 
found using EBSD by analyzing the martensite crystallographic texture. The light optical 
micrographs are intentionally presented without a scale bars. The morphology and size of 
the prior austenite grains is an over exaggeration with respect to the sample geometry. 
 
CVN specimens fractured at -197 ºC (Section 3.9.3) from the HNb and 12C-V alloys were Ni-
plated to protect the fracture surfaces during mechanical grinding and polishing. Nickel plating was 
conducted using a Beuhler® EdgeMet kit. Samples were thoroughly cleaned with the Beuhler® pre-clean 
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solution before plating to ensure proper adhesion of the Ni. The EdgeMet solution was mixed in a glass 
beaker and brought up to 85 ºC on a thermocouple feedback temperature controlled hot plate with a glass 
cover over the beaker to minimize evaporation. Samples were placed into the solution and plated for 4 hr. 
After plating, samples were sectioned to expose the base microstructure up to the fracture surface. 
Figure 3.17 shows a schematic of the sectioned samples. For the HNb alloy, EBSD scans were only 
conducted near the fracture surface (Figure 3.17a) and for the 12C-V alloy, scans were performed in 
several locations for full analysis of both the specimen microstructure and crack path-microstructure 





Figure 3.17 Schematic of mounted CVN specimens. (a) The HNb alloy with equiaxed prior austenite 
grains. (b) The 12C-V alloy (all conditions) mounted for EBSD. 
3.4.2 Sample Mounting and Polishing 
Specimens for microscopy work were prepared by conventional mechanical grinding and 
polishing. Tempered samples for microscopy were hot compression mounted in Buehler KonductoMet. 
as-quenched samples were mounted in 32 mm mounts filled with Leco Long-Cure Epoxy. All samples 
were positioned near the edge of the mount which ensured that short working distances could be reached 
in the scanning electron microscopes with the mount tilted to 70º for EBSD work. 
After mounting, the edges of the mount were rounded and the samples ground flat with 80 grit 
silicon carbide (SiC) paper. A Leco Spectrum System 2000 auto-polisher was used for the remaining 
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grinding and polishing. Table 3.8 outlines the grinding and polishing procedure used for all conditions. In 
all steps, the wheel speed was set to 300 rpm and the head speed to 150 rpm in the opposite direction. In 
between steps, samples were rinsed with water and wiped clean with cotton balls. The water was rinsed 
using methanol, and the samples were then quickly dried with hot air. 
 
Table 3.8 – Auto Grinding and Polishing Procedure with a Leco® Spectrum System 2000. 
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Samples for EBSD, carbon extraction replicas, and FIB lift-outs were final polished on a Buehler 
VibroMet® 2 system using a Leco Lecloth and Buehler MasterMet 2 polishing suspension. The 
MasterMet 2 solution provides a mechanical and chemical polish, which improves the surface finish as 
compared to a diamond based solution. Samples were put into stainless steel holders and placed on the 
VibroMet. The VibroMet was operated at 50% of the maximum amplitude and samples were polished for 
4 h. Samples were removed from the VibroMet and rinsed using tap water. Samples were cleaned with a 
cotton ball using a mixture of 2% Allied micro-organic soap in deionized (DI) water. The micro-organic 
soap was rinsed using water and the water was rinsed using methanol followed by drying with hot air. 
After final polishing, samples were ready for carbon extraction replicas. Samples for EBSD and FIB lift-
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outs were air plasma cleaned using a XEI Scientific EVACTRON® CombiClean Decontaminator. Plasma 
cleaning lasted for 30 min at 20 Watts under a 200 mTorr vacuum.  
3.5 Light Optical Microscopy for PAGS Measurements 
In order to reveal the prior austenite grain boundaries, the HNb and LNb alloys were etched in the 
as-quenched condition. The 12C-V alloy was etched in the 400 ºC - 30 h tempered condition. Samples 
were etched in a solution containing 200 mL of DI water, 2.6 grams of picric acid, 6 mL of Teepol, and 
2 mL of hydrochloric acid heated to 65 ºC. Boiling stones were added to the solution to prevent boiling, 
and a temperature controlled hot plate equipped with a thermocouple feedback was used with magnetic 
stirrers to keep the solution well mixed during the etching process. Samples were etched progressively in 
5-10 s steps and after each step, viewed by LOM. Back polishing was performed when necessary with a 
1 µm diamond solution on Lecloth disks. Light optical micrographs were taken with a Leco Olympus 
PMG 3 microscope operated by PAX it! Software. 
PAGS was measured by two techniques primarily. For the equiaxed PAG conditions, a concentric 
circles method was used. Figure 3.18a shows a representative micrograph with concentric circles 
superimposed for the H1250 condition. The micron bar was intentionally left off of the micrographs 
because the ratio of PAGS to the diameter of the concentric circle size is similar for all conditions. The 
intercepts of the circles with the PAG boundaries were counted and with a known circumference of the 
circles, the average intercept length was calculated and reported as the PAGS. For the pancaked 
conditions, cycloid test lines were superimposed on the images with the RD parallel to the width of the 
image103 and Figure 3.18b shows a representative micrograph for the H1250-0.4 conditions. The cycloid 





Figure 3.18 (a) Representative micrograph and implementation of the concentric circles method to 
find the PAGS for the H1250 condition. (b) Representative micrograph and 
implementation of the cycloid method to find an equivalent equiaxed PAGS for the 
H1250-0.4 condition 
3.6 Scanning Electron Microscopy 
This section outlines the operation of a JEOL field emission SEM (FESEM) with a secondary 
electron detector, backscattered electron detector, and electron backscatter diffraction detector. 
Additionally, a FEI Helios microscope was operated with a secondary electron detector and electron 
backscattered diffraction detector. Typically, secondary electron images (SEI) and backscattered electron 
images (BSEI) were captured on the JEOL 7000 FESEM operated at 15 keV and a beam current of 
1.2 nA.  
3.6.1 EBSD Data Collection 
Two different systems were used to collect the various EBSD scans. Scans used for detailed 
analyses of the bulk microstructures and crystallographic textures were collected on a FEI Helios 
NanoLab 600i dual-beam microscope equipped with an EDAX Hikari camera, and EDAX OIM-DC 7.0 
was used to collect and index patterns. Scans of the CVN microstructure up to the fracture surface were 
collected on a JEOL 7000 FESEM equipped with an EDAX DigiView camera, and EDAX OIM-DC 5.2 
was used to collect and index patterns. A hexagonal scan grid was used for all scans in both microscopes 
to maximize resolution.  
79 
A Monte Carlo simulation was performed using a single scattering simulation software 
package104. The software package was used to simulate the interaction volume of a 20 keV electron beam 
in a sample tilted 70º into the electron beam. From the simulation, the interaction area producing 
backscatter electrons was estimated. Thus, the simulation was helpful in determining the smallest step 
size possible for EBSD. Figure 3.19a shows a simple schematic of the interaction volume which 
contributed to backscattered electrons. At the surface of the sample, the interaction profile was elliptical. 
The most critical dimension is δY, which was determined with a Monte Carlo Simulation104. Figure 3.19b 
shows the normalized intensity of backscatter electrons (BSE) from the centerline of the electron beam. 
From the Monte Carlo Simulation, the maximum δY is ~95 nm. Therefore, to prevent overlap between 




Figure 3.19 (a) Schematic illustration of the backscattered electron interaction volume. Schematic 
reproduced from Schwartz et al.105 (b) Monte Carlo simulation of the backscattered 
electron intensity in the Y direction. Broken dark gray line represents the incident 
electron beam (eBeam). 
 
Both microscopes were operated at 20 keV, but the beam currents were different due to machine 
configurations. On the Helios, a current of 22 nA was used and a current of 2.3 nA was used on the JEOL. 
The differences in beam currents should not drastically change the electron beam interaction volume. The 
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EBSD camera parameters were similar for the two setups. An 8x8 pixel binning of the captured pattern 
was used to increase the indexed frames per second (fps) of the scan. The acquisition rate was 385 fps on 
the Helios and 75 fps on the JEOL 7000. Scans used for texture analysis were 500x1000 µm with a step 
size 0.4 µm, and scans used for the detailed analysis of the bulk microstructure were 150x150 µm with a 
step size of 0.1 µm. A 0.1 µm step size was used for scans of the base microstructure up to the fracture 
surfaces, and the size of the scans varied. After data acquisition, scans were cleaned by using a neighbor 
confidence index cleanup, which appeared to be the least invasive.  
To perform EBSD scans, samples were tilted 70º into the electron beam. In the JEOL 7000, the 
stage was tilted 70º and in the Helios, samples were mounted in a 70º pre-tilt holder. For the EBSD maps 
produced from either system, the coordinate system in Figure 3.20a is applicable. The TMP martensitic 
samples were highly textured and for consistency, samples were oriented so that rolling direction (RD) 
aligned with one of the principal axes of the EBSD reference frame. The HNb and LNb alloy TMP 
samples were positioned so that the CA of the sample was parallel to the x-axis of the reference frame as 
shown in Figure 3.20b. The 12C-V alloy samples were positioned so that the RD was parallel to the 




(a) (b) (c) 
Figure 3.20 (a) Example map produced from an EBSD scan with x and y axes of the EDAX reference 
frame labeled. (b) Orientation of the TMP HNb and LNb samples in the EBSD reference 
frame. CA is the compression axis about which the sample is axisymmetric. (c) 
Orientation of the 12C-V samples in the EBSD reference frame. RD is the rolling 
direction. TD is the transverse direction. ND is the normal direction in which rolling 
loads were applied. (color image – see PDF copy) 
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3.7 X-Ray Diffraction 
This section outlines the collection and analysis of x-ray diffraction (XRD) line profiles. XRD 
was conducted primarily to calculate the dislocation density of various samples.  
3.7.1 Line Profile Data Collection 
XRD line profiles were used to calculate the dislocation density and “crystallite size.” Accurate 
measurements of the full-width-half-maximum (FWHM) and the Bragg angle (θB) of the {110}, {200}, 
and {211} peaks were needed for the analysis. A Phillips X’Pert® diffractometer with either Cu-Tube 
(Kα - λ = 0.15406 nm) or Cr-Tube (Kα - λ = 0.228976 nm) sources were available at CSM. Initially, the 
Cu-Tube source was used, but precise measurements of the FWHM could not be made since Cu Kα-
radiation fluoresces steel, leading to lower signal to noise ratios as compared to Cr Kα-radiation. Thus, a 
Cr-Tube source was used for subsequent experiments. Figure 3.21 shows the relative intensity for the Cu-
source and Cr-Source. The Cu-source typically produced a background level about 30% of the {110} 
peak intensity. The Cr-Source typically produced a background level less than 5%. However, the scan 
angles required to capture the entire {211} peak of the as-quenched conditions cannot be reached with Cr 
Kα radiation. Therefore, some user discretion was used to fit curves to the {211} peaks so that reliable 
measurements of the FWHM and θB could be extracted. 
For all XRD lath martensite results in the current document, the Cr-Tube source was used and 
operated at 30 kV and 55 mA. Scans were performed from 64º to 158.9º (in 2θ) with a step size of 0.008º, 
20 s dwell time, 1º convergence slit, and 1º soiler slit. The data was cleaned by removing the Kα2 peaks 
with the HighScore® Plus software package.  
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Figure 3.21 Example XRD data sets from a martensitic microstructure. Intensities were normalized to 
the maximum intensity of the {110} peak (the 100% intense peak). Kα2 peaks have been 
stripped using HighScore® Plus software. 
3.7.2 Dislocation Density Calculations 
The dislocation density of steel can be determined from peak broadening in XRD. Under ideal 
diffraction conditions, the XRD peaks from single crystals are infinitely sharp. However, polycrystalline 
materials in real systems have finite width (β). The width of a peak is attributed to three independent 
terms: instrumental, microstrain, and grain size (<1µm). Depending on the peak profiles, the broadening 
terms can sum to the total broadening106–109. For Lorentzian peak profiles, Eq. 3.4 is valid: 
 
𝛽𝑡𝑜𝑡𝑎𝑙 = 𝛽𝑖𝑛𝑠𝑡𝑟𝑢𝑚𝑒𝑛𝑡𝑎𝑙 + 𝛽𝑠𝑡𝑟𝑎𝑖𝑛 + 𝛽𝑔𝑟𝑎𝑖𝑛 𝑠𝑖𝑧𝑒 3.4 





2 + 𝛽𝑔𝑟𝑎𝑖𝑛 𝑠𝑖𝑧𝑒
2  
3.5 
The instrumental broadening term is easy to quantify, and a simplistic approach was taken for the 
current project. A single crystal wafer of silicon only has one diffraction peak within the scan ranges 
assessed; therefore, a flat wafer of large grain polycrystalline silicon wafer was used as the standard to 
determine broadening. The large grain size does not contribute to any measurable broadening, and the 
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microstrain within the grains is minimal. Figure 3.22 shows a representative scan from 40º to 140º for the 
Si wafer. A background less than 2% of the {111} is typical for the polycrystalline silicon wafer.  
 
 
Figure 3.22 Example XRD data from a polycrystalline silicon wafer. Intensities were normalized to 
the maximum intensity of the {111} peak. Kα2 peaks have been stripped using 
HighScore® Plus software. Si - Silicon wafer scan. 
 
The peaks from the Si scan were analyzed to determine the peak profile type (Figure 3.22 inset). 
Figure 3.23a shows Gaussian and Lorentzian peak profiles. Gaussian peaks are wider than Lorentzian 
peaks at the FWHM, but Gaussian peaks have a more abrupt transition to the background noise. 
Figure 3.23b shows Gaussian and Lorentzian fits to the Si peak profile. It is apparent that the Lorenztian 
profile fits the Si peak better. The Si wafer used does not have strain broadening or grain size broadening 
effects, so Eq. 3.4 simply reduces to βtotal = βinstrumental. Dislocations introduce microstrain into the lattice 
and therefore broaden the XRD peaks. Figure 3.23c shows Gaussian and Lorentzian fits to a martensite 
peak profile. Again, the Lorenztian profile fits the peaks better. Thus, for the remainder of the XRD 
analyses, only Eq. 3.4 is used to account for peak broadening. 
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      (a)          (b)          (c) 
Figure 3.23 (a) Gaussian and Lorentzian example peak profiles. (b) Gaussian and Lorentzian peak 
profiles overlaid on a silicon {311} peak using Cr-radiation. (c) Gaussian and Lorentzian 
profiles overlaid on a martensite {110} peak using Cr-radiation.  
 
The Si peaks were fit individually, and the FWHM and θB values were extracted to determine the 
instrumental broadening as a function of scan angle. Figure 3.24 shows the Si peak broadening versus 
scan angle.  
 
Figure 3.24 Instrumental broadening as calculated from polycrystalline silicon wafer. A 2nd order 
polynomial was fit to the data (Eq 3.6). Uncertainty bars represent the standard deviation 
of three scans. 
 
The peak broadening for the Si scan is the instrumental broadening. A second order polynomial 




𝛽𝑖𝑛𝑠𝑡𝑟𝑢𝑚𝑒𝑛𝑡𝑎𝑙 = 0.10176 − 1.4283(10
−3)(2𝜃) + 1.7580(10−5)(2𝜃) 2    3.6 
Williamson and Hall110 proposed a method for the deconvolution of the grain size and strain 





       
3.7 
where Dµ is referred to as the “crystallite size,” K is a fitting constant, θB is the Bragg angle, and λ is the 
radiation wavelength. Eq. 3.7 was originally derived for nanocrystalline powders where Dµ was the 
crystallite size.  
Much research has been focused on the determination of the fitting constant K, but K depends on 
several factors106–109,111. In general, K is near unity. Klug and Alexander107 found that small errors can be 
expected when determining the crystallite size, but holding K as a constant yields semi-quantitative 
results. For the current work, FWHM values were used and a fitting constant of K = 0.9, which has 
generally been accepted107,108,110,112,113, was used. However, the fitting constant does not have any direct 
physical significance for martensitic microstructures. Therefore, the crystallite sizes measured do not have 
a clear physical meaning, but trends found with the crystallite sizes are assumed to be related to a 
microstructural feature.  
The strain term in Eq. 3.4 can be related to the dislocation density by the Williamson-Hall 
approach assuming that internal stresses are negligible. For martensitic transformations, the internal 
stresses can be significant, however, for the current work internal stresses were assumed to be insensitive 
to PAGS. Thus, the strain term in Eq. 3.4 was related to dislocation density. In the original approach by , 
Williamson and Hall110, the crystallographic x-ray reflection contrast due to strain was not addressed. The 
strain around dislocations has significant effects on the crystallographic peaks in an XRD scan including 
peak broadening, peak intensity changes, and/or peak shifting107,112,114. The factor used to modify the 
Williamson-Hall approach was termed the dislocation contrast factor (C). Revesz et al.114 calculated the 
dislocation contrast factors for the relevant diffraction peaks in BCC iron. The contrast factors are 
anisotropic and depend on the type of dislocation; however, for the current work, the average contrast 
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factor for each peak was used. Table 3.9 summarizes the average dislocation contrast factors as calculated 
by Revesz et al.114. 








For the current study it was assumed that the strain broadening term was predominantly due to the 
dislocations present in the microstructure112,114. The strain term (βε) in Eq. 3.4 is related to the formal 
dislocation density (ρ*)114,115. The formal dislocation density is simply a mathematical representation of 
the dislocation density that does not account for the dislocation distribution115. The strain term is related 
to the formal dislocation density by: 
 
𝜌∗ = 𝐴 𝛽𝜀
2 3.8 
where A is a fitting constant that is affected by the peak profile and other factors. The fitting constant was 
studied in detail by Wilkens113 for a wide range of dislocation densities and peak profiles; it can be 
assumed that A = 3.3.  
The formal dislocation density was related to the true dislocation density (ρ)114,115, which is the 




𝜋 𝑔2 𝑏2 
2
𝜌 3.9 
where g is the diffraction vector ( 2𝑠𝑖𝑛𝜃𝐵
𝜆
 ) and b is the Burgers vector. Combing Eq. 3.8 and Eq. 3.9 and 
rearranging yields: 





𝑔 𝐶1/2 3.10 
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For martensite Lorentzian profile peaks, Eq. 3.10 and Eq. 3.7 were substituted into Eq. 3.4, which 















For simplicity, the FWHM values of martensite peaks are reported in the current work with the 
instrumental broadening (Eq. 3.6) subtracted thus simplifying Eq. 3.11 to: 
 












 𝐶1/2 3.12 
Eq. 3.12 can be rewritten as Eq. 3.13: 
 
𝛥𝐾 = 𝐵 + 𝑚 𝐾 𝐶1/2   𝑤ℎ𝑒𝑟𝑒 𝛥𝐾 =
cos 𝜃𝐵  𝐹𝑊𝐻𝑀
𝜆
 𝑎𝑛𝑑 𝐾 =
2 sin 𝜃𝐵
𝜆
  3.13 
The dislocation density and crystallite size of all conditions were found by performing a linear 
regression of ΔK versus K*C1/2. The slope from the linear regression (m) is related to the true dislocation 
density by114,115: 
 𝜌 =
2 𝐴 𝑚2 
𝜋 𝑏2
 3.14 






A Plot of ΔK versus K*C1/2 is a Williamson-Hall (W-H) type plot. Figure 3.25 shows an example 
W-H plot for as-quenched and HTT martensite. The slope differences (dislocation density differences) 
and intercept differences (crystallite size differences) are easily distinguishable between the two 
conditions. For the as-quenched condition shown, the dislocation density is 9.5x1015 m-2 and the 
crystallite size is 75 nm. For the HTT condition shown, the dislocation density is 1.0x1015 m-2 and the 
crystallite size is 213 nm. 
For most of the heat treatment conditions, mounted and polished samples were used for XRD 
analysis. Three XRD scans were performed on each sample in a different physical orientations; the 
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mounted samples were rotated by an arbitrary angle between scans. The dislocation density and crystallite 
size were calculated from each scan and the values were averaged for each condition. Typically, the linear 
regression analysis yielded coefficient of determination (R2) values greater than 0.95. However, a few 
scans resulted in R2 values less than 0.9 and were not used in the average calculation. 
 
 
Figure 3.25 Example of the modified Williamson-Hall method. Linear regression data was used to 
determine the crystallite size and dislocation density. Upon tempering, the dislocation 
density decreases and the crystallite size increases.  
3.8 Transmission Electron Microscopy 
This section outlines the various preparation and characterization techniques used for TEM. A 
Philips CM200 equipped with a KeenView camera was used for all analyses. Additionally, the CM200 is 
equipped with a detector for energy dispersive spectroscopy (EDS) analysis of precipitates. 
3.8.1 Carbon Extraction Replica Preparation 
Carbon extraction replicas were used to study TiN and NbC precipitation. Samples were mounted 
in Bakelite® and polished through 0.05 µm colloidal silica (Section 3.4.1). Replicas were produced by 
etching the as-polished surface with a solution of 2% nitric acid in methanol. Samples were etched very 
lightly to allow a deposited carbon film to pull the small precipitates out of the sample. Precipitates were 
expected to be smaller than 250 nm and larger precipitates, if present, were likely not extracted.  
Polished samples were put into a Technics Hummer VI sputtering machine equipped with a 
carbon deposition head. Graphite rods for deposition were prepared by grinding one rod into a planar end 
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and the other graphite rod into a pointed end. The pointed end was then put into contact with the planar 
end of the other rod and held in place with a retaining spring under a slight compressive stress. A vacuum 
near 60 mTorr was pulled in the chamber before deposition and the graphite rods were “cleaned” by 
rapidly ramping the amperage up to 100 A, holding for 3 s, and lowering back to 0 A. After the system 
cooled (~120 seconds), the amperage was ramped up to 100 A until the graphite rods began to glow. The 
amperage was lowered to 80 A for continuous deposition. During deposition, the amperage was 
monitored and maintained near 80 A. As carbon evaporates from the graphite rods, the amperage tends to 
increase. Carbon was deposited until a chocolate brown layer coated the sample. The amperage was 
reduced to 0 A and the vacuum was purged with Ar gas. 
After deposition, a 1x1 mm grid was cut into the film using an Exacto® knife. Samples were 
submerged in a solution of 3.3% acetic acid, 3.3% nitric acid, and 0.1% hydrofluoric acid with DI water 
to etch the sample away from the film116. During the etch process, the film bubbled away from the 
sample. The film was then rinsed from the sample with methanol into a solution of 10% methanol in DI 
water. The methanol solution allowed the films to be suspended in the solution (neutrally buoyant). The 
films were captured from the methanol solution using standard Ø3 mm 200 mesh copper grids with a hole 
size of approximately 97 µm and fine tweezers. The copper grids with the carbon extraction films were 
stored in an arrayed container. 
3.8.2 FIB TEM Lift-Out Procedures 
Select TEM samples were prepared with a FEI Helios NanoLab 600i dual-beam microscope. 
Samples prepared this way avoided any significant magnetic effects in the TEM because the sample 
volume is significantly smaller than conventional thin foils (~75 µm3 compared to ~7x108 µm3). 
Additionally, FIB lift-outs can be used for site specific analysis in a TEM and with EBSD in a SEM. 
Mounted samples were polished and prepared following the procedure in Section 3.4.2. A 
detailed procedure for reliably producing lifts-outs in steel was developed. The procedure was modified 
from the work of Kirsch on bi-crystal nickel117.  
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A range of accelerating voltages and currents was used for imaging and milling. Regions of 
interest were found by imparting light ion beam damage (30 kV / 2.5 nA) at 0º tilt to give the appearance 
of a light etch. Platinum (Pt) was deposited on top of the area of interest using the electron beam at 0º tilt. 
The sample was tilted to 52º and additional Pt was deposited with the ion beam. Wedge shaped trenches 
were milled in the sample with the deepest part of the wedge next to the sample. Figure 3.26 is a 
schematic representation of the trenches around the TEM lift-outs. 
 
 
Figure 3.26 Cross sectional schematic illustrating trenches milled around a FIB TEM lift out 
specimen. 
 
After milling the trenches, a “U” shape was milled around the sample as shown in Figure 3.27a 
where the dotted line represents the milling. A piezoelectrically controlled Omniprobe® 400 was inserted 
and Pt welded to the sample. The remaining edge of the sample was then milled off and the sample was 
lifted out as shown in Figure 3.27b. Figure 3.27a and Figure 3.27b also show the boundary of interest 




Figure 3.27 Ion beam secondary electron images showing a TEM lift out containing the boundary of 
interest after milling with the FIB. The H1200 as-quenched condition is shown. (a) 
Dotted line represents the “U” shaped milling and (b) shows the sample being lifted out 
by the Omniprobe® 400. The images in (a) and (b) are from opposite sides of the lift out. 
 
The samples were welded vertically on Omniprobe® copper half grid posts. After welding the 
samples to the half grids, the samples were approximately 2.5 µm thick. Samples were then thinned to 
roughly 100 nm with the ion beam where the initial thinning steps were at a high accelerating voltage and 
high probe current. The probe current was progressively stepped down as the sample became thinner, and 
final thinning was done at a low voltage and probe current to minimize ion damage. After thinning, the 
samples were ready for TEM analysis. 
3.8.3 TEM Thin Foil Preparation 
Samples for bulk TEM analysis were heated in a Gleeble® following the procedures outlined in 
Section 3.3. Samples were sectioned using an Allied TechCut4 low speed saw. An Allied metal bonded 
CBN blade was used with cutting lubricant. Samples were sectioned into 300-500 µm thick disks along 
the thermocouple isothermal plane. The low speed saw was set to 200 rpm and a 150 g weight was set at 
the end of the lever arm to apply a cutting force. After sectioning, burrs were removed from the disks 
using 600 grit SiC paper. Samples were attached to the face of a Ø25.4 mm steel cylinder using double-
sided sticky tape. The disks were ground using SiC paper in the following order: 240 grit, 320 grit, 
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400 grit, and 600 grit. Samples were then soaked in acetone to remove the disk from the double-sided 
tape. Fine tweezers were used to remove the disk without causing distortion. The disk was then attached 
to the steel cylinder, with Super Glue, and the ground side facing the cylinder. The disk was then ground 
with 120 grit SiC paper until a uniform thickness near 140 µm was achieved. The disks were then ground 
with 600 grit to a final thickness of 90 µm or less. 
Samples were then soaked in acetone until the Super Glue adhesive was dissolved (typically 
several hours). The disks were removed from the acetone using fine tweezers. Several TEM disks of 
Ø3 mm were punched from the 90 µm thick disks. The burrs on the TEM disks were removed by hand 
using 600 grit SiC paper. TEM disks were thinned to final thickness using a Fischione® Model 110 
electro polisher equipped with twin jets. A solution of 95% acetic acid and 5% perchloric acid at room 
temperature was used as the electrolyte. The electropolisher was set to between 25-50 V and 30-35 mA. 
TEM disks were jet polished until a hole was produced in the sample. Following jet polishing, the sample 
and the holder were cleaned and rinsed in methanol. The TEM disks were then removed from the holder 
and rinsed in a separate methanol bath. The TEM disks were then allowed to air dry and were stored in a 
small arrayed holder. 
3.8.4 TEM Analysis 
TEM was conducted on a Phillips CM200 microscope operated with a LaB6 filament at 200 keV. 
All images were captured using a KeenView camera with 1116x805 pixel resolution. TEM was 
conducted in an attempt to study the martensitic lath structure, dislocation substructure, and precipitation 
of alloy carbides.  
Carbon extraction replicas were prepared for precipitation analysis following Section 3.7. 
Replicas were carefully analyzed to find precipitates, specifically NbC and TiN particles. Spot EDS was 
performed with a Princeton Gamma-Tech PRISM 2000 detector on all analyzed particles. Multiple fields 
of view were analyzed and multiple particles were analyzed in each view. Cuboidal TiN precipitates were 
measured in two directions (width and length) and spherical carbides were measured by manually fitting a 
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circle to the circumference of the precipitate and extracting the diameter. Particle sizes were recorded as 
either the diameter or the averaged cube length and averaged for analysis. 
TEM samples for martensitic substructure analysis were prepared as either electro-jet-polished 
Ø3 mm disks (Section 3.8.3) or site specific lift-outs (Section 3.8.2). Lift-outs prepared with the FIB were 
small enough that magnetic effects of the sample were avoided. Lift-outs were used for attempts at more 
detailed microscopy of the martensite. TEM samples prepared through electro-jet-polishing were 
analyzed with simple bright field imaging to view the dislocation substructure and lath structure. A large 
objective aperture was used for contrast and qualitative assessments were made.  
3.9 Mechanical Testing 
This section outlines the specimen geometries and mechanical testing procedures. Vickers 
microhardness measurements, uniaxial tensile testing, and CVN testing procedures are outlined.  
3.9.1 Vickers Microhardness 
Vickers microhardness measurements were made using a LECO MHT200 microhardness tester. 
Vickers microhardness values (HV1000) were found with 1000 gramforce loads and a 10 sec dwell time. For 
each sample, a minimum of 10 indents were made. The diagonal lengths for each indent were recorded 
and the average for each indent was used to convert to microhardness (HV1000). The average 
microhardness of each sample is reported, and error bars in the report typically correspond to the standard 
deviation of the measured values. 
3.9.2 Tensile Testing 
Uniaxial quasi-static tensile testing was performed on a MTS® Model 204.63 servo-hydraulic 
frame equipped with MTS® Model 647.10A side-loading hydraulic wedge grips. Tensile specimens were 
machined from the Ø10 mm heat treat blanks. Specimens were machined as round “dog-bones” with an 
8 mm gauge length as shown in Figure 3.28.  
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Figure 3.28 Sub-sized specimen geometry for uniaxial tensile testing. Samples were machined from 
the Ø10 mm heat treat blanks used in the Gleeble® 3500. 
 
The hydraulic frame was controlled with a constant actuator displacement of 0.762 mm/min, and 
displacement was measured with either a MTS® 8 mm ± 15  pct extensometer or a MTS® 10 mm ± 
15 pct extensometer. The 10 mm extensometer was modified to 8.707 mm + 17.2 pct to fit the samples. 
Multiple specimens were tested for all of the conditions, and all samples were polished on a lathe through 
a 15 µm diamond solution before tensile testing.  
During testing, the extensometers would reach their maximum tensile elongation at least once, at 
which time the program would hold the specimen at the cross-head displacement. The extensometer was 
quickly reset and the test was resumed. Figure 3.29 shows a representative engineering stress versus strain 
curve. Small load drops occurred during the extensometer resets. All resets occurred after the maximum 
tensile stress for all conditions. For the current study, only properties up to the maximum tensile stress 
were studied, and thus the resets had insignificant effects on the measured tensile properties. 
The diameter within the gauge length was measured in three locations using a micrometer with a 
resolution of 0.005 mm. Axial load, crosshead displacement, and extensometer displacement was 
recorded for each test and tensile properties were automatically calculated using a spreadsheet developed 
in Microsoft® Excel. The diameter of each specimen was measured there times and averaged prior to 
each test. The average diameter was used for engineering stress calculations. The extensometer gauge 
length was used for engineering strain calculations. Using a linear regression for the elastic regime (100-
550 MPa), the elastic modulus was found for each test. The elastic modulus was used for the calculation 
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of all flow stress values. The 0.01% offset yield strength, 0.05% offset yield strength, 0.2% offset yield 
strength (YS), and 1% offset flow stress (FS) were calculated from the engineering stress/strain (S/e) data. 
Engineering stress/strain was converted to true stress/strain (σ/ε) to determine the ultimate tensile strength 
(UTS) and uniform elongation (εu). Figure 3.30 shows a graphical representation of the tensile properties 
mathematically calculated using the Excel spreadsheet. For all tensile properties reported in the current 
work, the average value is reported for each condition and error bars typically correspond to the standard 
deviation of the measured values. 
 
Figure 3.29 Example of the effects of the extensometer reset. The extensometer reset always occurred 




Figure 3.30 Graphical example shows the extraction of tensile properties. (a) Engineering stress/strain 
values were calculated from the load/displacement data. (b) True stress/strain values were 
calculated from engineering stress/strain values. 
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3.9.3 Charpy V-Notch Testing (HNb Alloy) 
CVN testing was performed on the equiaxed PAG conditions from the HNb alloy (Table 3.5). 
The Charpy blanks heat treated in a Gleeble® 3500 (Section 3.3.2) had a standard Type A notch 
machined by Electrical Discharge Machining (EDM). Figure 3.31 shows the geometry of a Type-A notch. 
After the notch was machined, the samples were tested in the as-quenched, LTT, and HTT conditions.  
 
 
Figure 3.31 Standard CVN specimen with a Type-A notch used for the HNb alloy118. 
 
All testing was conducted according to ASTM E23118. Before testing, the pendulum was swung 
over the full range between 50-100 cycles. The machine was found to have a friction and windage loss of 
0.37 pct which was within ASTM E23 specifications. 
Samples were tested from -196 ºC to 100 ºC and 8 to 10 samples were tested for each condition to 
develop the curve between the upper and lower shelf energies. Samples for sub-room temperature testing 
were submerged in a bath of ethanol and liquid nitrogen with at least 25 mm of fluid above the samples. 
For test temperatures above room temperature, samples were heated in a Paratherm oil bath with at least 
25 mm of fluid above the samples. Samples were transferred from the conditioning bath to the CVN 
frame within 5 seconds.  
Sigmoidal curves were mathematically fit to the energy absorbed (EA) data using OriginPro 9 
analysis software. Sigmoidal curves were fit using the Sigmoidal growth DoseResp function. The 
function used has the following form: 
 
𝐸𝐴 = 𝐴1 +
𝐴2 − 𝐴1
1 + 10(log ( 𝑇0)−𝑇)𝑝
 3.16 
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where EA is the energy absorbed, T is the test temperature, A2 is the upper shelf energy, A1 is the lower 
shelf energy, T0 is the temperature at which the inflection point of the curve exists, and p is the “hill 
slope.” The upper shelf energy was found from the average EA of the two highest test temperatures and 
the lower shelf energy was determined from the average EA of the two lowest. On average the lower shelf 
energy was 4 J regardless of processing condition. With A1 and A2 calculated, the OriginPro software 
calculated the hill slope and T0 temperature. Curves were then plotted with the raw data values to visually 
ensure the fitting algorithm worked properly. Figure 3.32 shows a representation of a valid fit for a set of 
Charpy data from an equiaxed HNb condition. 
The mean energy was taken as the average of the upper and lower shelf energies, and the mean 
energy transition temperature (METT) was found by intersection of the mean energy value and the 
sigmoidal curve (Figure 3.32). The 20 J transition temperature (20J TT) was found as the temperature at 
which the sigmoidal curve had an EA of 20 J. 
 
 





RESULTS AND DISCUSSION - AUSTENITE CONDITIONING EFFECTS ON THE PRIOR 
AUSTENITE GRAIN SIZE AND MECHANICAL PROPERTIES 
 
Two 0.2C ASTM A514 alloys microalloyed with Nb-Ti-V were heat treated and 
thermomechanically-processed in a Gleeble® 3500 to vary the prior austenite grain size (PAGS) and 
morphology before quenching to room temperature (RT). The effects of austenite conditioning as it 
applies to the PAGS, prior austenite grain (PAG) morphology, and martensitic mechanical properties is 
presented here. Additionally, the PAGS, prior austenite grain morphology, and martensitic mechanical 
properties of a 0.12C ASTM A514 alloy microalloyed with V (referred to as 12C-V) subjected to 
thermomechanical processing (TMP) through hot rolling followed by direct-quenching (DQ)8,38,64–66 is 
analyzed.  
4.1 Prior Austenite Grain Size and Morphology 
This section presents the prior austenite grain size and prior austenite grain morphology of the 
ASTM A514 HNb, LNb, and 12C-V alloys.  
4.1.1 HNb Alloy 
The PAGS values were measured for samples with equiaxed prior austenite grain and pancaked 
prior austenite grain microstructures. Figure 4.1 shows the progression of austenite pancaking with TMP 
at 850 °C for the 1200 ºC austenitizing conditions. Figure 4.1b shows the prior austenite grain 
microstructure after 0.2 true strain compression; the compression axis (vertical arrow) is not readily 
apparent based on the lack of pancaking in the prior austenite grain morphology. Figure 4.1c shows the 
prior austenite grain microstructure after 0.4 true strain compression; the compression axis (vertical 
arrow) is more readily apparent from the pancaked prior austenite grain morphology. The micrographs are 
representative of the prior austenite grain morphologies from the 1250 ºC initial austenitizing temperature 
as well. The 1250 ºC initial austenitizing temperature simply results in a larger PAGS. 
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Figure 4.2 shows the progression of austenite pancaking with TMP at 850 °C for the smaller prior 
austenite grain conditions (H1200-RA900). Figure 4.2b shows the prior austenite grain microstructure 
after 0.2 true strain compression where the compression axis (vertical arrow) is not readily apparent from 
the lack of pancaking in the prior austenite grain morphology. Figure 4.2c shows the prior austenite grain 
microstructure after 0.4 true strain compression where the compression axis (vertical arrow) is more 
readily apparent from the pancaked prior austenite grain morphology. 
 
   
(a) (b) (c) 
Figure 4.1 Light optical micrographs of a large prior austenite grain condition (H1200). Samples 
were etched with a picric based solution. (a) As-quenched without austenite deformation. 
(b) As-quenched with 0.2 austenite true strain compression at 850 °C. (c) As-quenched 
with 0.4 austenite true strain compression at 850 °C. Vertical arrows denote the 
compression axis. 
 
   
(a) (b) (c) 
Figure 4.2 Light optical micrographs of a small prior austenite grain condition (H1200-RA900). 
Samples were etched with a picric based solution. (a) As-quenched without austenite 
deformation. (b) As-quenched with 0.2 austenite true strain compression at 850 °C. (c) 
As-quenched with 0.4 austenite true strain compression at 850 °C. Vertical arrows denote 
the compression axis. 
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For the samples with either no compression or 0.2 true strain compression, the PAGS was 
determined by a concentric circles line intercept method. For the 0.4 true stain compression samples, the 
PAGS was determined by a cycloid line intercept method because the prior austenite grains were 
noticeably elongated. Table 4.1 summarizes the PAGS measurements where on average, 10 images were 
used to measure the PAGS. 
Table 4.1 - PAGS Measurements, HNb Alloy 
  Strain PAGS, µm Std. Err Method 
H1250  - 64.4 0.8 Concentric Circles 
H1200 (Figure 4.1a) - 49.7 0.6 Concentric Circles 
H1200-RA1000  - 11.3 0.3 Concentric Circles 
H1200-RA900 (Figure 4.2a) - 9.4 0.2 Concentric Circles 
H1250  0.2 60.9 4.7 Concentric Circles 
H1200 (Figure 4.1b) 0.2 46.1 2.9 Concentric Circles 
H1000  0.2 38.0 3.0 Concentric Circles 
H1200-RA900 (Figure 4.2b) 0.2 6.3 0.3 Concentric Circles 
H1250  0.4 42.4 1.2 Cycloid 
H1200 (Figure 4.1c) 0.4 34.0 0.8 Cycloid 
H1200-RA900 (Figure 4.2c) 0.4 5.6 0.2 Cycloid 
 
Figure 4.3a shows the PAGS versus austenitizing temperature for equiaxed prior austenite grain 
conditions (i.e. no strain). The PAGS increases with austenitizing temperature. Reaustenitizing at 900 ºC 
(5 min) produced the smallest equiaxed PAGS, and reaustenitizing at 1000 ºC (7 min) only resulted in a 
small increase in PAGS over the condition reaustenitized at 900 ºC. Because of the similar PAGS, the 
1200-RA1000 condition was not used for additional analysis beyond the equiaxed as-quenched condition.  
Figure 4.3b shows the PAGS versus austenite true strain compression. Progressive austenite 
compression (at 850 ºC) below the calculated austenite recrystallization temperature (TR) (905 ºC) 
reduced the measured PAGS for all conditions. The 1250 ºC heat treatment condition showed the largest 
reduction in measured PAGS after 0.4 true strain compression. The 1200-RA900 heat treatment showed a 
proportionally smaller reduction in measured PAGS with compression. The cycloid method was used to 
measure to PAGS for the 0.4 true strain compressions samples. The cycloid method measures the grain 
boundary surface area per unit volume; from which, an equiaxed grain size with an equivalent surface 
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area per unit volume was calculated. Thus, the cycloid method gives a grain size that can be compared to 
equiaxed grain microstructures. 
  
(a) (b) 
Figure 4.3 (a) Equiaxed PAGS as a function of austenitizing temperature for the HNb alloy for 
various processing times. (b) PAGS as a function of austenite true strain compression 
below the TR for the HNb alloy. Compression was performed at 850 ºC and the calculated 
TR was 905 ºC. The errors correspond to the standard error. 
4.1.2 LNb Alloy 
The PAGS values were measured for samples with equiaxed prior austenite grain and pancaked 
prior austenite grain microstructures. Similar micrographs to Figures 4.1 and 4.2 were taken for the LNb 
alloy and used for measurements. Table 4.2 summarizes the PAGS measurements where on average, 10 
images were used to measure the PAGS. 
Table 4.2 - PAGS Measurements, LNb Alloy 
 Strain PAGS, µm Std. Err Method 
L1250 - 74.4 2.3 Concentric Circles 
L1200 - 56.0 1.9 Concentric Circles 
L1200-RA1000 - 12.2 0.2 Concentric Circles 
L1200-RA900 - 9.4 0.2 Concentric Circles 
L1250 0.2 68.5 2.1 Concentric Circles 
L1200 0.2 59.0 2.5 Concentric Circles 
L1000 0.2 45.8 1.9 Concentric Circles 
L1200-RA900 0.2 8.4 1.4 Concentric Circles 
L1250 0.4 51.8 2.8 Cycloid 
L1200 0.4 49.4 2.6 Cycloid 
L1200-RA900 0.4 7.9 0.3 Cycloid 
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Figure 4.4a shows the PAGS versus austenitizing temperature for equiaxed prior austenite grain 
conditions. The PAGS increases with austenitizing temperature. Reaustenitizing at 900 ºC (5 min) 
produced the smallest equiaxed PAGS, and again reaustenitizing at 1000 ºC (7 min) resulted in a small 
PAGS increase, as compared to the condition reaustenitized at 900 ºC. Again, because of the similar 
PAGS, the 1200-RA1000 condition was not used for additional analysis beyond the equiaxed as-
quenched condition. Figure 4.4b shows the PAGS versus austenite true strain compression at 850 °C. A 
true strain of 0.4 reduced the PAGS for all conditions. However, after 0.2 true strain compression, the 
PAGS increased for the 1200 and 1200-RA900 conditions. This anomaly is unexpected and the 




Figure 4.4 (a) Equiaxed PAGS as a function of austenitizing temperature for the LNb alloy. (b) 
PAGS as a function of austenite true strain compression below the TR for the LNb alloy. 
Compression was performed at 850 ºC and the calculated TR was 855 ºC. The errors 
correspond to the standard error. 
4.1.3 Nb microalloying effects on the PAGS (HNb and LNb Alloys) 
Niobium was found to slightly affect the PAGS for the different austenitizing temperatures. 
Figure 4.5 shows the PAGS versus austenitizing temperature for the HNb and LNb alloys. For the 
equiaxed conditions, increasing the Nb in solid solution (as calculated from equilibrium solubility 
products) resulted in austenite grain size refinement. The largest refinement was found for the highest 
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austenitizing temperature (potentially the largest amount of Nb in solid solution). Reaustenitizing at lower 
temperatures diminished the Nb effects on PAGS refinement because less Nb was in solid solution.  
 
Figure 4.5 Equiaxed PAGS as a function of austenitizing temperature for the HNb and LNb alloys. 
 
Niobium microalloy additions raise the TNR of an alloy102 and effectively suppressed 
recrystallization for the TMP heat treatments. The TNR was calculated as 955 °C and 905 °C for the HNb 
and LNb alloys, respectively. Figure 4.6 shows the PAGS versus austenite true strain in compression at 
850 °C for the HNb and LNb alloys. The HNb alloy showed continuous PAGS refinement with austenite 
compression, which indicates austenite pancaking, but the LNb showed some grain growth after 0.2 true 
stain compression for the 1200 and 1200-RA900 heat treatments. However, it is unclear what mechanism 
lead to the grain growth for a few conditions from the LNb alloy. The LNb alloy has a lower austenite 
recrystallization temperature (855 °C) than the HNb alloy (905 °C), and deformation was performed near 
the TR for the LNb. Thus, it may be possible that recrystallization occurred for some of the conditions. 
One of the goals of the current project was to address the effects of CR-DQ processing where 
recrystallization is completely suppressed and for that reason, the HNb alloy was selected for the detailed 
microstructural investigation. Additionally, the HNb is more industrially relevant in the current project 
because it allows for higher deformation temperatures and the possibility of secondary hardening upon 
tempering due to NbC precipitation. 
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Figure 4.6 PAGS as a function of austenite true strain compression below the TR for the HNb and 
LNb alloys. Compression was performed at 850 ºC.  
4.1.4 12C-V Alloy 
Samples from the 12C-V alloy were acquired as machined sub-size CVN specimens64–66. The 
location and orientation of the samples with respect to the original plate was initially unknown. In an 
attempt to determine the original plate orientation, PAGS measurements were made from the three 
orthogonal faces of the CVN samples. The plate orientation could not be discerned from the PAGS 
micrographs, so EBSD was used to determine the plate orientation (Chapter 5) and the results are used for 
the current section. Figure 4.7 shows the orientation of the CVN specimens relative to the original rolling 
parameters (ND: normal direction, RD: rolling direction, and TD: transverse direction). Weiss tested full-
size CVN specimens (10x10x55 mm) in the TD-RD orientation8,38. It was confirmed that the sub-sized 
specimens also have a TD-RD notch orientation. 
 
 
Figure 4.7 The original plate rolling orientation relative to the as received sub-sized CVN samples. 
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Samples tempered at 400 ºC for 30 h were used for PAGS measurements. Representative 
micrographs are shown in Figures 4.8 through 4.11 for each of the four prior austenite grain conditions 
.The orientation shown in the upper left corner corresponds to Figure 4.7. 
   
(a) (b) (c) 
Figure 4.8 Light optical micrograph of the prior austenite grain morphology for the 12C-V CR-DQ 
plate. (a) RD normal to the micrograph. (b) ND normal to the micrograph. (c) TD normal 
to the micrograph.  
 
   
(a) (b) (c) 
Figure 4.9 Light optical micrograph of the prior austenite grain morphology for the 12C-V RCR-DQ 
plate. (a) RD normal to the micrograph. (b) ND normal to the micrograph. (c) TD normal 
to the micrograph.  
 
   
(a) (b) (c) 
Figure 4.10 Light optical micrograph of the prior austenite grain morphology for the 12C-V HR-DQ 
plate. (a) RD normal to the micrograph. (b) ND normal to the micrograph. (c) TD normal 
to the micrograph.  
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(a) (b) (c) 
Figure 4.11 Light optical micrograph of the prior austenite grain morphology for the 12C-V RA/Q 
plate. (a) RD normal to the micrograph. (b) ND normal to the micrograph. (c) TD normal 
to the micrograph. 
 
The PAGS measurements are shown for each condition in Table 4.3 where on average, 10 images 
were used to measure the PAGS. For the RA/Q condition, each orthogonal face was measured and the 
average value for all three faces is reported. For the CR-DQ and RCR-DQ conditions, measurements of 
the PAGS on the RD face was difficult because the prior austenite grain morphology was elongated in the 
TD direction. In literature7,64–67, the cycloid method is typically used for elongated structures, but it is 
always used on planes that have the RD direction exposed. Additionally, for the CR-DQ condition, there 
appears to be significant amounts of either prior austenite twin boundaries or shear band boundaries 
(linear boundaries in Figure 4.8a). For the ND and TD faces, the cycloid method was used because the 
prior austenite grain elongation is in the RD direction. In addition to the concentric circles and cycloid 
method, a method was used to measure the prior austenite grain thickness (in the TD plane) of the CR-DQ 
and RCR-DQ conditions. Both of these conditions showed significant amounts of prior austenite grain 
elongation. Vertical lines were superimposed on the micrographs of the TD plane, the intercepts of the 
vertical lines with the prior austenite grain boundaries were counted, and with a known line length, the 
average intercept length was calculated. The reported PAGS is the average intercept length. 
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PAGS, µm Std. Err, µm Test Line 
CR-DQ 
RD 12.4 0.4 Concentric Circles 
TD 12.4 0.5 Cycloid 
TD 9.8 0.2 Vertical Line 
ND 32.9 2.2 Cycloid 
RCR-DQ 
RD 9.3 0.2 Concentric Circles 
TD 13.6 0.4 Cycloid 
TD 13.6 0.3 Vertical Line 
ND 17.9 0.6 Cycloid 
HR-DQ 
RD 37.7 0.7 Concentric Circles 
TD 32.8 1.0 Concentric Circles 
ND 33.6 2.1 Concentric Circles 
RA/Q - 10.0 0.2 Concentric Circles 
 
Weiss8 determined the PAGS for the 12C-V alloy and Table 4.4 summarizes the results. It was 
reported that the PAGS and morphology varied across the plate width. The edges of the RCR-DQ full 
width plates were found to have significant amounts of pancaked PAGs and in the original work by 
Weiss8, the edges of the plates were avoided. However, the samples for the current project may have 
come from the edges of the plates because Figure 4.9 shows that the RCR-DQ samples have significant 
amounts of pancaked prior austenite grain in addition to recrystallized regions. This condition was not 
studied in detail in further experiments and discussion of results related to the RCR-DQ plates is limited 
in this thesis.  
For the CR-DQ condition, Weiss8 measured the PAGS using the concentric circle method for all 
conditions. There are small differences between Weiss’s8 PAGS (14 µm) and the PAGS reported in 
Table 4.3 using the Cycloid method (12 µm). For the HR-DQ condition, Weiss measured a much larger 
PAGS of 59 µm compared to the PAGS of 33 µm measured in the current work. For the RA/Q condition, 
Weiss measured a slightly larger PAGS of 15 µm as compared to the PAGS of 10 µm measured in the 
current work. The current work found smaller PAGS for every condition which is likely related to 
differences in locations within the plate. It is likely that all of the samples used in the current work came 
from the edges of the full width plates that were rolled. 
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Measurement PAGS, µm Accuracy, µm Test Line 
CR-DQ 
TD thickness 8 ±0.6 Straight Line 
TD diameter 14 ±0.6 Concentric Circles 
RCR-DQ TD diameter 13 ±0.6 Concentric Circles 
HR-DQ TD diameter 59 ±2.5 Concentric Circles 
RA/Q TD diameter 15 ±0.6 Concentric Circles 
 
For the mechanical properties reported by Weiss (tensile and CVN) and reanalyzed in the current 
work, the PAGS measurements in Table 4.4 are used because the samples that were tested by Weiss are 
not available. For the EBSD, XRD, and microhardness measurements conducted in the current work, the 
PAGS measurements in Table 4.3 are used because they are more representative of the microstructures 
investigated. For the HR-DQ condition, the average PAGS from the three orthogonal faces is used. For 
the RCR-DQ and CR-DQ conditions, the prior austenite grain morphology is anisotropic and an 
appropriate measurement will be used for each analysis technique. 
4.2 Tensile Properties 
This section summarizes the tensile properties calculated from the tensile tests for the HNb and 
LNb alloys following the procedures outlined in Chapter 3. Flow strength properties were calculated from 
the engineering stress/strain data, and the ultimate tensile strength property values were calculated from 
the true stress/strain data unless otherwise noted. The engineering flow stress data were used for flow 
strength properties. For the 12C-V alloy, tensile properties were taken from the PhD thesis by Weiss8 and 
presented here for additional analysis. 
4.2.1 Tensile Flow Curves (HNb Alloy) 
Uniaxial quasi-static tensile tests were conducted on the HNb alloy with equiaxed prior austenite 
grain microstructures in the as-quenched, LTT, and HTT conditions. Additionally, tensile tests were 
conducted on the LNb alloy with equiaxed prior austenite grain microstructures in the as-quenched 
condition. Significant differences in the flow curves were not found between the two alloys so the LNb 
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alloy results are omitted from the current section. However, the measured tensile properties are compared 
with the HNb alloy in Section 4.2.6. 
Figure 4.12 shows representative true stress versus strain curves for various samples from the 
HNb alloy. In the as-quenched and LTT conditions, all samples display continuous yielding typical of 
martensitic microstructures (Figures 4.12a and b). After the initial yielding regime (>0.1% offset strain), 
the strength generally increases with PAGS refinement. In the LTT conditions, the larger PAGS 
conditions (H1200 and H1250, 50 and 64 µm, respectively) have almost identical flow stress behavior. In 
the HTT conditions, the smallest prior austenite grain condition displays discontinuous yielding and the 
larger PAGS conditions display continuous yielding. After the initial yielding regime, the strength 
decreases with PAGS refinement in contrast to the as-quenched and LTT conditions and the expected 
behavior based solely on Hall-Petch strengthening considerations. 
 
 
Figure 4.12 Representative room temperature true stress versus true strain curves for various 
conditions from the HNb alloy. (a) As-quenched flow curves. (b) Low temperature 
temper (200 °C – 1 h) flow curves. (c) High temperature temper (600 °C – 1 h) flow 
curves. 
 
The yielding behavior after HTT is significantly different between the large and small PAGS 
conditions. Figure 4.13 shows the engineering stress versus engineering strain curves for the HNb alloy 
up to 1% strain. The small PAGS condition shows a significant yield point drop (~30 MPa) and the larger 
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PAGS conditions show continuous yielding. This result could be due differences in Nb precipitation after 
temper at 600 °C. However, this result is consistent with a 0.3C-0.5Si-2Mn martensitic steel tempered at 
similar conditions18. Thus, the yield point found for the small PAGS (H1200-RA900) may not be fully 
related to Nb microalloying. Additionally, the onset of yielding for the larger PAGS conditions is at a 
much lower stress than the upper or lower yield stress of the small PAGS condition. 
 
 
Figure 4.13 Representative room temperature engineering stress versus engineering strain curves 
showing the yielding behavior of the high temperature tempered conditions of the HNb 
alloy. 
4.2.2 Microyielding at 0.01% Offset Flow Stress (HNb and LNb Alloy) 
It has been shown that the stress for microyielding in martensite is very low with respect to the 
macroyielding properties. Takaki et al.63 reports the elastic limit of Fe-Ni lath martensite to be 
approximately 300 MPa, whereas the UTS is between 710 and 780 MPa. The elastic limit of Fe-Ni lath 
martensite is reportedly 38-42% of the UTS and insensitive to any microstructural feature, i.e. PAGS, 
packet size, block size, or total dislocation density. For the current work, the 0.01% offset yield strength 
was used as a measure of the elastic limit. Figure 4.14a shows the 0.01% offset yield strength as a 
function of PAGS for the as-quenched conditions of the LNb and HNb alloys. The average elastic limit is 
666 MPa, which is similar to the elastic limit of 4130 steel (652 MPa)84. Furthermore, the as-quenched 
UTS of the HNb and LNb alloys is between 1580 to 1712 MPa. Thus, the elastic limit is 39-42% of the 
UTS, which is similar to the value found by Takaki et al63. Also, Figure 4.14a shows that the elastic limit 
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of low-C as-quenched lath martensite is insensitive to Nb microalloying and PAGS, within the variability 
of the data.  
The elastic limit changes after tempering. Figure 4.14b shows the 0.01% offset yield strength as a 
function of PAGS for the HNb alloy in the as-quenched, LTT, and HTT conditions. After LTT, all 
conditions show an increase in elastic limit over the average as-quenched value (666 MPa); the small 
PAGS shows the largest increase. After HTT, all conditions show an additional increase in elastic limit 




Figure 4.14 (a) 0.01% offset yield strength as a function of PAGS for the HNb and LNb alloys. (b) 
0.01% offset yield strength as a function of PAGS for the HNb alloy in the as-quenched 
and HTT conditions. The uncertainty bars correspond to the standard deviation of the 
data sets. 
4.2.3 Microyielding at 0.05% Offset Flow Stress (HNb Alloy) 
The 0.01% offset yield strength values have a large standard deviation, so the 0.05% offset yield 
strength was used to further quantify the microyielding behavior of the various conditions. Figure 4.15 
shows the 0.05% offset yield strength as a function of PAGS for the HNb alloy in as-quenched, LTT, and 
HTT conditions. In all conditions, the 0.05% YS increases with a decrease in PAGS. After LTT, the 
0.05% yield strength increases compared to the as-quenched conditions and after HTT, the strength 
decreases to below the as-quenched conditions. The linear trends show that, in contrast to the 0.01% 
offset yield strength, the 0.05% offset yield strength is related to microstructural features that scales with 
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the PAGS. It could be the prior austenite grains themselves, the martensite packet size, block size, 
dislocation density, or something else not considered. 
 
 
Figure 4.15 0.05% offset yield strength as a function of PAGS for the HNb alloy in the as-quenched, 
LTT, and HTT conditions. The uncertainty bars correspond to the standard deviation of 
the data sets. 
 
After HTT, the relationship between the 0.05% offset yield strength and PAGS may incorporate 
an artifact of the discontinuous yielding exhibited by the small PAGS and continuous yielding exhibited 
by the larger PAGS conditions. The suggestion that can be made from the yielding behavior is that the 
larger PAGS conditions displays microyielding because of a larger mobile dislocation density, and the 
small PAGS condition has a lower mobile dislocation density, thus displaying discontinuous yielding. 
The differences in yielding behavior may be related to differences in the tempered lath structure which is 
discussed in Chapter 5. 
4.2.4 Macroyielding at 1% Offset Flow Stress (HNb Alloy) 
In lath martensites, it is unclear which microstructural features control strength. Morris 
et al.24,25,61,90,119 state that the effective grain size for strengthening could be some multiple of the block 
size or the coherence length of {011}αʹ planes. Morito et al.12,120,121 have shown that the block width can 
be used as the effective grain size for strengthening for plain Fe-C-Mn steels. Other 
researchers8,15,21,28,37,38,71 have shown that the effective grain size for strength should be the packet size. 
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Since the block size, packet size, and PAGS are linearly related8,12,15,21,28, any of these features might be 
considered in a Hall-Petch relationship as the effective grain size. 
Figure 4.16 shows the 1% offset flow strength (1% FS) versus inverse square root of the PAGS 
for the HNb alloy in the as-quenched, LTT, and HTT conditions. It is convenient to use the PAGS as the 
effective grain size because the PAGS is an easy way to distinguish between the different heat treatment 
conditions (Table 4.1). Additionally, other possible strengthening mechanisms, which are discussed in 
Chapter 6, are presented as a function of PAGS. In the as-quenched condition, a positive locking 
parameter was found (20.2 MPa mm0.5). After LTT, the locking parameter is reduced to (8.3 MPa mm0.5) 
and after HTT, the locking parameter is negative (-14.7 MPa mm0.5). The HTT results suggest that other 
microstructural features and strengthening mechanisms besides the effective grain size have a more 
important role in strength. The other possible strengthening mechanisms are the dislocation density, 
carbide precipitation, and martensitic substructure strengthening. The possible strengthening mechanisms 
are discussed in Chapter 6. 
 
Figure 4.16 1% offset flow strength versus inverse square root of the PAGS for the HNb alloy in the 
as-quenched, LTT, and HTT conditions. 
4.2.5 Ultimate Tensile Properties (HNb Alloy) 
Figure 4.17a shows the ultimate tensile strength (UTS) versus inverse square root of the PAGS 
for the HNb alloy in the as-quenched, LTT, and HTT conditions. Similar to the 1% FS, in the as-
quenched condition, there is a positive locking parameter (slope). The locking parameter is reduced after 
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LTT, and the locking parameter is negative after HTT. Again, the HTT results suggest that other 
microstructural features and strengthening mechanisms besides the effective grain size also have an 
important role in strength (i.e. dislocation density and substructure Chapters 5 and 6). Figure 4.17b shows 
the uniform elongation versus PAGS for the HNb alloy in the as-quenched, LTT, and HTT conditions. In 
the as-quenched conditions, the uniform elongation increases with PAGS refinement. In general, the 
uniform elongation decreases to values below the as-quenched conditions after LTT. After HTT, the 
uniform elongation increases above that of the as-quenched conditions. After LTT and HTT, the H1200 
(PAGS: 49.7 µm) conditions has slightly greater elongation compared to the other PAGS conditions. The 
mechanisms leading to these differences was not explored in the current work. 
  
(a) (b) 
Figure 4.17 (a) UTS versus inverse square root of the PAGS for the HNb alloy in the as-quenched, 
LTT, and HTT conditions. (b) Uniform elongation versus PAGS for the HNb alloy in the 
as-quenched, LTT, and HTT conditions. The uncertainty bars correspond to the standard 
deviation of the data. 
4.2.6 Niobium Effects on Tensile Properties (HNb and LNb Alloy) 
It was demonstrated that Nb microalloy additions do not have a clear affect the elastic limit, as 
defined by the 0.01% offset yield strength (Figure 4.14a). Additionally, Nb microalloying does not have a 
strong effect on the 0.05% offset yield strength. Figure 4.18 shows the 0.05% offset strength versus 
PAGS for the HNb and LNb alloy in the as-quenched condition. The effect of Nb on strength is 




Figure 4.18 The 0.05% offset yield strength as a function of PAGS for the HNb and LNb alloy in the 
as-quenched condition. The uncertainty bars correspond to the standard deviation of the 
data sets. 
 
Similarly, the 1% offset flow strength for the HNb and LNb conditions is indistinguishable as a 
function of PAGS as shown by the 1% offset flow strength versus inverse square root PAGS plot in 
Figure 4.19a. The locking parameters found for the HNb and LNb alloys were 20.1 and 20.2 MPa mm-0.5, 
respectively. The locking parameter found for all conditions considered together was 20.1 MPa mm-0.5, so 
it is suggested that Nb microalloying does not affect the as-quenched strength outside of PAGS 
differences. 
The UTS was also found to have a Hall-Petch relationship with PAGS for the as-quenched 
conditions. Figure 4.19b shows the UTS versus inverse square root PAGS for the HNb and LNb alloys. 
The locking parameters (slopes) found for the HNb and LNb alloy were 20.7 and 19.5 MPa mm-0.5, 
respectively. The locking parameter found for all conditions considered together was 20.1 MPa mm-0.5; 
again it is suggested that Nb microalloying does not affect the as-quenched strength outside of PAGS 
differences. 
The uniform elongation was measured from the true stress/strain curves for the HNb and LNb 
alloys in the as-quenched conditions. Figure 4.20 shows the uniform elongation as a function of PAGS; 
small absolute differences in elongation may have been found between the HNb and LNb alloys in the 
small PAGS conditions (~0.2%). However, the standard deviation for each condition is quite large 
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compared to the magnitude of the uniform elongation, and it is difficult to make any clear conclusions 




Figure 4.19 (a) 1% offset flow strength versus inverse square root PAGS for the HNb and LNb alloys 
in the as-quenched conditions. (b) Ultimate tensile strength (true stress) versus inverse 
square root PAGS for the HNb and LNb alloys in the as-quenched conditions. 
 
 
Figure 4.20 Uniform elongation versus PAGS for the HNb and LNb alloys in the as-quenched 
condition. The uncertainty bars correspond to the standard deviation of the data sets. 
4.2.7 Work Hardening Behavior Outside of Microyielding Regime (HNb Alloy) 
The work hardening of most polycrystalline alloys follows a near power law hardening model 
with the following form4,122; 
 
𝜎 = 𝐾𝜀𝑛          MPa 4.1 
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where σ is the true stress, K and n are fitting constants, and ε is true strain. The power law was assessed 
for the HNb alloy in the as-quenched, LTT, and HTT conditions. For Eq. 4.1 to be valid, the relationship 
between ln σ versus ln ε must be linear. Figure 4.21 shows representative true stress versus strain curves 
and plots of ln σ versus ln ε for the HNb alloy. The true stress/strain data was plotted for strains above 
0.5%, which is above the microyielding regime. In the as-quenched and LTT conditions, ln σ increases 
nonlinearly with ln ε. However, in the HTT conditions, a power law hardening model was a better fit to 
the data as ln σ increases linearly with increases in ln ε. Additionally, in the HTT conditions, K and n 
decrease with PAGS refinement. Additional analysis of the work hardening behavior is discussed in 
Chapter 6. 
   
(a) (b) (c) 
Figure 4.21 True stress versus true strain for the as-quenched, LTT, and HTT conditions in the top 
row. Flow curves start at the 0.05% offset flow strength. The corresponding ln σ versus 
ln ε plots are shown in the bottom row. A linear relationship is indicative of power law 
hardening behavior. (a) H1250 condition, (b) H1200 condition, (c) H1200-RA900 
condition 
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4.2.8 12C-V (Values taken from the Ph.D. Thesis by Weiss8) 
The measured 0.2% offset yield strength (YS) and UTS from the 12C-V conditions studied by 
Weiss8 were analyzed for the current work. Samples from the 350 ºC and 600 ºC tempered conditions are 
used for microstructural characterization, and the mechanical properties reported by Weiss8 were used 
since tensile specimens were not available. Figure 4.22a shows the YS as a function of 1 h tempering 
temperature for four prior processing conditions. The four processing conditions are discussed in depth in 
Section 3.3.3. In general, the YS increased with low temperature tempering and was the highest for the 
350 ºC tempering condition. However, as shown in Figure 4.22b , the UTS was highest for the conditions 
tempered at 200 ºC, with the exception of the RCR condition, and decreased at higher temperatures. The 
differences in behavior between the YS and UTS are likely due to microyielding differences. For 
conditions characterized in the current work, the 350 ºC and 625 ºC tempered conditions, the YS and UTS 




Figure 4.22 Tensile properties as a function of tempering temperature (1 h) for the 12C-V alloy. (a) 
0.2% offset yield strength. (b) Ultimate tensile strength. Data was taken from Weiss8. 
4.3 Vickers Microhardness 
This section summarizes all of the microhardness measurements that were made. Microhardness 
was measured for every condition studied and was used to predict the strength of samples that could not 
be tensile tested. Vickers microhardness measurements were made with 1000 gramforce load and 10 s 
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dwell time. In general, the uncertainty in the reported hardness measurements was less than 5 pct. Select 
data will be provided with uncertainty bars, but generally the uncertainty bars are not included as to 
reduce confusion in the plots. The full list of microhardness values can be found in the Appendices. 
4.3.1 Equiaxed Prior Austenite Grain Conditions (HNb and LNb Alloys) 
Microhardness values were measured for the equiaxed prior austenite grain conditions in the as-
quenched, LTT, and HTT conditions. Figure 4.23a shows the microhardness for all of the equiaxed prior 
austenite grain conditions for the HNb alloy. In the as-quenched and LTT conditions, the microhardness 
generally increases with PAGS refinement and after HTT, the microhardness decreases with PAGS 
refinement. The trends for microhardness are same as that found for the 1% offset flow strength versus 
PAGS (Figure 4.16).  
The effect of Nb microalloying on the as-quenched tensile properties was discussed in 
Section 4.2.6. Additional heat treatment conditions for the LNb alloy were assessed with microhardness. 
Figure 4.23b shows the comparison of the HNb and LNb alloys in the as-quenched and HTT conditions. 
In the as-quenched condition, there is a slight increase in microhardness of the HNb condition compared 
to the LNb condition for the small PAGS conditions. However, the increase was not evident from the 1% 
offset flow strength results (Figure 4.19). So this difference was not investigated further. After HTT, the 
HNb and LNb alloys both show an increase in microhardness with PAGS. The slightly higher 
microhardness for the larger PAGS conditions is possibly due to Nb microalloying; further discussion is 
given in Chapter 6. 
The higher austenitizing temperatures (1200 and 1250 °C) put increasing amounts of Nb into 
solid solution. So after tempering at higher temperatures, the Nb can precipitate out as NbC precipitates 
and lead to a secondary hardening effect. Additionally, the Nb in solid solution can possibly change the 
tempering response of the dislocation substructure; thus it is unclear the role of Nb in solid solution. Two 
samples (H1200-RA900 and H1200) were held at 850 ºC for 1 h after the last austenitizing step in an 
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attempt to precipitate additional Nb before quenching. The samples were then tempered at600 °C for 1 h 




Figure 4.23 (a) Vickers microhardness versus PAGS of the equiaxed prior austenite grain conditions 
for the HNb alloy in the as-quenched, LTT, and HTT conditions. (b) Vickers 
microhardness versus PAGS of the equiaxed conditions for the HNb and LNb alloys in 
the as-quenched and HTT conditions. 
 
Figure 4.24 shows the microhardness of the two selected samples compared with the normal HNb 
and LNb heat treatments. The 1 h hold before quenching resulted in insignificant changes to the 
tempering response of the HNb alloy. Thus, the Nb in solid solution is either unchanged or Nb in solid 
solution does not have a strong effect on the tempering response. Since both the HNb and LNb alloy show 
an increase in microhardness with an increase in PAGS for the HTT conditions (Figure 4.24), it is 
suggested that the tempering response is connected with the martensitic microstructure and not the Nb 
microalloying. Additionally, the results indicate that the 5 min hold at 850 ºC before deformation for the 
TMP conditions results in insignificant changes to the parent austenitic microstructure of the HNb alloy 
(and likely the LNb alloy). 
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Figure 4.24 Vickers microhardness versus PAGS for the HNb and LNb alloy after HTT. Two special 
heat treatments of the HNb are included for comparison (open diamonds); the H1200-
RA900 and H1200 conditions were subjected to a 850 °C – 1 h hold before quenching.  
4.3.2 Flow Strength Prediction 
For the current work, several conditions could not be tensile tested. Conventionally, hardness is 
linearly related to the yield strength by a simple approximation123 (H = 3*YS; where H is hardness and YS 
is yield strength in MPa). However, the yielding behavior of martensite varied with tempering. In the as-
quenched condition, significant microyielding occurred but after HTT, limited microyielding was 
observed. Additionally, one condition (small PAGS of HNb alloy) showed discontinuous yielding after 
HTT. Because of the different yielding behavior, correlating YS with hardness may not be meaningful. 
Microhardness indents induce a significant amount of plastic deformation into the microstructure. Thus, a 
flow strength in the plastic strain regime of the tensile flow curve is probably more strongly correlated to 
microhardness. A simple linear regression was performed on the 1% FS (1% plastic strain) as a function 
of microhardness (in MPa) for both the equiaxed prior austenite grain HNb and LNb conditions. 
Figure 4.25 shows the results of the regression. 
The following equation was fit between microhardness (HV) and 1% FS with a strong correlation 
(R2 = 0.99): 
 
𝜎𝐹𝑆|1% = 0.354 𝐻𝑉 − 145          MPa 4.2 
where HV is the microhardness in MPa. Additional linear regressions were used to understand the 
relationship between microhardness and tensile properties. Figure 4.26a shows the relationship between 
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0.2% offset yield strength and microhardness. Significantly more scatter exists in the data as compared to 
the 1% FS likely due to the yielding differences. However, Figure 4.26b shows that a very strong 
correlation exists between UTS and microhardness, which is again likely due to the fact that significant 
plastic flow conditions under the hardness indent are a better simulation of larger strain flow stress values 
than yielding behavior. The correlation between microhardness and UTS is useful for samples where the 
1% FS data are not available (e.g. for the 12C-V alloy), because the microhardness can be correlated to 
the UTS instead. 
4.3.3 TMP Prior Austenite Grain Conditions (HNb and LNb Alloys) 
TMP-DQ processing was simulated with isothermal compression in a Gleeble®. Single and 
double hit compression tests with a true strain compression of 0.2 per pass were completed for the HNb 
and LNb alloys. Figure 4.27a shows the microhardness versus PAGS for the single hit compression tests 
for the as-quenched conditions. Additionally, the calculated 1% offset flow strength is shown on the 
second y-axis (calculated from Eq. 4.2). In general, the microhardness is insensitive to PAGS and Nb 
microalloying. Figure 4.27b shows the microhardness versus PAGS for the double hit compression tests 
for the as-quenched conditions. Additionally, the calculated 1% offset flow strength is shown on the 
second y-axis (calculated from Eq. 4.2). In general, the microhardness is insensitive to PAGS. However, 
the HNb alloy generally has a higher microhardness than the LNb alloy. The higher microhardness of the 
HNb alloy could be due to strain induced NbC precipitation. However, due to the anomalies in the PAGS 
measurements of the LNb alloy, it is unclear if the same deformation structure was produced in the two 
alloys. For the HNb alloy, the PAGS was continually refined with deformation. For some of the LNb 
conditions, the PAGS was larger after deformation. The LNb alloy was not fully characterized to fully 




Figure 4.25 The 1% offset flow strength versus Vickers microhardness (in MPa) for equiaxed prior 
austenite grain conditions of the HNb and LNb alloys in the as-quenched, LTT, and HTT 





Figure 4.26 (a) The 0.2% offset yield strength versus Vickers microhardness (in MPa) for equiaxed 
prior austenite grain conditions of the HNb and LNb alloy in the as-quenched, LTT, and 
HTT conditions. (b) The ultimate tensile strength (true stress) versus Vickers 
microhardness for equiaxed prior austenite grain conditions of the HNb and LNb alloy in 




Figure 4.27 (a) Microhardness versus TMP PAGS for the HNb and LNb alloys after 0.2 true strain 
compression for the as-quenched conditions. Dotted line is the average microhardness for 
all of the conditions shown. (b) Microhardness versus TMP PAGS for the HNb and LNb 
alloys after 0.4 true strain compression for the as-quenched conditions. Dotted line is the 
average microhardness for all of the conditions shown in (a). The 1% FS was calculated 
from Eq. 4.2. The uncertainty bars correspond to the standard deviation of the data sets. 
 
4.3.4 Comparison of TMP and Equiaxed Prior Austenite Grain Conditions (HNb and LNb 
Alloys) 
Figure 4.28a shows the effects of the simulated TMP for a given heat treatment for the HNb 
alloy. For the larger PAGS conditions (H1250, H1200), the microhardness of as-quenched martensite 
increases with austenite true strain. However, for the small PAGS condition, there is not a large effect of 
TMP on as-quenched microhardness. Figure 4.28b shows the effects of TMP for given heat treatment of 
the LNb alloy. For the larger PAGS conditions (L1250, L1200), the as-quenched microhardness increases 
with 0.2 austenite true strain compression. However, after 0.4 true strain compression, the hardness of the 
largest PAGS (L1250) is reduced, and the hardness of the L1200 condition is unchanged. For the small 
PAGS condition, there is not a large effect of TMP on as-quenched microhardness. Both the HNb and 
LNb alloys demonstrate the strength benefit of TMP in the as-quenched condition for larger PAGS 




Figure 4.28 (a) Microhardness versus processing condition for the HNb alloy in the as-quenched 
condition. Austenite true strain compression (ε) was performed below the calculated 
TR29,102.(b) Microhardness versus processing condition for the LNb alloy in the as-
quenched condition. The 1% FS was calculated from Eq. 4.2. 
 
After HTT, the microhardness of the TMP prior austenite grain conditions is greater than the 
equiaxed prior austenite grain conditions. Figure 4.29 shows the microhardness versus PAGS for the HNb 
and LNb alloys after HTT. For all conditions, the microhardness decreases with PAGS refinement. The 
differences in slope between the HNb and LNb alloy in the equiaxed prior austenite grain conditions 
(ε = 0) could be due to Nb microalloying but this was not confirmed. The differences in slope are further 
discussed in Chapter 6. The TMP condition of the HNb alloy has higher microhardness values as 
compared to the equiaxed prior austenite grain condition with a similar PAGS. Therefore, the strength 
benefit of TMP-DQ processing extends to the HTT conditions. 
4.3.5 12C-V Alloy 
Plates rolled and direct-quenched can have a range of properties depending on sample location 
within the plate. Various tempered CVN samples from the 12C-V alloy were acquired (Chapter 3), but the 
properties may have been slightly different than the properties found by Weiss8 because the PAGS size 
and morphology are different (Section 4.2.8). Thus, it was important to determine microhardness 
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properties of the samples characterized in the current work so that any characterization performed could 
be directly compared with mechanical properties.  
 
Figure 4.29 Microhardness versus PAGS for the HNb and LNb alloys after HTT. 
 
Microhardness for samples tempered for 1 h between 350 ºC to 650 ºC were measured for the 
CR-DQ, HR-DQ, and RA/Q conditions. Figure 4.30a shows the microhardness versus tempering 
temperature for the CR-DQ and RA/Q processing conditions. The CR-DQ condition generally exhibits 
higher microhardness than the RA/Q conditions for a given tempering condition. Figure 4.30b shows the 
microhardness versus tempering temperature for the HR-DQ and RA/Q processing conditions. The HR-
DQ condition generally exhibits higher microhardness than the RA/Q conditions after tempering above 
400 ºC. 
The 350 ºC and 600 ºC tempered conditions were used for detailed microscopy and Figure 4.31 
summarizes the microhardness of these conditions. After 350 ºC, the CR-DQ condition has the highest 
hardness and the HR-DQ condition has the lowest. After 600 ºC tempering, the microhardness follows the 




Figure 4.30 Microhardness as a function of tempering temperature (1 h) for the 12C-V alloy. (a) CR-
DQ and RA/Q conditions. (b) HR-DQ and RA/Q conditions. The standard deviation for 
each condition is shown as uncertainty bars. 
 
 
Figure 4.31 The microhardness of the conditions selected for additional analysis from the 12C-V 
alloy. 
4.4 CVN Testing 
Charpy V-Notch (CVN) testing was conducted on the HNb alloy for a range of test temperatures 
to determine the ductile to brittle transition temperature (DBTT). Samples from the 12C-V alloy were 
tested at -197 ºC to investigate the low temperature fracture behavior. Additionally, the raw CVN data for 
the 12C-V alloy were taken from Weiss8 and sigmoidal curves were mathematically fit to calculate 
relevant properties. 
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4.4.1 Absorbed Energy Values (HNb Alloy) 
CVN testing was conducted between -197 ºC and 100 ºC on the HNb alloy. From the absorbed 
energy values and following the procedures outlined in Chapter 3, sigmoidal curves were mathematically 
fit to the raw data (Appendix E) to determine critical temperatures. The 20 J transition temperature 
(20J TT) is a convenient quantitative value to compare the low temperature fracture behavior of different 
conditions.  
Figure 4.32 shows the CVN absorbed energy curves for the as-quenched, LTT, and HTT 
conditions. In the as-quenched and LTT conditions, there is insignificant differences in the upper shelf 
energies for all of the conditions. However, the 20J TT decreases with decreasing PAGS. After HTT, the 
upper shelf energy increases with PAGS refinement. The 20J TT is similar for the larger PAGS 
conditions after HTT, and the 20J TT is significantly lower for the small PAGS condition. The 




Figure 4.32 Absorbed energy versus test temperature for the HNb alloy in the as-quenched, LTT, and 
HTT conditions. The mathematically fit sigmoidal curves are shown without the original 
data. 
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4.4.2 Charpy Fracture Behavior (HNb Alloy) 
In the as-quenched and LTT conditions, the fracture surface of all the samples tested at low 
temperatures (-197 ºC) is primarily quasi-cleavage. The fracture surface was analyzed near the center of 
the 10x10 mm CVN samples, i.e. approximately 3 mm from the notch root and 5 mm from any other side, 
which is characteristic of the tri-axial stress state region. Figure 4.33 shows a representative 
macrophotograph of the low temperature fracture surface of the CVN samples. The image shown is for 
the H1200 as-quenched condition and the broken white box outlines the region from which secondary 
electron micrographs were taken. 
 
Figure 4.33 Representative low temperature fracture surface of the H1200 as-quenched condition 
fracture at -197 °C. The region outlined with the white broken box shows the 
approximate location from which the secondary electron micrographs were captured. 
 
Figure 4.34a shows a representative secondary electron image of the quasi-cleavage fracture 
characteristic of all samples in the as-quenched and LTT conditions. The fracture surface is 
predominantly cleavage with the main cleavage features connected by regions of what appear to be 
ductile fracture. Figure 4.34b shows a representative micrograph of a region where some ductile fracture 
between the cleavage facets are apparent. Most of the cleavage fracture is not easily characterized by the 






Figure 4.34 (a) Representative quasi-cleavage cleavage fracture at -197 ºC. Image is a secondary 
electron micrograph from the H1200 as-quenched sample tested at -197 ºC (PAGS: 
49.7 µm). (b) Higher magnification micrograph of for the condition shown in (a). The 
black arrow in both images denotes the crack propagation direction.  
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After HTT, the small PAGS condition shows primarily quasi-cleavage at all test temperatures 
below the 20J TT, but the larger PAGS conditions have a significant amount of prior austenite grain 
intergranular fracture. Figure 4.35a shows a representative micrograph of the prior austenite grain 
intergranular fracture found at a test temperature -197 ºC for the larger PAGS conditions. The 
intergranular fracture is likely insignificant because at the 20J TT, the samples were found to be 




Figure 4.35 (a) Representative prior austenite grain intergranular fracture at -197 ºC after HTT of the 
larger PAGS conditions. Image is a secondary electron micrograph from the H1200-HTT 
sample tested at -197 ºC. (b) Representative quasi-cleavage cleavage fracture near the 
20J TT after HTT of the larger PAGS conditions. Image is from the H1200-HTT sample 
tested at -40 ºC. The black arrow in both images denotes the crack propagation direction. 
4.4.3 Absorbed Energy Values (12C-V) 
Charpy V-Notch testing was conducted by Weiss8 between -100 ºC and 100 ºC on the 12C-V 
alloy. Following the procedures outlined in Chapter 3, sigmoidal curves were mathematically fit to the 
raw data to determine the 20J TT. For the current work, primarily the low temperature fracture behavior 
was characterized. Weiss8,38 and Foley64–66 originally investigated the mean energy transition temperature 
(METT) to address differences in processing conditions. However, the upper shelf energy can change the 
METT if there is no change in low temperature fracture behavior. Figure 4.36 shows a schematic 
representation of the upper shelf energy influence on the METT. If the upper shelf energy is changed by a 
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mechanism that does not influence the brittle fracture behavior, the METT will change. However, the 
20J TT is not affected by changes in the upper shelf energy and therefore, it was used to characterize the 
brittle fracture behavior. 
 
 
Figure 4.36 Schematic representation of the influence from the upper shelf energy on the METT and 
20J TT. 
 
Figure 4.37 shows the sigmoidal curves for the CVN absorbed energy values from the 12C-V 
alloy. The lower shelf energies are not shown in Figure 4.37 because the lower shelf energies were not 
originally reported by Weiss8.  
In the 230 ºC tempered condition, the upper shelf energy of the RA/Q condition is much larger 
than the DQ conditions, but the CR-DQ condition has the lowest 20J TT. However, in the 625 ºC 
tempered conditions, the upper shelf is only slightly higher for the RA/Q condition compared to the DQ 
conditions. Additionally, after 625 ºC tempering, the 20J TT decreases with PAGS refinement, where the 
PAGS is the measured value by Weiss8 (Table 4.4).  
For highly elongated prior austenite grains and a fixed crack propagation direction (such as CVN 
testing), the PAGS, as measured by concentric circles (or cycloids), does not necessarily correlate with 
crack propagation. The crack macroscopically propagates in one direction but the PAGS measurements 
give an overall grain size which does not necessarily correlate the crack propagation direction. 
Additionally, samples were tested in a TD-RD orientation meaning the notch plane is the TD plane and 
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the crack propagates in the RD direction. The spacing of the prior austenite grain boundaries is much 
larger for the CR-DQ samples in this orientation. Additionally, the CR-DQ samples are anisotropic and 
the TD-RD orientation is expected to have the worst mechanical properties. Muckelroy67 showed that for 
cracks propagation in the TD-RD orientation, the 20J TT increases and the upper shelf energy decreases 
compared to the RD-TD orientation. Additional results and discussion are given in Chapter 7 for the low 




Figure 4.37 Absorbed energy versus test temperature for the 12C-V alloy in the 230 ºC and 625 ºC 
tempered conditions. Raw data was digitized from Weiss8 and used to mathematically fit 
sigmoidal curves for each condition. 
 
4.4.4 Charpy Fracture Behavior (12C-V Alloy) 
For the HNb alloy in the as-quenched and LTT conditions, the fracture surface of all the samples 
tested at low temperatures is primarily quasi-cleavage. Figure 4.38 shows representative micrographs of 
the quasi-cleavage fracture characteristic of samples fractured at -197 ºC: (a) CR-DQ, (b) HR-DQ, and (c) 
RA/Q. The fracture features are very similar to the HNb. Therefore, in general, it can be concluded that 
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Figure 4.38 Secondary electron micrographs for the 12C-V alloy fractured at -197 ºC. (a) CR-DQ 
tempered at 350 ºC (b) HR-DQ tempered at 350 ºC (c) RA/Q tempered at 350 ºC. The 
black arrow in all images denotes the crack propagation direction. 
 
4.4.5 Brittle Fracture Transition Temperature (20J TT) 
Figure 4.39a shows the 20J TT versus PAGS for the HNb alloy. In general, small decreases in the 
20J TT are observed for each condition after LTT. However, after HTT, the largest PAGS and smallest 
PAGS condition show a significant decrease in 20J TT. Figure 4.39b shows the 20J TT versus PAGS for 
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the 12C-V alloy, where the PAGS is the measured value by Weiss8 (Table 4.4). In general, for each 
tempering condition, the 20J TT decreases with PAGS refinement. In the 230 ºC tempered condition, the 
CR-DQ sample has a similar measured PAGS (from cycloid method) to the RA/Q, but the 20J TT is 
significantly lower. After 625 ºC tempering, the CR-DQ and RA/Q conditions have similar 20J TT and 
both are significantly lower than the HR-DQ specimen. Again, the measured PAGS for the CR-DQ does 




Figure 4.39 (a) 20J TT versus PAGS for the HNb alloy. (b) 20J TT versus PAGS for the 12C-V alloy. 
The PAGS was measured by Weiss8 using concentric circles. 
 
The optimization of strength and toughness for martensitic steels is one of the project objectives.  
Figure 4.40a shows the relationship between the 20J TT and the UTS for the HNb Alloy. For a given 
PAGS, tempering reduces the UTS and 20J TT. The same trend was found for the 12C-V alloy, which is 
shown in Figure 4.40b. For a given processing history, tempering reduces the UTS and 20J TT. For the 
HNb alloy, the smallest PAGS condition shows the largest reduction in UTS and 20J TT after HTT. 
Similarly, for the 12C-V alloy, the RA/Q condition (smallest equiaxed austenite grain size) shows the 




Figure 4.40 (a) 20J TT versus PAGS for the HNb alloy in the as-quenched, LTT, and HTT 
conditions. Trend lines are shown for each processing condition with the PAGS labeled. 





RESULTS AND DISCUSSION – AUSTENITE CONDITIONING EFFECTS ON THE 
CRYSTALLOGRAPHIC AND MICROSTRUCTURAL FEATURES OF MARTENSITE 
 
The current chapter discusses the crystallographic and microstructural features of low-C 
martensitic steel. The effects of austenite conditioning as it applies to crystallographic and microstructural 
features are presented here. Electron backscatter diffraction (EBSD), x-ray diffraction (XRD), and 
transmission electron microscopy (TEM) were used for characterization and selected results are used in 
the present discussion. 
5.1 Martensite Crystallographic and Microstructural Features (From EBSD) 
The main purpose of EBSD was to explore the crystallographic changes associated with control-
rolled direct-quenched (CR-DQ) processing compared to conventional reaustenitized and quenched 
(RA/Q) processing. The equiaxed prior austenite grain conditions were compared with the 
thermomechanically processed (TMP) prior austenite grain conditions for the HNb alloy that simulated 
CR-DQ. 
5.1.1 Simulation of Kurdjimov-Sachs Orientation Relationship 
The Kurdjimov-Sachs (K-S) orientation relationship (OR) is a specific orientation relationship 
between an FCC and BCC crystal, as described in Chapter 2. The FCC crystal is the parent crystal in the 
current study and the BCC variants are the product crystals. The orientation relationship is a closest-
packed plane in the BCC variant and a close-packed plane in the FCC crystal ({011}BCC || {111}FCC). 
Within the closest-packed plane, a close-packed direction in the BCC variant is aligned with a close-
packed direction in the FCC crystal (<111>BCC || <011>FCC). There are three <011> directions in a single 
{111} plane, and there are two <111> directions in a single {011} plane. Therefore, the K-S OR predicts 
six BCC variants for each independent FCC {111} plane. There are four distinct {111} planes, so there 
are 24 possible BCC crystallographic variants. 
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A Mathematica® program was written to model the 24 martensite (BCC) variants based on a 
single austenite grain (FCC) orientation. The Mathematica® program uses a plane and direction 
orientation for the parent austenite grain as input and produces a text file containing the Euler angles for 
all 24 K-S crystallographic variants. Additionally, the program inserts the other necessary information 
needed to import the text file into the TSL-OIM analysis software. The Mathematica® program is shown 
in Appendix B. Additionally, Appendix C presents the Mathematica® program used to simulate the 
Nishiyama- Wasserman orientation relationship for comparisons with the Kurdjimov-Sachs orientation 
relationship. The Nishiyama-Wasserman orientation relationship is characteristic for plate martensitic 
alloys and the Kurdjimov-Sachs orientation relationship is characteristic of lath martensitic alloys26,124. 
There are four groups of variants based on the four independent {111}γ planes in a single 
austenite grain. A packet is crystallographically defined as a group of variants that originated from the 
same {111}γ plane22. The habit plane of the transformation is nearly parallel to the shared {111}γ plane; 
so all of the variants within a packet have a similar morphology. A block is defined as one or two of the 
variants that have low angle misorientations within a packet22. Block boundaries within a packet typically 
have a high misorientation (>48º) with other blocks and most have a misorientation of 60º. 
The prediction of the Euler angles for martensite variants is a powerful tool. The program can 
produce the K-S crystallographic variants from a single austenite grain or many austenite grains with 
defined orientations. The orientations chosen for the austenite grains should be the desired orientations in 
the EDAX reference frame (Section 3.6.1). An austenite orientation of (001)[010] is convenient for 
showing the symmetry of the K-S OR. This austenite orientation aligns the [001]γ to the z-direction of the 
EBSD sample reference frame (Chapter 3) and [010]γ with the y-direction. The orientation of martensite 
variants can be calculated from the program and shown on a stereographic projection as demonstrated in 
Figure 5.1a. Figure 5.1a shows the projection of the {001}αʹ poles of the 24 theoretical martensite 
variants color coded by packets with the variants V1-V6 labeled. The variant labels correspond to the full-
K-S OR given in Chapter 2. Figure 5.1b shows the {011}αʹ poles of the 24 theoretical martensite variants, 
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again color coded by packets. The four black open circles show the shared {011}αʹ poles of each packet 




Figure 5.1 Simulated stereographic projections from a (001)[010] austenite grain transformed to 
martensite assuming a K-S OR. (a) Martensite (αʹ) {001} poles for the 24 variants. 
Variants V1-V6 are labeled. (b) Martensite {011} poles for the 24 variants. Colors 
represent the different crystallographic packets of martensite and the circled poles are the 
shared pole of a packet. (color image – see PDF copy) 
 
The theoretical model of the martensite variants was experimentally validated with the equiaxed 
prior austenite grain conditions. From an EBSD scan, a single prior austenite grain was cropped out of the 
data by using an image quality (IQ) map and highlighting boundaries with a scalar misorientation (θ) 
between 20º and 46º. These misorientations are not predicted by a K-S OR and are likely prior austenite 
grain boundaries. Figure 5.2a shows an example image quality map where the prior austenite grain 
boundaries are difficult to determine just from the morphology of the martensitic microstructure. 
Figure 5.2b shows the same area in Figure 5.2a with the image quality map removed and the 20º and 46º 
highlighted black. The prior austenite grain boundaries are reasonably well defined, and a single prior 




Figure 5.2 EBSD maps from the H1200 as-quenched condition; PAGS 49.7 µm. (a) EBSD image 
quality map with 20º to 46° boundaries highlighted yellow. At the magnification shown, 
the color highlighting is not easily resolved. (b) EBSD map shown in (a) with the image 
quality map removed. The 20º to 46° boundaries are highlighted black. (color image – 
see PDF copy) 
 
Figure 5.3a shows a stereographic projection of the {001}αʹ poles from a single large prior 
austenite grain in the as-quenched condition (H1200 as-quenched, PAGS: 49.7 µm). The projection can 
be rotated to a prior austenite (001)[010] orientation because of the high symmetry of the crystal structure 
as shown in Figure 5.3b. The theoretical projection in Figure 5.1a is nearly identical to the experimental 
projection in Figure 5.3b. Additionally, Figure 5.3c shows the experimental projection of the {011}αʹ 






Figure 5.3 Stereographic projections for an individual equiaxed large prior austenite grain from the 
H1200 as-quenched sample. (a) The {001}αʹ poles are shown. (b) The variants have been 
mathematically rotated to align the [001]γ with the 001 of the reference frame. The 
projection of the {001}αʹ poles matches the simulation (Figure 5.1a). (c) The projection 
of the {011}αʹ poles after rotation, which also matches the simulation (Figure 5.1b). 
 
The experimental orientation relationship is near Kurdjimov-Sachs. For a shear transformation 
following a K-S OR, the habit plane is an FCC {111}. For the experimental lath martensite a small 
misorientation exists between the true habit plane and the nearest austenite {111}. Figure 5.4 shows a 
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magnified stereographic projection of the experimental martensite variants (on left) and the theoretical 
K-S crystallographic variants (on right). Experimentally, a range of martensite poles are clustered around 
the austenite {111}. These martensite poles are nearly parallel to the austenite habit plane. For low carbon 
lath martensitic alloys Marder and Krauss50 showed that the true austenite habit plane is a {557} plane. 
There are three {557} planes with similar orientations to a {111} plane. Thus, martensite poles clustered 
around the austenite {111} location are indicative that the habit plane is not the {111} but likely the 
{557} planes. 
 
Figure 5.4 Stereographic projections for an individual equiaxed large prior austenite grain with a 
(001)[010] orientation. Experimental poles from the H1200 as-quenched sample on left. 
Theoretical Kurdjimov-Sachs crystallographic variants on right. 
5.1.2 Crystallographic Deviations in the Austenite Grain and Effects on Martensite Variants 
There are several crystallographic deviations possible within a single austenite grain: annealing 
twins, deformation twins, deformation microbands, and sub-grains. Using the program developed, 
crystallographic deviations in the austenite were theoretically modelled.  
Austenite twins are the easiest deviation to determine from the stereographic projections of 
martensite. An austenite twin has a <111>/60º rotation with respect to the rest of the grain. The twin 
crystal only has one conserved {111}γ plane with the parent crystal (the twin plane). Therefore, the other 
three {111}γ planes produce martensite of a different orientation than the parent crystal {111}γ. 
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Figure 5.5a shows the simulated {001}αʹ poles from a (001)[010] austenite grain with a [1-11]/60º twin, 
and the twin rotation axis shown. The projection is simply the sum of two projections with one projection 
rotated 60º about the [1-11] axis. Figure 5.5b shows the projection of {001}αʹ poles from an experimental 
equiaxed prior austenite grain (of arbitrary orientation) with a twin. The experimental projection matches 
the behavior of the theoretical projection. Variants from the austenite twin have some overlapping poles 




Figure 5.5 (a) Simulated stereographic projection of a (001)[010] austenite grain with a [1-11]/60º 
twin transformed to martensite following a K-S OR. Martensite (αʹ) {001} poles for the 
48 variants are shown (assuming both the twin and matrix transform to 24 variants each). 
(b) Experimental {001}αʹ poles for an arbitrarily oriented austenite grain with a twin. 
 
For the TMP prior austenite grain conditions (CR-DQ), deformation microbands are likely 
developed in the austenite during processing. Deformation microbands form along the primary and 
secondary slip systems ({111}γ//<011>γ type) in the austenite. Additionally, lattice rotations along and 
across the microbands are typical6. The lattice rotations in the austenite affect the resulting 
crystallography of the martensite. Therefore, it is important to characterize the types of rotations that can 
occur.  
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The simplest lattice rotation is the rotation along the length of the microbands, which can be 
visualized as a bend in the active {111}γ slip plane. The visualization was confirmed by analyzing an 
INCOLOY® 945 sample compressed at high temperature. The INCOLOY® sample was studied by 
Coryell125 and the EBSD data reanalyzed for the current work. The sample is perhaps also representative 
of the high temperature deformation behavior of FCC crystal structures. Figure 5.6 shows a representative 
EBSD inverse pole figure (IPF) map from a deformed FCC grain that is surrounded by recrystallization; 
grain boundaries (misorientation greater than 15º) are highlighted black and twin boundaries (<111>/60º) 
are highlighted white. The recrystallized grains exhibit limited internal contrast because the grains are 
essentially strain free. However, the contrast within the deformed grains is due to lattice rotations 
associated with the primary and secondary slip systems (labeled in Figure 5.6). Most grains show contrast 
due to one slip system, but some grains show contrast due to a secondary slip system. The region outlined 
with the broken white lines in Figure 5.6a was used for detailed analysis of the lattice rotations associated 
with the microbands.  
The first lattice rotation addressed was the rotation along the microbands. Figure 5.7a shows the 
representative EBSD inverse pole figure map from the deformed FCC grain in Figure 5.6a. The traces of 
the {111} planes are shown for a few points along the length of one of the microbands; the active slip 
plane trace is highlighted. A line misorientation profile that started at the red plane traces (origin) and 
ended at the last set of white plane traces (final) is shown in Figure 5.7b. The bulk lattice rotation reaches 
a misorientation of 4º, which is similar to the deflection of the active slip plane trace, as shown at the final 
position in Figure 5.7a, demonstrated by the highlighted red and white traces at the final location. 
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Figure 5.6 EBSD inverse pole figure map of a deformed INCOLOY®945 sample with some 
recrystallized grains and some deformed grains. Grain boundaries (misorientation greater 
than 15º) are highlighted black and twin boundaries (<111>/60º) are highlighted white. 
Most deformed grains show contrast due to one slip system (primary), but some grains 
show contrast due to a secondary slip system. The region outlined with the broken white 
lines is used in subsequent figures. Color unit triangle in the bottom right is the legend for 
the inverse pole figure map. INCOLOY®945 hot compression and EBSD data collection 




Figure 5.7 (a) EBSD inverse pole figure map of the region shown in Figure 5.6a of the primary slip 
within a deformed FCC grain. The {111} plane traces are shown with the active slip 
plane trace highlighted. Dotted line corresponds to a line misorientation profile from the 
red plane traces (origin) to the final set of white plane traces (final). (b) Scalar 
misorientation versus distance from the origin. INCOLOY®945 hot compression and 
EBSD data collection was performed by Coryell125. (color image – see PDF copy) 
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The axis of rotation for the scalar misorientation angles shown in Figure 5.7a is not always a 
simple low index axis. However, the axes tends to be near a {011} type that lies in the active slip plane. 
Figure 5.8 shows a stereographic projection of the origin and final locations in Figure 5.7a; the red points 
are the origin and the black points are the final orientations. From the projection it is clear that the 
orientation of the active {111} plane rotates along the microband; this rotation affects the resulting 
martensite crystallographic orientation. Martensite variants with habit planes close to the active slip plane 
are typically preferred45,49,92. Therefore, if the austenite plane, from which the martensite transforms, 
rotates, increased misorientations will arise in the martensitic structure. 
 
Figure 5.8 Stereographic projection of the origin (red) and final (black) grain orientations shown in 
Figure 5.7a. The axis of rotation is near {011} type. INCOLOY®945 hot compression 
and EBSD data collection was performed by Coryell125. (color image – see PDF copy) 
 
In addition to rotations along the length of the microbands, lattice rotations occur transverse to the 
length of the microbands. A line misorientation profile was plotted 90º to the profile shown in 
Figure 5.7a, and Figure 5.9a shows the scalar misorientation versus distance from the origin point. The 
misorientation reaches a maximum of approximately 7º for the region measured. The axis of rotation is 
different than that of the lattice rotation along the microbands; the axis of rotation for the lattice rotations 
transverse to the microbands is near a <111> type, which does not lie in the active {111} slip plane.  
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Figure 5.7b shows a stereographic projection of the origin and final locations in Figure 5.7a; the 
red points are the origin and the black points are the final orientations. From the projections in Figures 1.8 
and 1.7b, it is clear the orientation of the active {111} slip plane not only rotates along the microband 
(Figure 5.8), but also transverse to the microband (Figure 5.7b). Again, this lattice rotation affects the 




Figure 5.9 (a) Line scalar misorientation profile transverse to the line shown in Figure 5.7a. (b) 
Stereographic projection of the origin (red) and final (black) grain orientations shown in 
(a). The axis of rotation is near a <111> type. INCOLOY®945 hot compression and 
EBSD data collection was performed by Coryell125. 
 
Since martensite blocks tend to form with habit planes nearly parallel to the deformation 
microbands45,49,92, the substructure along the length of a block can provide information about the 
austenitic substructure. Figure 5.10a shows an EBSD image quality map of a region with several blocks 
for a large TMP prior austenite grain condition (H1250-0.4 as-quenched); the high angle boundaries 
(greater than 15º) are  highlighted black. The white line shown in the image quality map corresponds to 
the line misorientation profile in Figure 5.10b. There is a distinct misorientation gradient along the block, 
and it is hypothesized that this misorientation profile originates from the misorientation along the 
microband in the deformed austenite. The distinct misorientation gradient is present along most blocks for 
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the TMP prior austenite grain conditions and very infrequently found in blocks for the equiaxed prior 
austenite grain conditions. 
  
(a) (b) 
Figure 5.10 EBSD results from large TMP prior austenite grain condition (H1250-0.4 as-quenched); 
PAGS 42.4 µm. (a) Cropped EBSD image quality map showing a line misorientation 
along a block; the high angle boundaries are highlighted black (greater than 15°). (b) The 
scalar misorientation (point to origin) along the line shown in (a).  
 
From the martensitic microstructures, it is nearly impossible to show the lattice rotations 
transverse to the microbands. To analyze the misorientation gradient, several high angle block boundaries 
would have to be crossed, and in doing so, the small misorientation gradients would be lost. Therefore, 
for the current work, the lattice rotations transverse to the microbands were not explored in depth. 
However, it is presumed that these rotations can also be present. 
Figure 5.11a shows the experimental projection of the {001}αʹ poles from an as-quenched TMP 
prior austenite grain from the HNb alloy (H1250-0.4). Compared to an equiaxed prior austenite grain 
(Figure 5.3a), the projection is more diffuse and the K-S symmetry is less readily apparent. The diffuse 
nature of the projection is suggested to be a byproduct of the lattice rotations due to deformation 
microbands in the austenite. Lattice rotations, originating along the length of the microbands in austenite, 
were verified by looking at misorientation profiles along a block (Figure 5.10), so an austenite rotation 
about a <011> axis was simulated using the Mathematica® program developed. Figure 5.7b shows that 
the rotation along a microband is continuous, but a continuous rotation is difficult to simulate using the 
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Mathematica® program. The program inputs discrete austenite orientations and produces all of the 
possible 24 martensite variants for each austenite orientation. Therefore, two discrete orientations 
separated by a <011>/10º rotation were simulated. Figure 5.10b shows that the misorientation along a 
block reaches ~9º.  
After trial and error with determining a specific austenite orientation and specific rotation axis 
that matches Figure 5.11a; Figure 5.11b was produced. Figure 5.11b shows the {001}αʹ poles of the 
simulated 48 variants from two austenite grains that have an axis-angle pair of <011>/10º. The variants 
from one of the austenite grains are highlighted red and the other variants are highlighted black. The 
highlighting shown is not significant to the discussion; it is simply used to make the variants easily 
distinguished for the two austenite orientations. The simulated lattice rotation leads to a diffuse projection 
of the martensite poles and is consistent with the experimental projection in Figure 5.11a. Therefore, it is 
possible that the diffuse nature of the stereographic projections is due to austenite lattice rotations. The 
diffuse nature could also be related to a change in the orientation relationship of the transformation. 
However, since the orientation relationship symmetry is less apparent than the equiaxed as-quenched 
conditions, analysis to determine the orientation relationship from the as-quenched condition was 
inconclusive. 
The orientation relationship of the transformation might be able to be inferred from the high 
temperature tempered conditions because tempering reduces the diffuseness of the stereographic 
projections. Figure 5.12a shows the experimental projection of the {001}αʹ poles from a large TMP prior 
austenite grain after HTT for the HNb alloy (H1250-0.4-HTT). Here, a large TMP prior austenite grain 
condition was used because the lath structure was fully retained after tempering and there was not any 
evidence of recrystallization. The lath structure was investigated with transmission electron microscopy 




Figure 5.11  (a) Experimental stereographic projection of {001}αʹ poles from an as-quenched TMP 
prior austenite grain condition from the HNb alloy (H1250-0.4). (b) Simulated 
stereographic projection of {001}αʹ poles from two prior austenite grains with a 
<011>/10º misorientation following a K-S orientation relationship. All of the possible 
variants are shown. The variants from one prior austenite grain are highlighted black and 





Figure 5.12 Experimental stereographic projections from a large TMP prior austenite grain after HTT 
for the HNb alloy (H1250-0.4-HTT). (a) αʹ {001} poles, and (b) αʹ {011} poles. 
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The diffuse nature of the projection in Figure 5.12a is less than the as-quenched TMP prior 
austenite grain condition (Figure 5.11a) and the K-S symmetry is apparent. Additionally, Figure 5.12b 
shows the experimental projection of the {011}αʹ poles from the same large TMP prior austenite grain 
condition after HTT. In both projections, the K-S OR symmetry is somewhat apparent, but the projections 
are still more diffuse than the as-quenched equiaxed prior austenite grain conditions (Figure 5.3). 
Figure 5.13a shows an EBSD image quality map of a single block for the large TMP prior 
austenite grain conditions after HTT with the high angle boundaries highlighted black. The line in the 
image quality map corresponds to the line misorientation profile in Figure 5.13b. Compared to the as-
quenched condition, the misorientation gradient along the block still exists, but there are distinct regions 
where the misorientation from the origin is relatively constant. These regions can perhaps be interpreted 
as large sub-grains. With sub-grain formation, the stereographic projection becomes less diffuse as shown 
in Figure 5.12, because there is no longer an increased low angle misorientation between the variants 




Figure 5.13 EBSD results from a large TMP prior austenite grain condition for the HNb alloy 
(H1250-0.4-HTT); PAGS 42.4 µm. (a) Cropped EBSD image quality map showing a line 
misorientation along a block and the high angle boundaries highlighted black. (b) The 
scalar misorientation (point to origin) along the line shown in (a). 
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The low angle substructure was also assessed with Kernel Average Misorientation (KAM) plots. 
The kernel average misorientation essentially gives the average misorientation around each data point in 
an EBSD scan. For the kernel average misorientation plots used, the average misorientation with the data 
points up to the 5th nearest neighbor was calculated. Figure 5.14a shows the number fraction of data 
points versus the kernel average misorientation for the largest PAGS condition from the HNb alloy in the 
as-quenched condition with and without TMP. The results are representative of all PAGS conditions 
studied for the HNb alloy. The data follows a lognormal distribution and the lognormal average was 
calculated for each curve. For the equiaxed condition, the average KAM is 1.17º, which is less than the 
TMP condition average of 1.37º. The higher average KAM for the TMP prior austenite grain condition 
indicates that there is increased low angle misorientations, which could be due to the lattice rotations from 
the deformed austenite. 
Figure 5.14b shows the number fraction of data points versus the kernel average misorientation 
for the largest PAGS condition from the HNb alloy in the HTT condition. For the equiaxed conditions, 
the average KAM does not change with tempering. However, the average KAM for the TMP condition 
slightly decreased to 1.29º to with tempering. The decrease in kernel average misorientation is consistent 
with the line misorientation profile shown in Figure 5.13b. The line profile showed that some of the low 
angle substructure tempered out, but there is still an overall misorientation gradient along the block. 
Additionally, the higher kernel average misorientation for the TMP prior austenite grain conditions (as 
compared to the equiaxed prior austenite grain conditions) indicates that there are increased low angle 
misorientations after tempering. 
The same methodology using the kernel average misorientation was applied to the 12C-V CR-DQ 
and RA/Q conditions. Figure 5.15a shows the number fraction of data points versus the kernel average 
misorientation for the 350 ºC – 1 h tempered conditions. Similar to the HNb alloy, the data follows a 
lognormal distribution and the lognormal average was calculated for each curve. For the RA/Q condition, 
the average KAM is 0.87º, which is less than the CR-DQ condition average value of 1.23º. Again, similar 
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to the HNb alloy, the higher average KAM indicates that there increased low angle misorientations, likely 
due to the lattice rotations from the deformed austenite. 
Figure 5.15a shows the number fraction of data points versus the kernel average misorientation 
for the 600 ºC – 1 h tempered conditions (HTT). For the RA/Q condition, the average KAM did not 
change with 600 ºC tempering, as compared to the 350 ºC tempered condition, which is consistent with 
the equiaxed prior austenite grain conditions from the HNb alloy. However, the average KAM for the CR-
DQ condition significantly decreased to 1.00º with 600 ºC tempering. Again, the higher average KAM 




Figure 5.14 Number fraction of data points versus kernel average misorientation for the equiaxed 
prior austenite grain and TMP prior austenite grain conditions from the HNb alloy 
(H1250 and H1250-0.4, respectively). (a) as-quenched conditions. (b) 600 ºC – 1 h 




Figure 5.15 Number fraction of data points versus kernel average misorientation for the RA/Q and 
CR-DQ conditions from the 12C-V alloy. (a) 350 ºC – 1 h tempered conditions. (b) 
600 ºC – 1 h tempered conditions. In both plots, the average value is the lognormal 
average. 
5.1.3 Effects of Austenite Conditioning on the Martensite Packet Morphology 
Typically, the packet size is determined by etching and viewing the microstructure by light 
optical microscopy (LOM). However, for the current martensitic microstructures, the packet morphology 
could not be fully distinguished with LOM. The packet microstructure for the equiaxed prior austenite 
grain conditions can be determined with EBSD using the assumed Kurdjimov-Sachs orientation 
relationship. There are four crystallographic packets based on the four independent {111}γ planes 
(Figure 5.1). In the equiaxed prior austenite grain conditions, the austenite grains are essentially strain 
free and all of the laths within a packet nearly share one common {011}αʹ plane, which stems from a 
{111}γ plane close in orientation to the true habit plane. In a stereographic projection, the shared plane 
nearly projects to a single location (Figure 5.4), which can be highlighted to determine the 
crystallographic packets.  
Figure 5.16a shows a representative image quality map of a single equiaxed large prior austenite 
grain (H1200-LTT) with the high angle boundaries highlighted black (greater than 15º). The packet 
microstructure is not readily distinguishable from the block morphology. Figure 5.16b shows the 
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stereographic projection of the {011}αʹ poles, and the four crystallographic packets corresponding to the 
shared {111} γ planes are highlighted as different colors and outlined by black circles. Figure 5.16c 
shows the image quality map in Figure 5.16a highlighted by the poles in Figure 5.16b. Most packets are 
interlaced with other packets, which is the reason it is difficult to discern the packet microstructure from 
LOM. 
The packet microstructure for the small prior austenite grain conditions is different than the large 
prior austenite grain conditions. For the small prior austenite grain condition (H1200-RA900), a single 
packet nearly encompasses an entire prior austenite grain. Figure 5.17a shows a representative image 
quality map of a single equiaxed small prior austenite grain (H1200-RA900-LTT) with the high angle 
boundaries highlighted black (greater than 15º). All of the blocks have essentially the same morphological 
orientation, which is indicative of a single packet. Figure 5.17b shows the stereographic projection of the 
{011}αʹ poles from the single prior austenite grain and the crystallographic packets highlighted (open 
black circles) as different colors. Figure 5.17c shows the highlighted austenite grain with all of the high 
angle boundaries highlighted black (greater than 15º). For the 2D section shown, the prior austenite grain 
is dominated by a single packet with only minor contributions from the other crystallographic packets. 
Figure 5.18a shows a representative image quality map of a single equiaxed large TMP prior 
austenite grain for the HNb alloy (H1200-0.4-LTT) with the high angle boundaries highlighted black 
(greater than 15º). Again, many prior austenite grains were analyzed and the grain shown is representative 
of all conditions. Similar to the equiaxed prior austenite grain conditions, the packet microstructure is not 
fully apparent from the block morphology. Figure 5.18b shows the stereographic projection of the 
{011}αʹ poles from the single TMP prior austenite grain in Figure 5.18a. Since martensite variants 
preferentially transform parallel to the active austenite slip systems45,49,92, and because the active {111}γ 
slip plane rotates across the grain (Figure 5.7), the stereographic projection is diffuse. Additionally, 
because the active {111}γ slip plane near the habit plane rotates, the austenite habit plane of the austenite 
likely rotates (assumed habit plane is {557}50). The habit plane in the martensite follows the austenite 
rotation, so in a stereographic projection of the martensite {011} poles, there is a range of locations where 
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the martensite {011} poles exist. Therefore, the austenite lattice rotations make it impossible to easily 






Figure 5.16 (a) Image quality map of single equiaxed prior austenite grain from the H1200-LTT 
condition (HNb alloy). Black lines are high angle boundaries (greater than 15º). (b) 
Stereographic projection of {011}αʹ poles from (a). The four crystallographic packets are 
highlighted. (c) Highlighted image quality map showing the crystallographic packets. 







Figure 5.17 (a) Image quality map of single equiaxed prior austenite grain from the H1200-RA900-
LTT condition (HNb alloy). Black lines are high angle boundaries (>15º). (b) 
Stereographic projection of {011}αʹ poles from (a). The four crystallographic packets are 
highlighted. (c) Highlighted image quality map showing the crystallographic packets. 
Black lines are high angle boundaries (>15º). (color image – see PDF copy) 
 
The packets were instead highlighted by using the morphology of the blocks, the location of the 
block’s habit plane in the stereographic projection and user interpretation. However, this type of analysis 
is imprecise and very time consuming method. Therefore, the highlighting is simply used for qualitative 
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visualization of the packet morphology. Figure 5.18c shows the austenite grain highlighted with the 
different crystallographic packets and all of the high angle boundaries highlighted black (greater than 
15º). Similar to the equiaxed prior austenite grain condition, the packet structure is irregular and most 
packets are interlaced with other packets. However, in contrast to the equiaxed prior austenite grain 
conditions, martensite variant selection occurred, which resulted in the large grain consisting of primarily 
two packets. Miyamoto et al.92 showed that prior austenite grains tend to be dominated by packets that are 
related to the primary and secondary austenite slip systems; so the two packets in Figure 5.18c are likely 
related to the primary and secondary slip systems in the deformed austenite grain. The orientation of the 
blocks within the packets is consistent with the orientation of the primary and secondary systems in the 
elongated austenite grain (Figure 5.6). Additionally, there is only a minor contribution from another 
crystallographic packet (green highlight), which is consistent with variant section.  
5.1.4 Effects of Austenite Conditioning on the High Angle Boundary Grain Size 
High angle boundaries are well known to impact mechanical properties such as strength and 
toughness. Since these mechanical properties are generally most strongly related to the grain size defined 
by high angle boundaries, the overall high angle boundary grain size (HABGS) was determined for the 
HNb alloy conditions. Boundaries with a scalar misorientation greater than 15º were highlighted to make 
high angle boundary maps as shown in Figure 5.19 for the H1250-HTT condition and the H1250-0.4-
HTT condition. The high angle boundary maps qualitatively show a refinement in high angle boundary 
grain size with TMP.  
Figure 5.20 shows representative high angle boundary maps for the small prior austenite grain 
conditions; the equiaxed prior austenite grain condition (H1200-RA900-HTT) is shown in (a) and TMP 
prior austenite grain condition (H1200-RA900-HTT) is shown in (b). Similar to the large prior austenite 
grain conditions (Figure 5.19), the high angle boundary maps qualitatively show a refinement in high 
angle boundary grain size with TMP. Additionally, comparing Figure 5.20 with Figure 5.19, the high 
angle boundary maps qualitatively show a refinement in high angle boundary grain size with PAGS 
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refinement. The high angle boundary grain size was measured using a concentric circles line intercept 





Figure 5.18 (a) Image quality map of single equiaxed prior austenite grain from the H1200-0.4-LTT 
condition (HNb alloy). Black lines are high angle boundaries (>15º). (b) Stereographic 
projection of {011}αʹ poles from (a). The four crystallographic packets are highlighted. 
(c) Highlighted image quality map showing the crystallographic packets. Black lines are 






Figure 5.19 High angle boundary maps (greater than 15º) examples for the HNb alloy. (a) H1250-





Figure 5.20 High angle boundary maps (greater than 15º) examples for the HNb alloy. (a) H1200-
RA900-HTT condition. (b) H1200-RA900-0.4-HTT condition. 
 
Figure 5.21a shows the high angle boundary grain size versus equiaxed PAGS for the HNb alloy 
in the as-quenched and HTT conditions. In general, the high angle boundary grain size is reduced with 
PAGS refinement for both the as-quenched and HTT conditions. After HTT, the high angle boundary 
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grain size slightly increases. Caron and Krauss79 showed that for an Fe-0.2C (wt pct) lath martensite, the 
high angle boundary area decreases slightly with tempering at 600 ºC. Therefore, the small increase in 
high angle boundary grain size with HTT is expected. Figure 5.21b shows the high angle boundary grain 
size versus PAGS for the TMP conditions of the HNb alloy in the as-quenched and HTT conditions. 
Similar to the equiaxed prior austenite grain conditions, the high angle boundary grain size is reduced 
with PAGS refinement and after HTT, the high angle boundary grain size increases.  
Figure 5.22a shows the high angle boundary grain size versus PAGS for the equiaxed and TMP 
as-quenched conditions of the HNb alloy. In general, the high angle boundary grain size is refined with 
TMP; the smallest PAGS condition shows the largest refinement. Figure 5.22b shows the high angle 
boundary grain size versus PAGS for the equiaxed and TMP HTT conditions of the HNb alloy. Similar to 




Figure 5.21 EBSD grain size measurement for boundaries greater than 15º using concentric circle test 
lines. (a) High angle boundary grain size versus PAGS for the equiaxed prior austenite 
grain conditions in the as-quenched and HTT conditions from the HNb alloy. (b) High 
angle boundary grain size versus PAGS for the TMP prior austenite grain conditions in 





Figure 5.22 EBSD grain size measurement for boundaries greater than 15º using concentric circle test 
lines. (a) High angle boundary grain size versus PAGS for the as-quenched condition of 
the HNb alloy. (b) High angle boundary grain size versus PAGS for the HTT condition of 
the HNb alloy. 
5.1.5 Block Boundary Characterization: Equiaxed Prior Austenite Grains from the HNb Alloy 
Blocks are the smallest microstructural unit separated by high angle grain boundaries. Therefore, 
block boundaries were characterized as part of the assessment of their role on strength and toughness. For 
the equiaxed prior austenite grain conditions, the single prior austenite grain shown in Figure 5.16 was 
used. Several other grains and conditions were also assessed, and the discussion here is representative of 
all of the equiaxed prior austenite grain conditions.  
Figure 5.23a shows the normalized length fraction of boundaries versus scalar misorientation for 
a typical equiaxed prior austenite grain martensitic microstructure. The length fractions of boundaries are 
normalized to the 60º peak because the 60º misorientations are the most frequent. The large 60º peak is 
expected with a K-S OR because most of the variant pairs within a crystallographic packet have a 60º 
misorientation as described in Chapter 2. A few of the variant pairs (i.e. V1-V4) have low angle 
misorientations (10.53º), but they are not considered in the following discussion. Typically, the 
boundaries between the low angle variant pairs are not expected to contribute significantly to strength and 
toughness5,12,32,62. Additionally, the length fraction of these boundaries (as measured by EBSD) is less 
than 10% of the length fraction of the 60º boundaries (Figure 5.23a).  
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Figure 5.23a also shows a highlighted region of boundary misorientations, corresponding to the 
boundaries that are ±5º from the 60º peak. It is clear that the near 60º boundaries represent the majority of 
the boundaries. Figure 5.23b shows a unit triangle for the axis of rotation for the boundaries highlighted 
in Figure 5.23a. There is a cluster of poles at the 101 corner and a diffuse cluster near the 111 corner. The 
cluster poles at the 101 corner were highlighted blue with a ±5º tolerance, and due to the high symmetry 
of the cubic system, some of the poles along the 001-111 tie line were highlighted with this procedure. 
Figure 5.23b shows that the diffuse spread of rotation axes along the 001-111 tie line is partially due to 
the boundaries with a <011> rotation axis, but some of the poles were classified as a <667>±2º rotation 
axis. With these two rotation axes classified, it was determined that a <011> rotation axis exists for 61% 
of the boundaries and a <667> rotation axis for 16% of the boundaries.  
The prior austenite grain that was highlighted with the different crystallographic packets in 
Figure 5.16c, was additionally highlighted to show the boundaries with <011> and <667> type rotation 
axes. Figure 5.23c shows the prior austenite grain with the <011>/60º boundaries traced black and the 
<667>/60º boundaries traced white. Many block boundaries within the color packets are highlighted, and 
very few packet boundaries are highlighted. Therefore, these two types of axis-angle pairs can be used for 
further characterization work of the block boundaries within packets. 
Grain boundary character distributions were used to determine the boundary interface plane. 
Grain boundary character distributions show the distribution of crystallographic interface plane normals 
in a standard (001)[100] stereogram for a specific axis-angle pair boundary52,126–129. The details of how 
grain boundary character distributions are made is summarized elsewhere in the literature52,126–129. For the 
current work, the key assumption is that the boundaries characterized are nearly planar31. Since blocks 
within a packet nearly share a {011} plane, and the trace of the block boundaries are essentially parallel to 







Figure 5.23 (a) Normalized number fraction of boundaries versus scalar misorientation for a single 
equiaxed prior austenite grain from the H1200-LTT condition (Figure 5.16, HNb alloy). 
(b) Discrete unit triangle plot of the axis of rotation for 60º±5º boundaries. (c) prior 
austenite grain from Figure 5.16c highlighted with the different crystallographic packets. 
Additionally, the <011>/60º boundaries are highlighted black, and the <667>/60º 
boundaries are highlighted white. The boundaries highlighted in (c) correspond to block 
boundaries within a packet. (color image – see PDF copy) 
 
The 60º boundaries highlighted in Figure 5.23c are primarily block boundaries within a packet; so 
grain boundary character distributions are now termed block boundary character distributions. 
Figure 5.24a shows the block boundary character distribution for the [011]/60º axis-angle pair. The axis 
of rotation is parallel to the boundary interface plane normal; thus, the boundaries are predominately twist 
boundaries. Figure 5.24b shows the block boundary character distribution for the [667]/60º axis/angle 
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pair. The axis of rotation is nearly normal to the [-101] interface plane normal (~86º); therefore, the 




Figure 5.24 Block boundary character distributions for a single equiaxed prior austenite grain from 
the HNb alloy (H1200-LTT shown). The block boundary character distributions shown 
are for the single prior austenite grain in Figure 5.16. (a) Block boundary character 
distribution for [011]/60º boundaries. (b) Block boundary character distribution for 
[667]/60º boundaries. The color multiples times random legend is given on the right for 
each block boundary character distribution. (color image – see PDF copy) 
 
The majority of block boundaries are classified as {011} twist boundaries; however, segments of 
the boundaries approach a pure tilt condition. This was also found by Beladi et al.52 for an Fe-0.4C-1.5Mn 
martensitic steel. However, Beladi et al.52 classified some of the boundaries as pure tilt, not near tilt. From 
the K-S OR, a pure <111> tilt boundary is expected for certain variant pairs within a packet (i.e. V1-V2, 
V3-V4 , and V5-V6). The interface plane normals within a crystallographic packet should be {011} and 
because certain pairs have a <111> rotation axis that is orthogonal to the interface plane, the boundaries 
should be pure tilt. However, for the current work, pure tilt boundaries were not found to any significant 
amount; but 16% of the 60º misorientation boundaries are near pure tilt. 
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From the K-S OR, certain variant pairs within a packet have 49.47º misorientation with a [011] 
rotation axis; such as V1-V6. The same methodology that was applied to the 60º boundaries was applied 
to the 50º boundaries to further investigate the remaining block boundary interface planes. Figure 5.25a 
shows the normalized length fraction of boundaries versus scalar misorientation with the 45º to 55º 
boundaries highlighted. From the K-S OR, most of the 50º boundaries are should be packet boundaries. 
However, the variant pairs that make up the packet boundaries (e.g. V1-V9) typically have high index 
rotation axes; for example, the V1-V9 pair has a rotation axis of [-10 3 -13]. Additionally, there are not 
many packet boundary variant pairs with the same rotation axis.  
Figure 5.25b shows a unit triangle for the axis of rotation for the boundaries highlighted in 
Figure 5.25a. There is a cluster of poles at the 101 corner, but the rest of the poles are distributed between 
the 101 and 111 poles. In contrast to the 60º boundaries, only 18% of the 50º boundaries have a <011> 
rotation axis, and therefore the length fraction of block boundaries with 50º is small in comparison to the 
60º block boundaries. The prior austenite grain that was highlighted with the different crystallographic 
packets in Figure 5.16c was additionally highlighted to show the boundaries that have an axis-angle pair 
of <011>/50º as shown in Figure 5.25c. The <011>/50º boundaries are traced black and the all of the 
other 50º boundaries are traced white. The K-S OR predicts that 50º misorientation boundaries with a 
<011> rotation axis are block boundaries within a packet, and the rest of the 50º boundaries are packet 
boundaries; this is confirmed by Figure 5.25c.  
Figure 5.26 shows the block boundary character distribution for the [011]/50º axis/angle pair. 
Similar to the [011]/60º boundaries, the axis of rotation is parallel to the boundary interface plane normal; 
thus, the boundaries are predominately twist boundaries. In contrast to the 60º boundaries, the intensity of 
twist boundaries for the 50º condition is only 16 MRD (MRD: multiples times a random distribution), and 
for the 60º twist boundaries it is 246 MRD. The intensity is likely much less because there are very few 
<011>/50º boundaries. It is concluded that block boundaries are predominately {011} twist boundaries 
with segments tending towards {011}<111> tilt components. Additionally, in almost all cases, block 







Figure 5.25 (a) Normalized number fraction of boundaries versus scalar misorientation for a single 
prior austenite grain from the H1200-LTT condition. (b) Discrete unit triangle plot of the 
axis of rotation for 50º±5º boundaries. (c) Prior austenite grain from Figure 5.16c 
highlighted with the different crystallographic packets. Additionally, the <011>/50º 
boundaries are highlighted black, and the rest of the 50º boundaries are highlighted white. 
The black boundaries highlighted correspond to block boundaries within a packet as 





Figure 5.26 The [011]/50º block boundary character distribution shown is for the single prior 
austenite grain in Figure 5.16. The color multiples times random legend is given on the 
right. (color image – see PDF copy) 
5.1.6 Block Boundary Characterization: TMP Prior Austenite Grains from the HNb Alloy 
The TMP prior austenite grain conditions have distinct crystallographic differences due to the 
microbands produced during processing. Therefore, the same methodologies for determining the block 
boundary character distributions that were performed on the equiaxed prior austenite grain condition was 
applied to the TMP prior austenite grain conditions. The prior austenite grain shown in Figure 5.18 was 
used for the analysis, but several other grains were also assessed and the discussion here is representative 
of all of the TMP prior austenite grain conditions.  
Figure 5.27a shows the normalized fraction of boundary lengths versus scalar misorientation for a 
typical TMP prior austenite grain martensitic microstructure. The length fraction of boundaries were 
normalized to the 60º peak because the 60º misorientations are the most frequent. Additionally, the 
highlighted region corresponds to the boundaries that are ±5º from the 60º peak. Similar to the equiaxed 
prior austenite grain conditions, it is clear that highlighted region represents the majority of the 
boundaries.  
Figure 5.27b shows a unit triangle for the axis of rotation for the boundaries highlighted in 
Figure 5.27a. Similar to the equiaxed prior austenite grain conditions, there is a cluster of poles at the 101 
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corner and a diffuse cluster near the 111 corner. The cluster of poles at the 101 corner were highlighted 
blue with a ±5º tolerance. Again, similar to the equiaxed prior austenite grain conditions, Figure 5.27b 
shows that the diffuse spread of rotation axes along the 001-111 tie line is partially due to the boundaries 
with a <011> rotation axis; some the poles are highlighted blue. The remaining poles along the 001-111 
tie line were not highlighted and similar to the equiaxed prior austenite grain conditions, they are 
classified as a <667>±2º rotation axis. With these two rotation axes classified, it was determined that a 
<011> rotation axis exists for 56% of the boundaries and a <667> rotation axis for 18% of the boundaries.  
The prior austenite grain that was highlighted with the different crystallographic packets in 
Figure 5.18c was additionally highlighted to show the boundaries with <011> and <667> rotation axes. 
Figure 5.27c shows the prior austenite grain with the <011>/60º boundaries traced black and the 
<667>/60º boundaries traced white. In contrast to the equiaxed prior austenite grain conditions, the 
boundary highlighting captured some of the packet boundaries (white arrows). However, from the K-S 
OR, there are not any <011>/60º misorientations for variant pairs where the variants are from different 
packets. Therefore, the packet color highlighting in Figure 5.18 for the TMP prior austenite grain 
condition is likely imperfect. 
Figure 5.28a shows the block boundary character distribution for the [011]/60º axis-angle pair. 
Similar to the equiaxed prior austenite grain condition, the axis of rotation is parallel to the boundary 
interface plane normal; thus, the boundaries are predominately twist boundaries. The maximum intensity 
of twist boundaries for the TMP prior austenite grain condition is slightly less than the equiaxed prior 
austenite grain condition (186 and 246 MRD, respectively, for the TMP and equiaxed prior austenite 
grain conditions); however, based on the other analyses performed, which are not presented, it is likely 
that the differences in maximum MRD are not statistically significant. Figure 5.28b shows the block 
boundary character distribution for the [667]/60º axis-angle pair. Again, similar to the equiaxed prior 
austenite grain condition, the axis of rotation is nearly normal to the [-101] interface plane normal (~86º), 









Figure 5.27 (a) Normalized number fraction of boundaries versus scalar misorientation for a single 
TMP prior austenite grain from the H1200-0.4-LTT condition (Figure 5.18, HNb alloy). 
(b) Discrete unit triangle plot of the axis of rotation for 60º±5º boundaries. (c) prior 
austenite grain from Figure 5.18c highlighted with the different crystallographic packets. 
Additionally, the <011>/60º boundaries are highlighted black, and the <667>/60º 
boundaries are highlighted white. The boundaries highlighted correspond to block 
boundaries within a packet. The white arrows show block boundaries were the color 




Figure 5.28 Block boundary character distributions for a single TMP prior austenite grain from the 
H1200-0.4-LTT condition (Figure 5.18) (a) Block boundary character distribution for 
[011]/60º boundaries. (b) Block boundary character distribution for [667]/60º boundaries. 
The color multiples times random legend is given on the right for each block boundary 
character distribution. (color image – see PDF copy) 
5.1.7 Crystallographic Texture: 12C-V Alloy, Plane Strain Rolling 
CR-DQ processing produces a heavily textured austenitic microstructure during rolling, and some 
form of the texture remains after quenching to martensite. In other words, the textured martensite is 
directly correlated with the austenite texture developed from controlled rolling. A qualitative method for 
determining the austenite texture from the martensite texture has been developed. To assess the texture, 
pole density pole figures (PDPF) were produced. A pole density pole figure is a stereographic projection 
showing the density of poles in a certain location on the projection. The initial pole figure of a large scan 
is much too large for efficient processing, so the poles were binned with a 2º resolution followed by a 
Gaussian smoothing. The final pole figure was then calculated from the smoothed data and plotted with 2º 
resolution. Since the high temperature rolling texture of austenite is not directly known, the rolling texture 
is assumed to be similar to a well-documented FCC material such as aluminum, copper, or brass130.  
A typical schematic of rolling microstructure is shown in Figure 5.29. For conventional mill 
rolling, the RD is one physical direction (shown as horizontal in Figure 5.29), and one crystallographic 
direction type aligns with the physical RD. 
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Figure 5.29 Schematic of rolled austenitic microstructure developed with a controlled-rolling.  
 
The various FCC rolling texture components were simulated using the Mathematica® program 
developed. To simulate the texture, three austenite grains with fixed orientations consistent with FCC 
rolling textures were input into the program. For a copper texture, the austenite grains have {111}<112> 
orientations, and the martensite variants were simulated from the austenite grains with this texture. From 
the simulated martensite variants, a pole density pole figure was made. Figure 5.30a shows the theoretical 
martensite variants produced from an austenitic microstructure with copper texture components. The 
prominent dense poles are marked with an open square symbol. For a brass texture, the austenite grains 
have {011}<112> orientations, and Figure 5.30b the theoretical martensite variants produced from an 
austenitic microstructure with brass texture components. The prominent dense poles are marked with an 
open circle symbol which can then be compared with the locations of dense poles for experimental alloys. 
Samples from the 12C-V CR-DQ condition tempered at 350 ºC for 1 h were sectioned so that the 
ND plane of rolling was parallel to the polished surface. EBSD was performed on this plane (Chapter 3) 
and Figure 5.31a shows the pole density pole figures for the CR-DQ sample. The martensite has 
significant texture that was transferred to it from the austenitic microstructure. The austenitic 
microstructure has significant texture because it was ausformed below the recrystallization temperature. 
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The CR-DQ texture was compared with the simulated textures and Figure 5.31b shows the experimental 
pole density pole figures overlaid with the simulated pole density pole figures. The theoretical pole 
locations for copper and brass texture components are shown as open squares and open circles, 
respectively. Most of the poles from the CR-DQ condition correspond to the brass texture components; 
however, a few distinct poles are related to a copper textured austenite grain. Additionally, a few poles are 
missing from the brass component in the {001} projection along the great circle. The lack of a few poles 
from the brass texture is further proof of variant selection. 
The 12C-V HR-DQ sample was investigated in an attempt to determine if any recrystallization 
texture was developed during hot rolling. In the same fashion as was done for the CR-DQ condition, 
samples tempered at 350 ºC for 1 h were sectioned so that the ND plane of rolling was parallel to the 
polished surface. Figure 5.32a shows the pole density pole figures for the HR-DQ sample; there does not 
appear to be any distinct texture components. There are a few locations in the pole figures that have a 
MRD greater than 1 and less than 1.5, but it is unclear if these locations are significant.  
The 12C-V RA/Q condition was additionally investigated to confirm that no texture was 
developed due to austenitizing. Figure 5.32b shows the pole density pole figures for the RA/Q sample 







Figure 5.30 Simulated martensite pole density pole figures for different parent FCC textures. (a) 
Copper texture, {111}<112>. Open square symbols locate the primary poles. (b) Brass 
texture, {011}<112>. Open circle symbols locate the primary poles. The grayscale bar on 
the right is the multiples times random distribution legend for the pole density pole 







Figure 5.31 Pole density pole figures for the 12C-V CR-DQ sample tempered at 350 ºC / 1 h, PAGS 
of 14 µm. Scan size was 1000x500 µm. (a) Pole density pole figure for the 350 ºC / 1 h 
tempered condition. (b) Same pole density pole figures with the theoretical primary poles 
from Figure 5.30 shown. Open squares, copper texture ({111}<112>). Open circles, brass 
texture ({011}<112>). The grayscale bar on the right is the multiples times random 







Figure 5.32 Pole density pole figures for the 12C-V alloy. Scans were 1000x500 µm. (a) HR-DQ 
condition tempered at the 350 ºC for 1 h; PAGS of 30 µm. (b) RA/Q condition tempered 
at the 350 ºC for 1 h; PAGS of 10 µm. The grayscale bar on the right is the multiples 
times random distribution legend for the pole density pole figures. (grayscale image – see 
PDF copy) 
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5.1.8 Crystallographic Texture: 12C-V Alloy after Tempering at 600ºC for 64 h 
Figure 5.33a shows an image quality map from a 1000x500 µm scan region of the 12C-V CR-DQ 
condition after tempering at 600ºC for 64 h. Since image quality is related to the Kikuchi pattern contrast, 
the contrast in the image quality is primarily due to differences between regions of high and low 
dislocation density in the tempered microstructure. A higher dislocation density results in a lower image 
quality, which manifests as a darker region in an image quality map. Figure 5.33b shows the number 
fraction of data points versus image quality for the image quality map in Figure 5.33a, and for a scan of 
the CR-DQ condition tempered at 350 ºC for 1 h. The 350 ºC tempered condition is fully martensitic; 
therefore, one peak is apparent in Figure 5.33b (broken line). The 600 ºC tempered condition is heavily 
recrystallized as ferrite, and therefore, two peaks are apparent in Figure 5.33b (solid line). The sharper 
peak is primarily related to the more recrystallized ferrite, and the short broad hip is primarily related to 
retained martensite. Figure 5.33c shows the pole density pole figure for the image quality map in 
Figure 5.33a; even though heavy recrystallization occurred, significant texture is still evident in the pole 
density pole figure. Furthermore, the texture components are similar to those in the 350 ºC tempered 
condition shown in Figure 5.31. 
Figure 5.34a shows an image quality map from a small region of the image quality map in 
Figure 5.33a (outlined by broken white line). From Figure 5.34a, it is apparent that the majority of the 
microstructure is recrystallized ferrite, but there are still small islands of less tempered ferrite or 
martensite. Figure 5.34b shows the number fraction of data points versus image quality for the image 
quality map shown in Figure 5.34a and from a scan of the CR-DQ condition tempered at 350 ºC for 1 h 
(broken line). The image quality map in Figure 5.34a appears to show mostly recrystallized grains, and 
Figure 5.34b confirms that the ferrite peak is far more significant than the broad martensite hip in the 
curve. Figure 5.34c shows the pole density pole figure for Figure 5.34a; the texture that was evident for 
the entire microstructure is not evident for this region. There are a few dense poles in the pole density 
pole figure, but they correspond to the small amounts of martensite present. Therefore, it is concluded that 







Figure 5.33 EBSD map and pole density pole figures for the 12C-V CR-DQ sample after 600 ºC 
tempering for 64 h. Entire scan was 1000x500 µm. (a) Image quality map. The region 
outlined with the broken white line is used in Figure 5.34. (b) The number fraction of 
data points versus image quality for the entire scan. Also shown is a scan from the CR-
DQ condition tempered at 350 ºC for 1 h (broken line). (c) Pole density pole figures for 
the entire scan in (a). The grayscale bar in the lower right corner is the multiple times 




Figure 5.34 EBSD map and pole density pole figures for the 12C-V CR-DQ sample after 600 ºC 
tempering for 64 h. The scan is a cropped region from Figure 5.33a (broken white line). 
(a) Image quality map (α denotes ferrite, and αʹ denotes martensite. (b) The number 
fraction of data points versus image quality for the entire scan. Also shown is a scan from 
the CR-DQ condition tempered at 350 ºC for 1 h (broken line). (c) Pole density pole 
figures for (a). The grayscale bar in the lower right corner is the multiple times random 
distribution legend for the pole density pole figures. (grayscale image – see PDF copy) 
5.1.9 Crystallographic Texture: HNb Alloy, Uniaxial Compression 
Plane strain CR-DQ processing produces a heavily textured martensitic microstructure, and the 
textured martensite was directly correlated with the austenite texture. For plane strain CR-DQ processing, 
the RD is one physical direction, and one crystallographic direction aligns with it (shown as vertical in 
Figure 5.29). For axisymmetric compression, which was employed for the current work to simulate 
controlled rolling for the HNb alloy, there is not a single equivalent RD. The effective RD is 90º from the 
compression axis and axisymmetric; thus, there are infinite rolling directions. Figure 5.35a shows a 
representative schematic of the pancaked prior austenite grain microstructure expected from axisymmetric 
compression. As an example of FCC axisymmetric texture, Figure 5.35b shows the pole density pole 
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figures of a C360 brass compression sample compressed at room temperature to a true strain of 0.4. The 
texture is characterized as a {011} fiber texture, because there is a high density of {011} poles along the 
compression axis; it is well known that for FCC crystals, the {011} planes rotated so they are normal to 
the compression axis. The compression axis (CA) labeled in the figure was drawn in based on the dense 
poles in the pole density pole figures. The metallographic samples were not placed perfectly into the 
EBSD reference system as to align the compression axis with one of the reference frame axes, so the 
compression axis was determined from the pole density pole figures.  
The smallest PAGS condition from the HNb alloy (H1200-RA900, PAGS of 9.4 µm before 
compression) was also used for texture analysis. For a given 1000x500 µm scan size, many prior austenite 
grains were sampled, thus yielding the most statistically significant result. Figure 5.36a shows pole 
density pole figures for the equiaxed prior austenite grain condition. Similar to the 12C-V RA/Q 
condition, a distinct texture components are not evident, and in general, the poles are randomly 
distributed. Figure 5.36b shows pole density pole figures for the same prior austenite grain condition but 
after axisymmetric compression to a true strain of 0.4. A distinct martensitic texture is apparent and it 
directly correlates with the austenite compression texture. In the martensite {111} pole density pole 
figure, dense poles exist parallel to the compression axis. Therefore, following a K-S OR, the martensite 
{111} planes are likely parallel to austenite {011} planes. Thus, it is concluded that the austenite likely 
had a strong {011} fibrous texture; which is similar to the C360 brass sample (Figure 5.35b). Again, since 
the compression axis is roughly parallel horizontal in the figures, the compression axis was drawn based 



















Figure 5.35 (a) Schematic of pancaked prior austenite grain microstructure for axisymmetric 
compression. (b) Pole density pole figure for cold compressed C360 brass (ε=0.4). 
Sample was sectioned along the compression axis to expose a microstructure similar to 
the schematic in (a). The compression axis could not be perfectly aligned with the EBSD 
reference frame, so the compression axis was drawn on the figure based on the dense 
poles in the pole density pole figure. The grayscale bar on the right is the multiple times 







(a) (b)  
Figure 5.36 Pole density pole figures for the H1200-RA900 heat treatment in the as-quenched 
condition. Scans were 1000x500 µm. (a) The equiaxed prior austenite grain condition, 
PAGS of 9.4 µm. (b) The same prior austenite grain condition after TMP, PAGS of 
5.6 µm. The compression axis was drawn in based on the dense poles in the {111} pole 
density pole figure in (b). The grayscale bar on the right is the multiple times random 
distribution legend for the pole density pole figures. (grayscale image – see PDF copy) 
5.2 Prediction of the Dislocation Density Increase with TMP (HNb and LNb Alloys) 
The compression flow stress data were used in an attempt to predict the dislocation density 
increase due to TMP. For each compression test, load and actuator displacement were used to calculate 
the engineering stress and strain with the assumption that actuator displacement is equivalent to the 
sample gauge length change. This assumption ignores the various factors that contribute to compliance in 
the system, but the true sample length change could not be recorded. The samples are nearly isothermal, 
and the bulk of the fixturing is at a lower temperature than the sample, so the actuator displacement 
should be similar to the sample displacement.  
Figure 5.37 shows representative true stress/strain flow curves for the three initial austenite grain 
sizes (AGS) of the HNb alloy. The flow stress at every strain increases with PAGS refinement. 
Additionally, the flow stress data for the HNb and LNb alloy were indistinguishable. The HNb alloy is 
used for the bulk of detailed analysis in the current work, so it is used for the following discussion.  
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Figure 5.37 High temperature compression true stress versus true strain for the HNb alloy. 
Deformation was performed at 850 ºC.  
 
To estimate the dislocation density increase from TMP, the increase in strength from the yield 
strength to the maximum compressive stress (MCS) before unloading was related to dislocation density 
increase. The maximum compressive stress after each compression step (ε = 0.2 and 0.4) was modelled 
with the following equation: 
 
𝜎𝑀𝐶𝑆 = 𝜎𝑜 + 𝜎𝜌 + 𝜎𝑠𝑠 + 𝜎𝑝𝑝𝑡 + (𝐴𝐺𝑆)
−0.5     MPa 
5.1 
where σo is the Peierls stress, σρ is strengthening due to dislocations, σss is the solid solution strengthening, 
σppt is strengthening due to precipitation, and (AGS)
-0.5 is the Hall-Petch strengthening term. Since there 
were indistinguishable differences between the flow curves of the HNb and LNb alloys, it was assumed 
that the contributions from Nb to the precipitation strengthening and solid solution strengthening were 
small. Thus, these two strengthening terms were summed with the lattice friction stress to form σremain. 
Additionally, the strengthening due to dislocations was assumed to follow a Taylor Hardening model; 
thus, Eq. 5.1 was extended to the following: 
 
𝜎𝑀𝐶𝑆 = 𝜎𝑟𝑒𝑚𝑎𝑖𝑛 + 𝑀𝛼𝐺𝑏𝜌
0.5 + (𝐴𝐺𝑆)−0.5     MPa 5.2 
where M is the average Taylor factor (3.06131 for FCC crystals), α is a fitting constant (typically between 
0.3 and 0.7)132, G is the shear modulus, b is the Burgers vector, and ρ is the dislocation density. 
Additionally, since TMP was performed below the austenite recrystallization temperature and long 
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interpass times were not employed, it is assumed that limited recovery occurred. Furthermore, it is 
assumed that the changes in constants for the Taylor hardening model (M, α, G, b) with time are 
insignificant. 
The elevated temperature shear modulus of several stainless steels has been tabulated 
previously133. In general, for a wide range of alloys, G ranges from 49 GPa to 51 GPa at temperatures 
between 850 and 950 ºC. For the current analysis, a value of 50 GPa was used.  
The elevated temperature lattice parameter of austenite for a range of carbon concentrations has 
also been studied previously134. For a Fe-0.3C (wt pct) steel at 850 ºC, the lattice parameter is 0.365 nm. 
Using this value as an estimate of lattice parameter in the current alloys, the Burgers vector for a <110> 
slip direction was calculated as 0.258 nm.  
The dislocation density of the austenite was not determined in situ for the various compressions 
tests. However, the initial dislocation density of the austenite (before compression) is most likely on the 
order of 107 to 108 m-2, typical values for well annealed metals, and likely does not contribute 
significantly to strength4,6. Therefore, the yield strength for the first compression step is simplified to 
σremain + AGS
-0.5 in Eq. 5.2. Figure 5.38 shows the compressive yield stress versus inverse square root of 
the AGS for the first compression step. From the linear regression, the y-intercept is equivalent to σremain; 
therefore, 64 MPa was the assumed value for σremain in Eq. 5.2. 
Figure 5.39 shows the maximum compressive stress versus inverse square root of the AGS for the 
HNb alloy for both compression steps; the linear relationship indicates that the maximum compressive 
stress has a Hall-Petch relationship with AGS, which is consistent with Eq. 5.1. The intercept from the 
linear regression is equal to  𝜎𝑟𝑒𝑚𝑎𝑖𝑛 +  𝑀𝛼𝐺𝑏𝜌
0.5 and is therefore related to the dislocation density 
increase due to TMP. 
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Figure 5.38 Austenite yield stress versus inverse square root of the austenite grain size (AGS) for the 
HNb alloy. The yield stress was extracted from the first compression step. 
 
 
Figure 5.39 Maximum compression stress versus inverse root of the austenite grain size (AGS) for 
the HNb alloy after a 0.2 and 0.4 true strain compression. 
 
The y-intercepts from Figure 5.39 for either compression test (single hit 0.2 or double hit 0.4) can 
be used with a Taylor hardening model to predict the dislocation density increase due to TMP. However, 
a fitting constant (α) for the Taylor hardening model has to be estimated. It seems reasonable to assume 
that the fitting constant is on the bottom end of the typical range (0.3 to 0.6) because at the deformation 
temperature of 850 ºC, the dislocations are highly mobile due thermal energy assistance. Thus, the 
strengthening effect of the dislocations is reduced. 
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To estimate the strength increase due to TMP, the yield stress of the austenite prior to 
deformation was subtracted from the maximum compressive stress after the double hit 0.4 true strain 
compression tests. The yield stress that is not accounted for by the AGS is 64 MPa (σremain), which is the 
y-intercept in Figure 5.38, and the maximum compressive stress that is not accounted for by the AGS is 
570 MPa (σremain+ MαGbρ
0.5), which is the y-intercept in Figure 5.39. Therefore, the increase in strength 
due to dislocation generation is 506 MPa (570 MPa minus 64 MPa), assuming σremain is constant during 
deformation. The strength increase (506 MPa) was used with the Taylor hardening model and appropriate 
constants to predict the dislocation density. Figure 5.40 shows the predicted dislocation density increase 
versus strength increase for two different fitting constants (α: 0.3 and 0.4). For fitting constants (α) of 0.3 
and 0.4, the calculated dislocation density increase of the austenite is between 1x1015 and 1.8x1015 m-2, 
respectively. In Section 6.3.2 it is shown that the measured dislocation density increase of martensite, due 
to TMP, is between 0.4x1015 and 2.7x1015 m-2. Therefore, predicted values of dislocation density 
differences in the austenite are comparable to the measured values in martensite. 
 
 
Figure 5.40 Estimated dislocation density a function of strength increase for high temperature 
austenite deformation. 
5.3 Dislocation Density Measurements from X-Ray Diffraction Line Profiles 
The current section presents the results from the x-ray diffraction analysis. Representative peak 
profiles are shown along with the results from a modified Williamson-Hall method for calculating the 
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dislocation density and “crystallite” size from peak broadening. The dislocation density is related to the 
strength of the alloys in the discussion in Chapter 6. 
5.3.1 Initial Dislocation Density and Crystallite Size: HNb Alloy 
The dislocation density was calculated from the modified Williamson-Hall method outlined in 
Chapter 3. A minimum of two scans was performed on every sample, and the reported dislocation density 
is the average. Figure 5.41a shows the initial dislocation density versus PAGS for the equiaxed prior 
austenite grain conditions from the HNb alloy. In the as-quenched condition, the dislocation density 
increases from 8.1x1015 m-2 to 9.8x1015 m-2 with PAGS refinement. After LTT, the dislocation density 
decreases for all conditions, but the decrease is sensitive to the PAGS; the small PAGS condition has the 
largest decrease (-1.8x1015 m-2). After HTT, again the dislocation density decreases for all conditions and 
is sensitive to PAGS. The dislocation density decreases from 1.2x1015 m-2 to 0.5x1015 m-2 with PAGS 
refinement, which is in contrast to trend observed in the as-quenched condition.  
The TMP prior austenite grain conditions have a different relationship between PAGS and 
dislocation density compared to the equiaxed prior austenite grain conditions. Figure 5.41b shows the 
dislocation density versus PAGS for the TMP prior austenite grain conditions from the HNb alloy. In the 
as-quenched condition, the dislocation density is relatively insensitive to PAGS. After LTT, no significant 
trends emerge; the small PAGS conditions shows a slight increase in dislocation density (~0.7x1015 m-2) 
and the largest PAGS condition is unchanged. The increase in dislocation density for the smallest TMP 
prior austenite grain conditions is unexpected. After HTT, similar to the equiaxed prior austenite grain 
condition, the dislocation density decreases with PAGS refinement; the dislocation density decreases 




Figure 5.41 Dislocation density measured from a modified Williamson-Hall method. (a) Dislocation 
density versus PAGS for the HNb alloy with equiaxed prior austenite grain in the as-
quenched, LTT, and HTT conditions. (b) Dislocation density versus PAGS for the HNb 
alloy with TMP prior austenite grain in the as-quenched, LTT, and HTT conditions. The 
uncertainity bars correspond to the standard deviation of the data sets. 
 
The crystallite size calculated from x-ray line broadening is due to microstructural 
boundaries113,115, but in martensite, the physical meaning of the crystallite size is not clear. Additionally, 
the crystallite size is typically not reported for XRD measurements of dislocation density in 
martensite63,82,86. However, the calculated crystallite size can be used as a semi-quantitative measurement 
for the coarsening of the microstructure because as the microstructure coarsens, the measured crystallite 
size should increase.  
Figure 5.42a shows the crystallite size versus PAGS for the equiaxed prior austenite grain 
conditions from the HNb alloy. In the as-quenched condition, the crystallite size mildly decreases with 
PAGS refinement (63 to 59 nm). After LTT, the crystallite size does not significantly change. After HTT, 
the crystallite size increases for all conditions, but the increase is sensitive to the PAGS. The smallest 
PAGS condition has the largest increase (~194 nm), and the largest PAGS condition has the smallest 
increase (~123 nm). Furthermore, the crystallite size increases as PAGS decreases.  
Figure 5.42b shows the crystallite size versus PAGS for the TMP prior austenite grain conditions 
from the HNb alloy. In contrast to the equiaxed as-quenched prior austenite grain conditions, the 
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crystallite size mildly increases with PAGS refinement (55 to 59 nm). Similar to the equiaxed prior 
austenite grain conditions, after LTT, the crystallite size does not significantly change. Similar to the 
equiaxed prior austenite grain conditions, after HTT, the crystallite size increases over the as-quenched 
condition for all conditions, but the magnitude of the increase is sensitive to the PAGS. The smallest 
PAGS condition has the largest increase (~490 nm), and the largest PAGS condition has the smallest 






Figure 5.42 Crystallite size measured from a modified Williamson-Hall method. (a) Crystallite size 
versus PAGS for the HNb alloy with equiaxed prior austenite grains in the as-quenched, 
LTT, and HTT conditions. (b) Crystallite size versus PAGS for the HNb alloy with 
pancaked prior austenite grains in the as-quenched, LTT, and HTT conditions. 
Uncertainty bars correspond to the standard deviation of the calculated values. 
5.3.2 Effects of TMP on the Initial Dislocation Density and “Crystallite” Size (HNb Alloy) 
Figure 5.43a shows the initial dislocation density versus PAGS for the equiaxed and TMP prior 
austenite grain conditions from the HNb alloy in the as-quenched condition. In all conditions, TMP with a 
true strain of 0.4 increases the dislocation density of the as-quenched martensite. The largest increase in 
dislocation density occurs for the largest PAGS condition (2.7x1015 m-2) and the smallest increase occurs 
for the smallest PAGS condition (~0.4x1015 m-2). Therefore, from a dislocation density point of view, 
TMP-DQ processing appears to be the most beneficial for the larger PAGS conditions. 
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Figure 5.43b shows the initial dislocation density versus PAGS for the equiaxed and TMP prior 
austenite grain conditions from the HNb alloy in the HTT condition. Again, the dislocation density 
appears to be higher after TMP over the range of PAGS assessed. The initial austenitizing temperature 
was the same for the equiaxed and TMP-DQ conditions, and the TMP step was simply applied at a lower 
temperature before the quench after austenitizing to achieve a specific austenite grain size (Chapter 3). 
Therefore, for a given processing condition (i.e. austenite grain size before compression), the dislocation 




Figure 5.43 Dislocation density measured from a modified Williamson-Hall method. (a) Initial 
dislocation density versus PAGS for the HNb alloy in the as-quenched condition. (b) 
Initial dislocation density versus PAGS for the HNb alloy in the HTT condition. 
Uncertainty bars correspond to the standard deviation of the calculated values. 
 
Figure 5.44a shows the initial crystallite size versus PAGS for the equiaxed and TMP prior 
austenite grain conditions from the HNb alloy in the as-quenched condition. TMP with a true strain of 0.4 
mildly decreases the crystallite size for the larger PAGS conditions, but the crystallite size is unchanged 
for the small PAGS condition. Figure 5.44b shows the initial crystallite size versus PAGS for the 
equiaxed and TMP prior austenite grain conditions from the HNb alloy in the HTT condition. There are 
small differences in crystallite size for the larger PAGS conditions (less than 50 nm), but the small PAGS 
condition has a large difference in crystallite size (~295 nm). For the determination of the crystallite size, 
191 
a Scherer fitting constant106 0.9107,108,110,112,113 was used (Chapter 3). However, the crystallographic and 
microstructural changes associated with TMP may alter the constant. The fitting constant depends on 
several factors, one of those factors being microstructural feature abnormality. The microstructural feature 
abnormality is related to the morphological shape of the features115; a different fitting constant should be 
used for equiaxed features compared to elongated features. If TMP changes the morphology of the 
microstructural feature that is the crystallite size, then the fitting constant changes. However, it is worth 




Figure 5.44 Crystallite size measured from a modified Williamson-Hall method. (a) Initial crystallite 
size versus PAGS for the HNb alloy in the as-quenched condition. (b) Initial crystallite 
size versus PAGS for the HNb alloy in the HTT condition. Uncertainty bars correspond 
to the standard deviation of the calculated values. 
5.3.3 Initial Dislocation Density and Crystallite Size: LNb Alloy 
Similar to the HNb alloy, a minimum of two scans was performed on every LNb sample, and the 
reported dislocation density is the average. Figure 5.45a shows the initial dislocation density versus 
PAGS for the equiaxed prior austenite grain conditions from the LNb alloy. Similar to the HNb alloy, in 
the as-quenched condition, the dislocation density increases from (8.2x1015 m-2) to (9.0x1015 m-2) with 
PAGS refinement. After HTT, again similar to the HNb alloy, the dislocation decreases from 
(1.2x1015 m-2) to (0.8~x1015 m-2) with PAGS refinement. Figure 5.45b shows the initial crystallite size 
versus PAGS for the equiaxed prior austenite grain conditions from the LNb alloy. Similar to the HNb 
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alloy, in the as-quenched condition, the crystallite size mildly decreases from 64 nm to 59 nm with PAGS 





Figure 5.45 Calculated values from a modified Williamson-Hall method. (a) Dislocation density 
versus PAGS for the LNb alloy with equiaxed prior austenite grains in the as-quenched 
and HTT conditions. (b) Crystallite size versus PAGS for the LNb alloy with equiaxed 
prior austenite grains in the as-quenched and HTT conditions. Uncertainty bars 
correspond to the standard deviation of the calculated values. 
5.3.4 Effects of TMP on the Initial Dislocation Density and “Crystallite” Size (LNb Alloy) 
Figure 5.46a shows the dislocation density versus PAGS for the equiaxed and TMP prior 
austenite grain conditions from the LNb alloy in the as-quenched condition. In all conditions, similar to 
the HNb alloy, TMP with a true strain of 0.4 increases the initial dislocation density of the as-quenched 
martensite. The largest increase in dislocation density occurs for the largest PAGS condition 
(2.1x1015 m-2) and the smallest increase occurs for the small PAGS (1.4x1015 m-2).  
Figure 5.46b shows the crystallite size versus PAGS for the equiaxed and TMP prior austenite 
grain conditions from the LNb alloy in the as-quenched condition. For the larger PAGS conditions, TMP 
with a true strain of 0.4 mildly decreases the crystallite size from 64 nm to 53 nm. Additionally, the small 
PAGS condition is relatively unchanged (less than 2 nm difference). The trends found for the LNb alloy 




Figure 5.46 Calculated values from a modified Williamson-Hall method. (a) Dislocation density 
versus PAGS for the LNb alloy in the as-quenched condition. (b) Crystallite size versus 
PAGS for the LNb alloy in the as-quenched condition. Uncertainty bars correspond to the 
standard deviation of the calculated values. 
5.3.5 Dislocation Density at the Ultimate Tensile Strength: HNb and LNb Alloys 
Fractured tensile specimens were sectioned outside of the necked region and mounted for XRD 
analysis. Figure 5.47 shows a sectioning schematic for the fractured tensile specimens. The sectioned 
plane was ground to 1200 grit using standard metallographic techniques, and two XRD line profiles were 
collected per specimen using Cr-radiation. 
 
 
Figure 5.47 Sectioning schematic for samples used to determine the dislocation density at the ultimate 
tensile strength. 
 
The dislocation density at the UTS was measured for all conditions that were tensile tested. 
Figure 5.48a shows the dislocation density at the UTS versus PAGS for the HNb alloy in the as-
quenched, LTT, and HTT conditions. In the as-quenched condition, the UTS dislocation density increases 
from 11.4x1015 m-2 to 16.1x1015 m-2 with PAGS refinement. After HTT, similar to the initial dislocation 
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density, the UTS dislocation density decreases from 4.0x1015 m-2 to 1.9x1015 m-2 with PAGS refinement. 
Therefore, the trends found at the UTS are qualitatively the same as the initial dislocation density, just at a 
higher absolute value.  
Figure 5.48b shows the UTS crystallite size versus PAGS for the HNb alloy in the as-quenched, 
LTT, and HTT conditions. In general, similar to the initial crystallite sizes, the crystallite size slightly 
decreases from 88 nm to 85 nm with PAGS refinement in the as-quenched condition. Additionally, after 




Figure 5.48 Calculated values from a modified Williamson-Hall method. (a) UTS dislocation density 
versus PAGS for the HNb alloy in the as-quenched, LTT, and HTT conditions. (b) UTS 
crystallite size versus PAGS for the HNb alloy in the as-quenched, LTT, and HTT 
conditions. Uncertainty bars correspond to the standard deviation of the calculated 
values. 
5.3.6 Effects of Nb Microalloying on the UTS Dislocation Density and “Crystallite” Size 
The dislocation density and crystallite size at the ultimate tensile strength were compared 
between the HNb and LNb alloys. Figure 5.49a shows the dislocation density at the ultimate tensile 
strength versus PAGS for the HNb and LNb alloys in the as-quenched condition. In general, both alloys 
show the same trend; the dislocation density increases with PAGS refinement. Figure 5.49b shows the 
crystallite size at the ultimate tensile strength versus PAGS for the HNb and LNb alloys in the as-
quenched condition. For the HNb alloy, the crystallite size is relatively insensitive to PAGS, but for the 
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LNb alloy, the crystallite size slightly decreases with PAGS refinement. Additionally, it is worth noting 
that the HNb alloy has a more refined crystallite size than the LNb alloy for all PAGS conditions. This 
difference was not investigated and because the exact Scherer fitting constants were not known, it is 




Figure 5.49 Calculated values from a modified Williamson-Hall method. (a) Dislocation density at 
the ultimate tensile strength versus PAGS for the HNb and LNb alloys in the as-quenched 
condition. (b) Crystallite size at the ultimate tensile strength versus PAGS for the HNb 
and LNb alloys in the as-quenched condition. Uncertainty bars correspond to the standard 
deviation of the calculated values. 
5.3.7 Comparison: Initial and UTS Dislocation Density / “Crystallite” Size (HNb Alloy) 
The initial dislocation density was compared with the UTS dislocation density for all conditions. 
Changes in dislocation density can give insight into the work hardening behavior of the material as will 
be discussed in further detail in Chapter 6. Figure 5.50a shows the initial dislocation density and the 
dislocation density at the ultimate tensile strength versus PAGS for the HNb alloy in the as-quenched 
condition. All conditions show an increase in dislocation density from the initial value up to the ultimate 
tensile strength. The smallest PAGS condition shows the largest increase from 9.8x1015 m-2 to 
16.1x1015 m-2. This large increase is likely an outlier because all other conditions show an increase on the 
order of 2x1015 m-2. The samples used for XRD measurements were sectioned from fractured tensile 
specimens (Figure 5.47). Thus, it is possible that the sample for the smallest PAGS conditions may have 
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been sectioned too close to the necked region where significantly more deformation, not characteristic of 
the ultimate tensile strength, occurred. 
Figure 5.50b shows the initial dislocation density and the dislocation density at the ultimate 
tensile strength versus PAGS for the HNb alloy in the HTT condition. All conditions show an increase in 
dislocation density up to the ultimate tensile strength. The largest PAGS shows the largest increase 




Figure 5.50 Dislocation density measured from a modified Williamson-Hall method. (a) Initial 
dislocation density and dislocation density at the ultimate tensile strength versus PAGS 
for the HNb alloy in the as-quenched condition. (b) Initial dislocation density and 
dislocation density at the ultimate tensile strength versus PAGS for the HNb alloy in the 
HTT condition. Uncertainty bars correspond to the standard deviation of the calculated 
values. 
 
The initial crystallite size was compared with the crystallite size at the ultimate tensile strength 
for all conditions. Changes in crystallite size can give insight into the work hardening behavior of the 
material as will be discussed in further detail in Chapter 6. Figure 5.51a shows the initial crystallite size 
and the crystallite size at the ultimate tensile strength for the HNb alloy in the as-quenched condition 
versus PAGS. In general, all conditions show essentially a constant increase in crystallite size at the 
ultimate tensile strength. Figure 5.51b shows the initial crystallite size and the crystallite size at the 
ultimate tensile strength for the HNb alloy in the HTT condition versus PAGS. In general, the crystallite 
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size does not increase from the initial state up to the ultimate tensile strength. The largest PAGS condition 




Figure 5.51 Crystallite size measured from a modified Williamson-Hall method. (a) Initial crystallite 
size and crystallite size at the ultimate tensile strength versus PAGS for the HNb alloy in 
the as-quenched condition. (b) Initial crystallite size and crystallite size at the ultimate 
tensile strength versus PAGS for the HNb alloy in the HTT condition. Uncertainty bars 
correspond to the standard deviation of the calculated values. 
5.3.8 Initial Dislocation Density and Crystallite Size: 12C-V Alloy 
A minimum of three scans was performed on every sample assessed from the 12C-V alloy, and 
the reported dislocation densities are the average. Figure 5.52a shows the initial dislocation density versus 
PAGS for the 12C-V alloy in the 350 ºC and 600 ºC tempered conditions. In the 350 ºC tempering 
condition, the dislocation density is insensitive to PAGS and processing history. However, as shown in 
Section 4.3.5, the microhardness increased in the following order: HR-DQ < RA/Q < CR-DQ. The 350 ºC 
tempered conditions were not used for additional analysis outside of the current section because this 
tempering condition was not directly comparable to the processing conditions of the HNb and LNb alloys; 
the HNb and LNb alloys were tempered at 200 ºC and 600 ºC. 
After tempering at 600 ºC for 1 h (HTT), the dislocation density decreased for all conditions 
compared to the 350 ºC tempered conditions. All DQ conditions had a higher dislocation density than the 
RA/Q condition after HTT. For the DQ samples (open symbols), the dislocation density increased from 
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1.5x1015 m-2 to 2.3x1015 m-2 with PAGS refinement, which also coincides with a decrease in finish rolling 
temperature (FRT), i.e. HR-DQ, RCR-DQ, and CR-DQ.  
Figure 5.52b shows the initial crystallite size versus PAGS for the 12C-V alloy in the 350 ºC and 
600 ºC tempered conditions. In the 350 ºC tempering condition, the crystallite size decreases from 102 nm 
to 69 nm with PAGS refinement for the DQ samples (open symbols). However, after HTT, the trend was 
reversed for the DQ samples; the crystallite size increases from 181 nm to 272 nm with PAGS refinement. 
  
(a) (b) 
Figure 5.52 Calculated values from a modified Williamson-Hall method. Open symbols represent the 
TMP-DQ conditions; with decreasing finish rolling temperature (FRT), preccing 
conditions are HR-DQ, RCR-DQ, and CR-DQ. (a) Initial dislocation density versus 
PAGS for the 12C-V alloy in the 350 ºC and 600 ºC tempered conditions. (b) Initial 
crystallite size versus PAGS for the 12C-V alloy in the 350 ºC and 600 ºC tempered 
conditions. Uncertainty bars correspond to the standard deviation of the calculated 
values. The PAGS is the PAGS measured in the current work (Chapter 4). 
5.4 Transmission Electron Microscopy: HNb and 12C-V Alloys 
Qualitative TEM analysis was conducted to understand the substructure evolution after high 
temperature tempering (600 ºC for 1 h), which is referred to as HTT for the following discussion, for the 
HNb and 12C-V alloys. The mechanical properties, presented in Chapter 4, showed that in the as-
quenched condition the strength increased with PAGS refinement. However, after HTT, the strength 
decreases with PAGS refinement. This trend was found for the HNb alloy with equiaxed and TMP prior 
austenite grains and also the LNb alloy with equiaxed prior austenite grains. Therefore, the tempering 
response of the martensitic microstructures appears to be dependent on the PAGS or another feature that 
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is related to the PAGS. Tempering at 600 ºC for 1 h is not expected to enable significant mobility of the 
high angle boundaries. Caron and Krauss79 showed that after 600 ºC tempering of an Fe-0.2C (wt pct) 
martensitic steel, the high angle boundary area per unit volume only slightly decreases as compared to the 
as-quenched condition. Furthermore, it is reasonable to assume that a Fe-0.2C steel tempers more rapidly 
than the low alloy steels studied in the current work with the same carbon content. Therefore, high 
temperature tempering at 600 °C only directly affects the dislocation substructure, low angle boundaries 
(lath boundaries), and carbide precipitation.  
5.4.1 Qualitative TEM of Equiaxed Prior Austenite Grains; HNb Alloy Conditions 
In the as-quenched conditions of the HNb alloy, all samples have the typical lath morphology. 
Figure 5.53a shows a representative TEM micrograph for the large equiaxed PAGS in the as-quenched 
condition (H1250 as-quenched). Figure 5.53b shows a representative TEM micrograph for the small 
equiaxed PAGS in the as-quenched condition (H1200-RA900 as-quenched). The high dislocation density 
(greater than 1015 m-2) and lath morphology is easily be recognized in both micrographs. The dislocation 
density measured by XRD (Figure 5.41a) was higher for the H1200-RA900 as-quenched than the H1250 
as-quenched condition (PAGS of 64 and 9 µm, respectively), which can be qualitatively confirmed by 
comparing the representative micrographs. The measured lath width is approximately 150 nm for both 
conditions, but it was not studied in depth in the current work. It has been previously shown that lath 
width is independent of austenite grain size and primarily depends on carbon content71.  
After tempering, the dislocation density decreases (Figure 5.41a) and some lath boundaries are 
annihilated. For the large equiaxed PAGS conditions, the lath structure remains in a large portion of the 
microstructure after HTT. Figure 5.54a shows a representative micrograph of the retained lath structure 
for the equiaxed large prior austenite grain conditions after HTT (H1250-HTT). Energy dispersive 
spectroscopy was performed on the carbides in the micrograph and peaks characteristic of Nb were not 
found in any of the carbides. So, it is assumed that the particles in the image were cementite. Some 
regions of the microstructure lack the dislocated lath structure; Figure 5.54b shows a representative 
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micrograph from an area where most of the low angle lath boundaries have been eliminated. The regions 
lacking the lath microstructure were tilted to try and locate low angle boundaries that were simply out of 
contrast. However, through the entire tilting range of the TEM stage, low angle boundaries were not 
found. Additionally, the regions lacking the lath structure are not nearly as numerous as the regions with 
the retained lath structure. 
  
(a) (b) 
Figure 5.53 Bright field TEM micrographs (HNb alloy). (a) H1250 as-quenched condition with a 
PAGS of 64.4 µm. A prior austenite grain boundary (PAGB), which was determined by 
the morphology of the boundary across the entire thin foil, is highlighted with a solid 
white line. (b) H1200-RA900 as-quenched condition with a PAGS of 9.4 µm. A packet 
boundary, which was determined by the morphology of the boundary across the entire 
thin foil, is highlighted with a broken white line. Packet boundaries tend to be jagged in 
some regions, whereas prior austenite grain boundaries tend to be smooth. 
  
(a) (b) 
Figure 5.54 Bright field TEM micrographs from the H1250-HTT condition (HNb alloy); PAGS of 
64.4 µm. (a) Image showing retained lath structure. (b) Image showing the eliminated 
lath structure. The micrograph in (a) is the most representative micrograph for the bulk of 
the sample. 
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For the small equiaxed PAGS conditions, the lath structure is almost entirely eliminated after 
HTT as shown in Figure 5.55a (H1200-RA900-HTT). A large volume fraction of cementite is present in 
the micrograph, and essentially all of the lath boundaries have been eliminated. However, a portion of the 
microstructure has retained lath structure, which is shown in Figure 5.55b. Additionally, comparing 
Figure 5.55b with Figure 5.54a, it can been seen that the cementite particles are coarser for the small 
PAGS condition. Large cementite particles typically provide insignificant strengthening effects, but the 





Figure 5.55 Bright field TEM micrographs from the H1200-RA900-HTT condition (HNb alloy); 
PAGS of 9.4 µm. (a) Image showing the eliminated lath structure. (b) Image showing a 
small amount of retained lath structure. The micrograph in (a) is the most representative 
micrograph for the bulk of the sample. 
 
5.4.2 Qualitative TEM of Pancaked Prior Austenite Grains; HNb Alloy 
After HTT, microhardness decreases with PAGS refinement (Chapter 4) for the TMP prior 
austenite grain conditions. Additionally, the TMP prior austenite grain conditions have a higher 
microhardness than the equiaxed prior austenite grain conditions. The decrease in microhardness with 
PAGS refinement is primarily due to a total dislocation density decrease (Figure 5.41b). However, the 
TMP and equiaxed prior austenite grain conditions have similar dislocation densities (Figure 5.43b). 
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Therefore, the higher microhardness of the TMP prior austenite grain conditions after HTT is due to 
another strengthening mechanism. 
In the as-quenched condition, all TMP prior austenite grain conditions have the typical lath 
morphology. Figure 5.56a shows a representative TEM micrograph for the large TMP prior austenite 
grain in the as-quenched condition (H1250-0.4 as-quenched). Figure 5.56b shows a representative TEM 
micrograph for the small TMP prior austenite grain in the as-quenched condition (H1200-RA900-0.4 as-
quenched). The high dislocation density and lath morphology can easily be seen in both micrographs. The 
dislocation density measured by XRD (Figure 5.41a) is similar for the two conditions, which can be 




Figure 5.56 Bright field TEM micrographs (HNb alloy). (a) H1250-0.4 as-quenched condition with a 
PAGS of 42.4 µm. (b) H1200-RA900-0.4 as-quenched condition with a PAGS of 5.6 µm. 
 
After tempering, the dislocation density decreases and some lath boundaries are annihilated. For 
the large equiaxed PAGS conditions, the lath structure remains in the microstructure after HTT. 
Figure 5.57 shows a representative micrograph of the retained lath structure for the equiaxed large prior 
austenite grain conditions after HTT (H1250-0.4-HTT). Energy dispersive spectroscopy was performed 
on the carbides in the micrograph and peaks characteristic of Nb were not found in any of the carbides. 
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So, it is assumed that the particles in the image were cementite. Additionally, in contrast to the large 




Figure 5.57 Bright field TEM micrographs from the H1250-HTT (HNb alloy) sample (PAGS: 
64 µm). (a) Image showing retained lath structure with a packet boundary, which was 
determined by the morphology of the boundary across the entire thin foil, highlighted 
with a solid white line. Packet boundaries tend to be jagged in some regions, and PAGBs 
tend to be smooth. (b) Image showing the lath structure within a packet. 
 
For the small TMP PAGS conditions, the lath structure was not entirely eliminated with HTT. 
Figures 5.58a and 5.58b show representative micrographs of the small TMP prior austenite grain 
conditions after HTT (H1200-RA900-0.4-HTT). In contrast to the small equiaxed PAGS conditions 
(Figure 5.55), there was a lower volume fraction of cementite present. Additionally, the lath structure was 
not quite the same as that of the large TMP prior austenite grain conditions. It appears that recovery, by 
sub-grain formation, occurred and possibly some recrystallization (Rxn), shown in Figure 5.58a. The 
possible recrystallized regions of the microstructure are equiaxed with a very low dislocation density, and 
they have distinct boundaries. The recovered regions also have low dislocation densities, but distinct 




Figure 5.58 Bright field TEM micrographs from the H1200-RA900-0.4-HTT (HNb alloy) sample 
(PAGS: 5.6 µm). (a) Image showing the retained lath structure with recovery present and 
possible recrystallization (Rxn) (b) Image showing the retained lath structure. The 
proposed regions that are indicative of recovery or recrystallization are denoted with 
arrows.  
 
5.4.3 Qualitative TEM of 12C-V Alloy 
Qualitative TEM micrographs of the lath structure were taken for the 12C-V alloy to complement 
the work conducted by Weiss8 on the alloy. However, Weiss8 did not present any TEM micrographs for 
the 12C alloy. Weiss8 mainly investigated the mechanical properties 12C-V, and microstructural 
characterization work was limited.  
Thin foils from samples tempered at 600 ºC for 1 h were prepared following the procedure 
outlined in Chapter 3. For the RA/Q sample, the lath structure is mostly eliminated with HTT. Figure 5.59 
shows representative micrographs of the RA/Q condition after HTT. The lath structure is only found in 
part of the microstructure, and there is a significant amount of precipitation. With energy dispersive 
spectroscopy, only characteristic Mn and Fe peaks were present; so the precipitates were assumed to be 
primarily cementite. The precipitates decorate the prior lath boundaries and some are elongated along the 





Figure 5.59 Bright field TEM micrographs from the RA/Q-HTT 12C-V sample (PAGS: 10 µm). (a) 
Image showing the eliminated lath structure. (b) Image showing cementite particles 
decorating the prior lath boundaries. 
For the CR-DQ sample, the lath substructure remains in microstructure after HTT. Figures 5.60a 
and 5.60b show representative micrographs of the retained lath structure for the CR-DQ condition after 
HTT. The lath structure is intact and there is minimal visible precipitation of carbides or cementite. 
However, it appears that some recovery has produced small sub-grains as shown in Figure 5.60a. 
Additionally, the dislocation density measured by XRD (Figure 5.52a) is higher for the CR-DQ condition 
than the RA/Q condition, which can be qualitatively confirmed by comparing the representative 
micrographs in Figure 5.60 with Figure 5.59. 
  
(a) (b) 
Figure 5.60 Bright field TEM micrographs from the CR-DQ-HTT 12C-V sample (PAGS: elongated 
with 9 µm thickness, 32 µm length). (a) Image showing the lath structure and intralath 
recovery. (b) Image showing the lath structure and dislocation density.  
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For the HR-DQ sample, the lath substructure remains in microstructure after HTT. Figure 5.61 
shows representative micrographs of the retained lath structure for the HR-DQ condition after HTT. The 
lath structure is intact, but in contrast to the CR-DQ condition, there is significant precipitation. With 
energy dispersive spectroscopy, only characteristic C, Mn and Fe peaks were present; so the precipitates 
were assumed to be primarily cementite. It appears that significant recovery has occurred intralath as 
shown in Figure 5.61a, but in contrast to the RA/Q condition, the lath boundaries have not been 
annihilated. The dislocation density measured by XRD (Figure 5.52a) is lower for the HR-DQ condition 
than the CR-DQ condition, which can be qualitatively confirmed by comparing the representative 
micrograph in Figure 5.61b with Figure 5.60b. Additionally, the dislocation density of the HR-DQ 
condition is higher than the RA/Q condition (Figure 5.52a), which can be qualitatively confirmed by 




Figure 5.61 Bright field TEM micrographs from the HR-DQ-HTT 12C-V sample (PAGS: 30 µm). (a) 
Image showing the lath structure, intralath recovery, and cementite precipitation. (b) 
Image showing the lath structure and dislocation density. 
5.5 Summary 
The microstructures of the various martensitic conditions from the HNb, LNb, and 12C-V alloys 
were characterized in the current Chapter with EBSD, XRD, and TEM. With EBSD, the crystallographic 
and microstructural differences that arose as a consequence of TMP-DQ processing were compared to 
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RA/Q processing. To aide in the assessment of the crystallographic differences, a program was developed 
in Mathematica® to simulate the K-S OR.  
The equiaxed prior austenite grain conditions have a near K-S OR with parent austenitic 
microstructure based on a comparison of the experimental and theoretical stereographic projections. The 
orientation relationship of the TMP prior austenite grain conditions could not be determined, because the 
poles in the stereographic projections were very diffuse and the distinct K-S symmetry was not evident. 
For the TMP prior austenite grain conditions, it is possible that lattice rotations within microbands were 
present in the austenite grains due to processing. The possible lattice rotations were characterized by 
analyzing an INCOLOY® 945 sample that was previously axisymmetrically compressed at high a 
temperature125. Incorporating the possible lattice rotations into the theoretical stereographic projection 
yielded a very similar projection as compared to the experimental projections. The diffuse nature of the 
stereographic projections of the TMP prior austenite grain conditions was additionally correlated with 
kernel average misorientation plots, and it was confirmed that additional low angle misorientations are 
present in martensite for TMP prior austenite grain conditions. Additionally, the increased misorientation 
remains throughout the range of tempering conditions assessed. Which may be related to the tempering 
resistance of DQ steels because it takes additional dislocations in the matrix to eliminate the additional 
dislocations at the low angle boundaries. 
A method for highlighting the crystallographic packets within a prior austenite grain was outlined 
and used to assess the packet morphology for the equiaxed and TMP prior austenite grain conditions. For 
the large equiaxed prior austenite grain conditions, the prior austenite grains were subdivided into several 
packets; typically, each of the crystallographically distinct packets were present. However, for the small 
equiaxed prior austenite grain conditions, a single packet typically encompassed the entire prior austenite 
grain. The martensite packet morphology was altered with TMP-DQ processing. In contrast to the large 
equiaxed prior austenite grain conditions, the large TMP PAGS conditions were subdivided into only a 
few packets; typically only two crystallographic packets. The two crystallographic packets likely formed 
as a consequence of variant selection where the habit planes of the packets are nearly parallel to the 
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primary and secondary slip planes in the austenite. For the small TMP prior austenite grain condition, a 
single packet typically encompassed the entire prior austenite grain, similar to the small equiaxed prior 
austenite grain condition. 
The high angle boundary grain size (HABGS) was measured for all conditions from the HNb 
alloy. The HABGS measurement is essentially the block size of the martensite. However, HABGS 
measurements are not sensitive to etching and morphological effects. The HABGS is measured from 
EBSD maps of the martensite where all boundaries of misorientation greater than 15º are highlighted. The 
HABGS decreased with PAGS refinement and decreased after TMP-DQ processing. 
The block boundary interface planes were characterized for both the equiaxed and TMP prior 
austenite grain conditions. The block boundary interfaces were classified as primarily {011} planes and 
the interface planes do not appear to be sensitive to PAGS or TMP conditions. Additionally, the block 
boundaries are primarily characterized as 60º twist boundaries about a {011} direction. In contrast to the 
literature52, {111}/60º tilt boundaries were not present in any of the conditions assessed. However, some 
boundaries were classified as near tilt boundaries. The near tilt boundaries have a <667> rotation axis 
with a {011} interface plane. Therefore it is concluded that the block boundaries in martensite are nearly 
{011} planes. 
The martensitic crystallographic texture that resulted after TMP-DQ processing, both plane strain 
rolling and axisymmetric compression, was characterized. For the plane strain rolling conditions, 
martensitic texture is a derivative of FCC brass rolling texture. The theoretical martensite variants 
produced from an austenitic microstructure with brass texture components was simulated, and the 
resulting texture is very similar to the experimental texture. For the axisymmetric conditions, the 
martensitic texture has a strong {111} fiber which is likely due to a strong {011} fiber texture in the 
austenite prior to quenching. 
X-ray diffraction data were used to estimate martensite dislocation densities based on analyses of 
peak broadening. The dislocation density in the as-quenched condition increased with PAGS refinement. 
Additionally, the as-quenched dislocation density increased with TMP-DQ processing for all conditions. 
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However, the increase was dependent on PAGS. In contrast to the as-quenched conditions, after high 
temperature tempering, the dislocation density decreased with PAGS refinement. Additionally, after high 
temperature tempered dislocation density of martensite was insensitive to the prior TMP-DQ processing 
for all conditions from the HNb. However, for the 12C-V, the dislocation densities varied based on TMP 
history after high temperature tempering.  
Qualitative TEM was conducted on select conditions to investigate the lath microstructure. In the 
as-quenched condition, all conditions have the typical lath microstructure. However, after high 
temperature tempering, some conditions lacked some of the lath structure. For the equiaxed prior 
austenite grain conditions, the smaller PAGS conditions the lath structure was eliminated to the largest 
degree, whereas the larger prior austenite grain conditions retained most of the lath structure. For the 
TMP prior austenite grain conditions, all conditions retained the lath structure, but some recovery and 
recrystallization likely occurred for the smallest PAGS. However, the size of the recovered regions 




DISCUSSION - STRENGTHENING MECHANISMS OF LOW-C MARTENSITIC STEEL 
 
The current chapter discusses the various strengthening mechanisms in low-C martensitic steel. 
Uniaxial tensile properties and Vickers microhardness data were used to understand the strengthening 
mechanisms. Additionally, the work hardening behavior of martensite was investigated in the as-
quenched and high temperature tempered (HTT) conditions. 
6.1 Background: Carbon and Dislocation Effects on Strength 
An overview of grain size and dislocation density strengthening in lath martensite was given in 
Chapter 2. However, the effects of carbon solid solution strengthening was not discussed. In lath 
martensite carbon strengthening is difficult to assess. However, in ferrite, carbon is a major solid solution 
strengthener1 (5544 MPa/wt pct); the maximum solubility of carbon in the Fe-C binary system is 
0.022 wt pct, which yields a maximum strengthening contribution of 122 MPa. With martensitic 
transformation, theoretically all of the carbon can be trapped in solution with a rapid quench in low-C 
martensitic microstructures. However, Hsu et al.135 showed that carbon can diffuse at a similar rate to 
growth rate of martensite lath; thus, carbon can easily diffuse during the transformation to lath 
boundaries135.  
Regardless of carbon diffusion, several researchers have shown an empirical relationship between 
carbon content and yield strength for martensitic steels. Generally, yield strength increases with the 
square root of wt pct carbon2,136. However, for these empirical relationships, other possible strengthening 
mechanisms were not directly assessed; specifically, the dislocation density. Kehoe and Kelly44, and 
Nortström72 found that carbon content directly affects the dislocation density of as-quenched martensite as 
shown in Figure 6.1. As carbon increases, the dislocation density linearly increases. The increase in 
dislocation density could be the source of strengthening rather than the increase in carbon concentration 
from 0.01 to 0.1 wt pct. Additionally, Nortström72 used the dislocation density and various other 
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strengthening mechanisms (neglecting carbon) to predict the yield strength of the alloys assessed and no 
direct solid solution hardening from carbon was apparent.  
 
 
Figure 6.1 Dislocation density (measured in a TEM) versus wt pct carbon for Fe-C and Fe-C-Mn 
lath martensite. Data digitized and re-plotted from Kehoe and Kelly44, and Nortström72. 
 
To further assess the contribution of carbon to strength, Kehoe and Kelly44 performed internal 
friction measurements on low-C ferritic and lath martensitic samples. Internal friction measurements are 
widely used to assess the degree of solute in solution; the more solute in solution, the higher the internal 
friction measurement137. Figure 6.2 shows the internal friction measurement versus wt pct carbon for a set 
of low-C steels (ferritic and martensitic)44. The internal friction of ferrite increases by an order of 
magnitude (0.006 to 0.036) for small carbon additions (0.01 to 0.04), which is indicative of increased 
carbon in solution. However, for the martensitic samples, the internal friction was relatively insensitive to 
carbon (from 0.01 to 0.1 wt pct). The quench rates were between 30,000 and 50,000 ºC/s for the 
martensitic samples, so autotempering was minimal. Therefore, the results are representative of as-
quenched lath martensite. The internal friction of all the martensitic samples was approximately 0.0055, 
which is similar to that of a 0.01C (wt pct) ferritic sample. Thus, it was concluded that the interstitial solid 
solution strengthening in the martensite is minimal44 because the expected strengthening due to carbon in 
a 0.01C ferritic alloy is only 55 MPa (5544 MPa/wt pct)1. 
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Figure 6.2 Internal friction measurements versus wt pct carbon for ferritic and martensitic Fe-C 
steels. The more solute in solution, the higher the internal friction measurement137. Data 
digitized and re-plotted from Kehoe and Kelly44. 
 
Generally, yield strength increases with the square root of wt pct carbon2,136, and since dislocation 
density is linearly related to the carbon concentration, it follows that the yield strength follows a square 
root dependence with dislocation density. This type of relationship is known as a Taylor hardening 
model83 (Chapter 2). Kehoe and Kelly44 studied the Taylor hardening model as a function of temperature 
for low-C steels. Figure 6.3 shows the 0.2% offset yield strength versus square root of the dislocation 
density for tensile tests at -23 ºC and -196 ºC of martensitic and ferritic steels with carbon contents 
ranging from 0.01C to 0.1C (wt pct). Figure 6.3 shows that the yield strength of ferritic and martensitic 
microstructures follows a Taylor hardening relationship regardless of carbon content. Additionally, the 
relationship between strength and dislocation density appears to be insensitive to test temperature. The 
lower test temperature increases the y-intercept of Figure 6.3, which is due to an increase in the lattice 
friction stress required to move a dislocation44. It was rationalized that at the different test temperatures, 
carbon would have different effects on the Taylor hardening model because carbon solid solution 
strengthening is thermally dependent44. Because the two linear fits were similar, it was concluded that 
carbon solid solution strengthening is minimal. Therefore, the primary effect of carbon appears to be on 
dislocation density of the martensite because increased carbon in austenite increases the martensitic 
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transformation strains which results in increased martensite dislocation densities. The dislocation density 
is then related to the strength with a Taylor hardening model. 
 
 
Figure 6.3 0.2% offset yield strength versus square root of the dislocation density for Fe-C lath 
martensite and Fe-0.01C ferrite. All compositions shown are in wt pct. Data reprinted 
from Kehoe and Kelly44, and Nortström72. 
6.2 Background: Solid Solution Strengthening 
Substitutional solid solution strengthening was not directly investigated in the current work. 
However, the expected solid solution strengthening was calculated based on empirical constants from 
literature. Solid solution strengthening in martensitic steels is expected to be similar to the strengthening 
in ferritic microstructures. Eq.6.1 summarizes strengthening contributions1 for the pertinent alloying 
elements used in the experimental alloys; 
 
𝜎𝑆𝑆 = 32Mn + 678P + 83Si + 39Cu + 11Mo − 31Cr    6.1 
Nickel has not been included because it does not provide substantial strengthening in ferritic 
microstructures1 or martensitic microstructures63. Nitrogen contributions to solid solution strengthening 
were not included because there is no free nitrogen in the alloys. Carbon contributions were not included 
based on the discussion given in Section 6.1. Therefore, from Eq.6.1, the expected solid solution 
strengthening for the HNb and LNb alloys is 73 MPa. 
214 
6.3 Dislocation Density Strengthening and a Taylor Hardening Model 
Strengthening due to long range dislocation interactions is a very potent strengthening 
mechanism. Typically, this strengthening mechanism follows a Taylor hardening model83, 
 
𝛥𝜎𝜌 = 𝑚𝛼𝐺𝑏 [𝜌(𝜀)]
0.5    
6.2 
where m is the average Taylor factor, α is a fitting constant, G is the shear modulus, b is the Burgers 
vector, and ρ(ε) is the dislocation density as a function of strain.  
The Taylor hardening model was used to evaluate the possible contribution of long range 
dislocation interaction strengthening to the total strength of the alloys investigated. The average Taylor 







where ν is Poisson’s ratio and E is the elastic modulus. Speich et al.139 determined the Poisson ratio and 
elastic modulus for a range of lath martensites. For the current alloys, a Poisson ratio of 0.279 and elastic 
modulus of 200 MPa is applicable. Therefore, the calculated shear modulus is 78 GPa.  
The XRD results indicate that the HNb and LNb lack tetragonality, which is expected as 
significant tetragonality is typically only apparent for carbon concentrations greater than 0.3C (wt pct)43. 
Since the crystal lattice of the HNb and LNb alloys lacks tetragonality, the lattice parameter and Burgers 
vector can be calculated assuming the lattices are cubic. The average lattice parameter was calculated for 
the three XRD martensite peaks ({110}, {200}, and {211}). The lattice parameter is 0.287 nm, and the 
Burgers vector for a <111> slip direction is calculated as 0.248 nm. 
With as-quenched or LTT martensite microstructures, significant microyielding occurs21,63,84. The 
microyielding may be related to the mobile dislocation density and internal stress. For the range of PAGS 
assessed, it was assumed that the internal stress are insensitive to the PAGS. Therefore, the differences in 
mobile dislocation density are related to the differences in strength in the microyielding regime; the 
mobile dislocation is the length per unit volume of the unpinned segments of dislocations63,85. From XRD, 
the total dislocation density was calculated, and it is impossible to calculate the mobile dislocation density 
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separately because the relationship between the mobile and total dislocation density, ρtotal = f (ρmobile), is 
unclear.  
Still, the initial total dislocation density can be related to a flow strength outside of the 
microyielding regime. Figure 6.4 shows the strong correlation between the 1% offset flow strength 
(1% FS) versus square root of the initial dislocation density. Assuming the appropriate values of m, G, 
and b, the fitting constant was calculated as 0.166. Additionally, the y-intercept is 625 MPa, which is 
correlated to the other active strengthening mechanisms. The high y-intercept, relative to the flow 
strength, suggests that there are other prominent strengthening mechanisms. However, because the 
relationship between the dislocation density and plastic strain is unclear, the initial dislocation density 
may not be directly responsible for the 1% FS as shown by Takaki et al.40,63,85.  
 
 
Figure 6.4 Taylor hardening models using the initial dislocation density and the 1% offset flow 
strength for the HNb alloy in the as-quenched, LTT, and HTT conditions. Additionally, 
the LNb alloy in the as-quenched condition is included. 
 
There is also a strong correlation between the ultimate tensile strength (UTS) and final dislocation 
density (dislocation density at the ultimate tensile strength). Figure 6.5 shows the ultimate tensile strength 
versus square root of the final dislocation density. The calculated fitting constant is 0.201 and the 
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y-intercept is 418 MPa. The lower y-intercept (as compared to the 1% FS) suggests that the other 
strengthening mechanisms are less significant. The y-intercept from Figure 6.5 is only about 25% of the 
ultimate tensile strength for the as-quenched condition, which shows that the dislocation density is the 
most dominant strengthening mechanism.  
 
 
Figure 6.5 Taylor hardening models using the final dislocation density (dislocation density at the 
ultimate tensile strength) and the ultimate tensile strength for the HNb alloy in the as-
quenched, LTT, and HTT conditions. Additionally, the as-quenched conditions of the 
LNb alloy is included. 
6.3.1 Dislocation Density Evolution with Plastic Strain 
For lath martensite, the relationship between dislocation density and plastic strain is not well 
understood. In the microyielding regime, Takaki et al.40,63 showed that the dislocation density decreases. 
However, martensite exhibits strong work hardening in the microyielding regime, which is typically due 
to dislocation multiplication. At strains beyond the microyielding regime, Takaki et al.40,63 showed that 
the dislocation density is relatively constant for a Fe-Ni lath martensitic alloy. However, martensite still 
exhibits work hardening, but to a lesser degree than the microyielding regime, and it is not clear what 
mechanisms may contribute to this behavior. 
The total dislocation density was measured as a function of plastic strain for the HNb alloy with a 
large equiaxed PAGS (H1200). Tensile specimens were loaded to various stress levels, unloaded, 
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sectioned, and polished; then, XRD was performed. Figure 6.6a shows engineering stress versus 
engineering strain curve indicating stresses after which the dislocation density was measured for a large 
PAGS as-quenched condition (H1200). Figure 6.6b shows the dislocation density as a function of residual 
plastic strain. The initial dislocation density is the lowest, and applying a tensile stress of 720 MPa to the 
sample, which results in a plastic strain of 0.015%, results in a large increase in dislocation density. 
Continuing to apply a tensile stress from 850 and 1400 MPa results in a dislocation density decrease, 
which is similar to results found by Takaki et al.63 for a Fe-Ni lath martensitic alloy. The stress level of 
1400 MPa correlates to 1% plastic strain. Continuing to stress the sample to 1520 MPa, the UTS of the 




Figure 6.6 (a) Engineering stress versus engineering strain curve indicating stresses at which the 
dislocation density was measured for the H1200 as-quenched condition (HNb alloy). The 
elastic limit of the samples is approximately 666 MPa. (b) Measured dislocation density 
versus residual plastic strain for the H1200 as-quenched condition (large PAGS). 
 
From Figure 6.6a, it appears that there at least two regimes of plastic strain accommodation in the 
as-quenched condition. From the 0.015% offset flow strength (720 MPa) to the 1% offset flow strength 
(1400 MPa), rapid work hardening occurs. The strain in this regime is predominately accommodated by 
dislocation motion, but with a reduction in total dislocation density. The total dislocation density 
reduction may be due to mobile dislocation annihilation. Since the strength increases while the total 
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dislocation density decreases at low strains, a Taylor hardening model ineffective at relating the total 
dislocation density to the strength. In contrast, from the 1% offset flow strength to the ultimate tensile 
strength, strain is primarily accommodated by dislocation multiplication, which is consistent with the 
Taylor hardening mechanism. 
Figure 6.7a shows engineering stress versus engineering strain curve indicating stresses at which 
the dislocation density was measured for a large PAGS HTT condition (H1200). Figure 6.7b shows the 
dislocation density as a function of residual plastic strain. Again, the initial dislocation density is the 
lowest and applying a tensile stress of 850 MPa to the sample results in an increase in dislocation density. 
Continuing to apply a tensile stress up to 958 MPa, the ultimate tensile strength of the alloy and a residual 




Figure 6.7 (a) Engineering stress versus engineering strain curve indicating stresses at which the 
dislocation density was measured for the H1200-HTT condition (HNb alloy). The elastic 
limit of the samples is approximately 776 MPa. (b) Measured dislocation density versus 
residual plastic strain for the H1200-HTT condition (large PAGS). 
 
From Figure 6.7a, there is essentially one regime of plastic strain accommodation in the HTT 
condition. Plastic strain is primarily accommodated by dislocation multiplication, and the associated 
increases in stress are consistent with a Taylor hardening model. This behavior is consistent with work 
hardening at strains beyond the microyielding region in the as-quenched condition. 
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6.3.2 Instantaneous Work Hardening and Dislocation Substructure 
The instantaneous work hardening rate (dσ/dε) was calculated to further understand the work 
hardening behavior. The as-quenched and HTT large PAGS conditions (H1200) shown in Figure 6.6 and 
Figure 6.7 were used for this analysis. Figure 6.8 shows dσ/dε versus true strain where the open symbols 
correspond to the discrete points at which was dσ/dε calculated. In both the as-quenched and HTT 
conditions, the strain hardening rate rapidly decreases from the maximum strain hardening rate (elastic 
modulus). However, the as-quenched condition decreases at a less rapid rate. 
 
 
Figure 6.8 Instantaneous work hardening rate (dσ/dε) versus true strain for the H1200 sample (HNb 
alloy, large PAGS) in the as-quenched and HTT conditions. 
 
Takaki et al.40,63 proposed that the strength (and therefore work hardening) of martensite is related 
to dislocation substructure. Some of the interrupted tensile tests from Figure 6.6 and Figure 6.7 were 
analyzed in a TEM to investigate the dislocation substructure. Figure 6.9 shows the fitted instantaneous 
work hardening rate curves from Figure 6.8 with the closed symbols corresponding to the interrupted 
tensile specimens. Additionally, the dislocation density measured from XRD is also shown for each of 
these points. The work hardening rate at 1400 MPa for the as-quenched condition is nearly identical to the 
220 
work hardening rate at 850 MPa for HTT conditions, but the measured dislocation density is vastly 
different (8.4x1015 and 2.1x1015 m-2, respectively). Thus, it appears that the instantaneous work hardening 
rate is related to both the dislocation density and the dislocation substructure. 
 
 
Figure 6.9 Instantaneous strain hardening rate versus true strain for the H1200 (HNb alloy, large 
PAGS) in the as-quenched, and HTT conditions. Instantaneous work hardening rate 
(dσ/dε) versus true strain for the H1200 sample in the as-quenched and HTT conditions. 
The open symbols correspond to interrupted tensile tests where the dislocation density 
was measured. 
 
In the microyielding regime (<0.1% offset strain) of the as-quenched conditions, the dislocation 
network is essentially random. Figure 6.10a shows a representative TEM micrograph of the as-quenched 
microstructure pre-stressed to 850 MPa. The dislocations are essentially in a highly tangled random 
network and individual dislocations are almost impossible to resolve. After a 1400 MPa tensile stress, a 
dislocation cell network is partially developed. Figure 6.10b shows a representative TEM micrograph of 
the as-quenched microstructure pre-stressed to 1400 MPa where the white arrows show a few of the 
partially developed dislocation cell. High temperature tempering also produces a partial dislocation cell 
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network21. Figure 6.11 shows a representative TEM micrograph of the HTT microstructure pre-stressed to 




Figure 6.10 (a) Representative TEM micrograph from the H1200 as-quenched condition (HNb alloy) 
pre-stressed to 850 MPa. (b) Representative TEM micrograph from the H1200 as-
quenched condition (HNb alloy) pre-stressed to 1400 MPa The white arrows denote the 
dislocation cell structure. 
 
 
Figure 6.11 Representative TEM micrograph from the H1200 HTT condition (HNb alloy) pre-
stressed to 850 MPa. The white arrows denote the partial cell structure. 
 
The dσ/dε curves in Figure 6.8 are influenced by the unpinned lengths of dislocation segments 
(mobile dislocations) and dislocation network. Initially in the as-quenched condition, dσ/dε rapidly 
decreases and it is hypothesized that it is due to the motion of mobile dislocations. The high density of 
mobile dislocations move short distances but are quickly annihilated, so the total dislocation density 
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decreases. However, the work hardening rate is high because the stress required to propagate the high 
density of mobile dislocations increases rapidly with strain because the dislocations rearrange into a 
cellular network. Within the cell structure, the spacing between the pinned segments of the dislocations is 
much shorter than that of as-quenched randomly tangled network. Therefore, the bowing stress, 𝐺𝑏
𝑙
 (l is 
the spacing of the pinned segments), is much larger for the cell network. At strains greater than 2%, the 
dislocation cell structure is well developed and primarily controls the tensile properties. With the cell 
network, dislocations nucleate from Frank-Read sources at cell walls. The maximum bowing stress for the 
Frank-Read sources is very high. So after the dislocation is created, it should propagate across the cell 
without significant increases in applied stress, because within the cells, the dislocation density is low. 
After HTT, dσ/dε rapidly decreases to a relatively constant work hardening rate, approximately 
3 GPa, in contrast to the as-quenched condition. High temperature tempering partially produces a 
dislocation cell network, similar to tensile deformation in the as-quenched condition, and thus, the 
instantaneous work hardening rate over the entire HTT stress-strain curve is primarily influenced by the 
dislocation cells.  
6.3.3 Taylor Hardening Model Outside of the Microyielding Regime 
The work hardening behavior of the HTT condition from 850 MPa to the ultimate tensile strength 
is similar to the as-quenched condition from 1400 MPa to the ultimate tensile strength because the 
dislocation cells are partially developed (Figure 6.10b and Figure 6.11). All of the interrupted tensile test 
conditions that contained a dislocation cell structure and the samples at the ultimate tensile strength were 
used develop the Taylor hardening model. Figure 6.12 shows the flow strength versus square root of the 
dislocation density. Here, the dislocation density was measured after unloading from each flow strength 
value. Thus, the dislocation density directly correlates with the flow strength. Additionally, results from 
the work of Takaki et al.40,63 are plotted. Takaki et al.40,63 took pure ferritic iron and progressively cold 
rolled it. After cold rolling, the dislocation density was measured with XRD, and tensile tests were 
conducted to find the 0.2% offset yield strength. 
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Following a Taylor hardening model, the fitting constant (α) for the pure ferritic iron (Takaki 
et al.40,63) and the martensitic samples in the current work (HNb and LNb alloys) are very similar. This 
shows that the Taylor hardening mechanism is the most dominant strengthening mechanism in martensitic 
steels beyond the microyielding regime. Additionally, the y-intercept for the pure iron samples is 89 MPa, 
which is essentially the Peierls stress of pure iron. The intercept for the HNb and LNb alloys is 371 MPa, 
which is possibly due to the other strengthening mechanisms: solid solution strengthening, grain size 
strengthening, low angle boundary strengthening, and precipitation strengthening. 
 
 
Figure 6.12 Taylor hardening model for the HNb and LNb alloys with data reproduced from 
Takaki et al.63 for cold rolled iron. For the HNb and LNb alloys, the dislocation density 
measured at each flow stress value is used. For the cold rolled iron, the initial dislocation 
density measured after various amounts of cold rolling is used.  
 
6.4 Precipitation Strengthening 
Precipitation strengthening was considered negligible in the current work because significant 
trends due to precipitation were not evident in the as-quenched or tempered conditions. In Chapter 4, the 
microhardness of the HTT conditions showed the possibility of NbC precipitation strengthening in the 
HNb alloy compared to the LNb alloy. However, the bulk of the hardness differences between the HNb 
and LNb alloy in (Figure 4.24) can be accounted for by the dislocation density differences as shown by 
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Figure 6.13, which shows the Vickers microhardness data versus square root of the initial dislocation 
density for the HNb and LNb alloys in the as-quenched, LTT, and HTT conditions. 
 
 
Figure 6.13 Vickers microhardness versus square root of the initial dislocation density for the HNb 
and LNb alloys in the as-quenched, LTT, and HTT conditions. 
 
Carbon extraction replicas of HNb alloy in the as-quenched condition were analyzed in a TEM to 
evaluate the extent of precipitation. Figure 6.14 shows example TEM micrographs of two types of TiN 
precipitates found in the as-quenched condition after the 1250 ºC / 24 min austenitizing heat treatment 
(H1250). This condition is expected to have the greatest amount of Nb in solution; thus, it has the largest 
potential for secondary hardening. Niobium carbide precipitates free from TiN precipitates were not 
observed in any of the replicas. However, Nb was associated with the TiN precipitates. Figure 6.14a 
shows example TiN precipitates that are heavily capped with NbC precipitates, and Figure 6.14b shows 
an example TiN precipitate that is enriched with Nb. From the equilibrium solubility product equations87 
(Chapter 3), Nb is expected to fully go into solution at 1250 ºC. Quantitative energy dispersive 
spectroscopy of the TiN precipitates was performed to assess the relative amount of Nb present in the 
precipitates. The results indicate that over half of the Nb in the alloy is associated with TiN, which means 
that there is less than 0.01 wt pct Nb available for precipitation during tempering. There is even less Nb in 
solution at the lower austenitizing temperatures. Therefore, Nb precipitation was ruled out as a dominant 
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strengthening mechanism in the tempered conditions. Additionally, NbC precipitates were not found 
during the TEM analysis of the thin foils for the as-quenched and HTT conditions. All precipitation 
observed in the HTT conditions was classified as cementite because energy dispersive spectroscopy 




Figure 6.14 TEM micrographs of carbon extraction replicas from the H1250- as-quenched condition. 
(a) NbC capping of a TiN precipitate. (b) TiN precipitate enriched with Nb. 
6.5 Grain Size Strengthening in the Microyielding Regime 
The grain size strengthening of martensitic alloys has been investigated by several 
researchers2,8,12,21,25,32,33,41,61,62,65,70,71,119. Morris et al.25,61,62 states that the effective grain size for 
strengthening could be some multiple of the block size or the coherence length of {011}αʹ planes. 
Morito et al.12,32 have shown that the block width can be used as the effective grain size for strengthening 
for plain Fe-C-Mn steels. Other researchers have shown that the effective grain size for strength should be 
the packet size2,21,71. Since the block size, packet size, and PAGS are linearly related2,12,71, any of these 
features might work equally well as the effective grain size in a Hall-Petch relationship.  
In all of the previous research2,8,12,21,25,32,33,41,61,62,65,70,71,119, the grain size effect has primarily been 
correlated with the 0.2% offset yield strength of as-quenched microstructures. Figure 6.15 shows the 0.2% 
offset yield strength versus inverse square root of the packet size for the equiaxed prior austenite grain 
conditions of the HNb alloy in the as-quenched condition. The plot also shows data from a Fe-0.2C-2Mn 
(wt pct) lath martensite alloy studied by Morito et al.12 and a Fe-0.2C (wt pct) lath martensite alloy 
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studied by Swarr and Krauss21. Comparing the work of Swarr and Krauss21 and Morito et al.12, it was 
observed that the locking parameter of lath martensite, when using the packet size, is sensitive to Mn 
alloying; specifically, increased Mn results in a lower locking parameter (41.9 and 14.9 MPa mm0.5, 
respectively for the Fe-0.2C and Fe-0.2C-2 Mn alloys). Comparing the HNb alloy, which has 1.27Mn 
(wt pct), with the other alloys, the locking parameter is lower (17.5 MPa mm-0.5) than the Fe-0.2C and 
higher than Fe-0.2C-Mn steels. This is in good agreement with the observation that Mn alloying reduces 
the locking parameter for a Hall-Petch relationship with packet size. However, it is not clear if there is a 
direct correlation between the Mn alloying and the Hall-Petch relationship because Figure 6.1 showed 
that Mn alloying lowers dislocation density.  
 
 
Figure 6.15 The 0.2% offset yield strength versus inverse square root of the packet size for the 
equiaxed prior austenite grain condition of the HNb alloy in the as-quenched condition. 
Also included, the as-quenched Fe-0.2C-2Mn alloy studied by Morito et al.12 and the Fe-
0.2C alloy studied by Swarr and Krauss21. 
 
For the current work, it was convenient to use the PAGS as the effective grain size because the 
PAGS is an easy way to distinguish between the different heat treatment conditions. Figure 6.16 shows 
the 0.2% offset yield strength versus inverse square root of the PAGS for the equiaxed prior austenite 
grain conditions of the HNb alloy in the as-quenched, LTT, and HTT conditions. In the as-quenched 
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condition, a positive locking parameter was found (17.5 MPa mm0.5). After LTT, the locking parameter is 
reduced to (9.5 MPa mm0.5) and after HTT, the locking parameter is negative (-7.9 MPa mm0.5). 
Additionally, the same trends are observed for a Hall-Petch relationship using the packet size since the 
packet size is linearly related to the PAGS. The HTT results indicate that other strengthening mechanisms 
besides the effective grain size have a more important role in strength after tempering. The main 
strengthening mechanism has been suggested as the dislocation density strengthening by Krauss140 and 
Takaki et al.63,85 (Section 6.2). 
 
 
Figure 6.16 The 0.2% offset yield strength versus inverse square root of the PAGS for the equiaxed 
prior austenite grain condition of the HNb alloy in the as-quenched, LTT, and HTT 
condition. 
 
The flow strengths outside of the microyielding regime (greater than 0.5% offset) can be 
predicted by the initial dislocation density (Figure 6.4), but the flow strengths in the microyielding regime 
cannot (strain less than 0.5% offset). Figure 6.17a shows the 0.05% yield strength versus square root of 
the initial dislocation density. A Taylor hardening model is ineffective at relating the initial dislocation 
density and 0.05% flow strength data. However, the microyielding flow stress values do show a 
dependence on grain size. Figure 6.17b shows the 0.05% offset yield strength versus inverse square root 
of the PAGS. In the as-quenched and LTT conditions, the 0.05% offset yield strength follows a Hall-
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Petch relationship with PAGS. Additionally, the LTT conditions have a slightly higher yield strength for 
all PAGS. The increase in yield strength is likely related to a decreased mobility of mobile dislocations in 
the LTT conditions, since tempering enables carbon diffusion to dislocations and increases the stress 
required for dislocation motion. After, HTT, the yield strength is reduced for all conditions. The reduction 
in yield strength is primarily related to the total dislocation density reduction. Additionally, carbide 
precipitation removes the carbon available to pin dislocations, thereby lowering the stress required to 
move and propagate mobile dislocations.  
It is hypothesized that grain size dependence found for the as-quenched and LTT is due to free 
mobile dislocations interaction with boundaries. As the martensite microyields, dislocations move and 
interact with the different boundaries in the microstructure (lath, block, packet, and prior austenite grain 
boundaries). However, after significant yielding, a dislocation cell structure is developed with martensite 
laths as shown by Swarr and Krauss21 and Figure 6.10b. Therefore, the grain boundaries have less of an 
effect because the dislocations are moving across the cells and dislocations cannot cross the cell wall; 
thus, the martensite microstructure high angle boundaries have less of an effect. The yielding mechanisms 
after HTT are different for the small and large PAGS conditions; the small PAGS condition shows 
discontinuous yielding, whereas the large PAGS shows continuous yielding (Figure 4.13). The 





Figure 6.17  (a) The 0.05% offset yield strength versus square root of the initial dislocation density. 
(b) The 0.05% offset yield strength versus inverse square root of the PAGS. Both plots 
are for the HNb alloy in the as-quenched, LTT, and HTT conditions. 
6.6 Effects of TMP-DQ Processing on the Strength of Martensite 
An equation was developed to predict the 1% offset flow strength from Vickers hardness 
measurements of the TMP conditions produced in the Gleeble® 3500 (Chapter 4). Figure 6.18 shows the 
microhardness versus PAGS for the HNb alloy. The large PAGS conditions have the largest increase in 
strength with TMP, which is likely representative of a 200 MPa increase in flow strength. 
 
 
Figure 6.18 Vickers microhardness versus PAGS for the HNb alloy in the as-quenched condition. 
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TMP has been shown to refine the martensitic microstructure38,93,141; however, the increase in 
strength for the TMP conditions is not accounted for by microstructural feature size refinement. 
Figure 6.19a shows the packet size versus PAGS for the HNb alloy. The packet size increases in the large 
PAGS conditions with TMP, though the hardness of the TMP conditions is greater. Figure 6.19b shows 
the high angle boundary grain size (HABGS) versus PAGS for the HNb alloy. HABGS is refined for all 
conditions with TMP, with the strongest refinement for the small PAGS. However, all of the TMP 
conditions and the smallest equiaxed PAGS condition have less than 2% difference in microhardness, so 
it appears that the effective grain size difference does not correlate with the differences in strength. As 
discussed in Section 6.5, the microstructural features are likely more related to the microyielding behavior 
of martensite, which could not be measured through indentation of the Gleeble processed specimens.  
  
(a) (b) 
Figure 6.19 (a) Packet size versus prior austenite grain size (PAGS) for the equiaxed and TMP prior 
austenite grain conditions of the HNb alloy. The packet size was measured using EBSD. 
(b) High angle boundary grain size versus PAGS for the equiaxed and TMP prior 
austenite grain conditions of the HNb alloy. The high angle boundary grain size was 
measured using EBSD. 
 
The initial dislocation density of the TMP prior austenite grain conditions can be correlated with 
the Vickers microhardness, and from the microhardness, the 1% FS can be calculated using the equation 
developed in Chapter 4. Figure 6.20 shows the calculated 1% FS versus the square root of the initial 
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dislocation density. The calculated Taylor fitting constant (α) for the TMP prior austenite grain condition 
is only 2.5% different than the equiaxed prior austenite grain condition (0.159, and 0.163, respectively, 
for the TMP and equiaxed conditions). However, the intercept is 63 MPa higher for the TMP conditions, 
which is unaccounted for with any strengthening mechanism discussed thus far. It is possible that the 




Figure 6.20 Taylor hardening models using the initial dislocation density and 1% offset flow strength 
(1% FS). For the equiaxed prior austenite grain conditions, the 1% FS is the average 
value from tensile testing. For the TMP prior austenite grain conditions, the 1% FS is the 
calculated value from the microhardness (Chapter 4). 
6.7 Lath Boundary Strengthening 
Lath boundaries are low angle and thought to have minimal effect in inhibiting dislocation 
motion. However, there is some evidence that lath boundaries are not transparent to dislocations. The 
work of Swarr and Krauss21 showed that tensile deformation develops a partial cell structure, but from the 
published micrographs, it additionally appears that dislocation accumulation occurred at lath boundaries. 
Figure 6.21a shows a TEM micrograph from Swarr and Krauss21 of deformed as-quenched Fe-0.2C 
(wt pct) lath martensite. The white arrows denote increased contrast at lath boundaries, which is likely 
related to dislocation accumulation. Dislocation accumulation at lath boundaries was also found in the 
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HNb alloy as-quenched condition tensile stressed to 1400 MPa as shown by the TEM micrograph in 
Figure 6.21b. Again, the white arrows denote dislocation accumulation at lath boundaries.  
Ohmura et al.59,60 performed in situ nanoindentation in a TEM on a 0.4C (wt pct) lath martensite 
alloy to assess the dislocation-boundary interactions. Figure 6.21a shows a TEM micrograph of a lath 
boundary and the nanoindenter just above the surface. Figure 6.21b shows a TEM micrograph of the same 
lath boundary, but the nanoindenter has penetrated 46 nm into the surface. Significant dislocation 
accumulation occurred at lath boundary indicating that lath boundaries can inhibit dislocation motion59,60.  
  
(a) (b) 
Figure 6.21 (a) Representative TEM micrograph from Swarr and Krauss21of an Fe-0.2C as-quenched 
martensitic sample after deformation in tension. (b) Representative TEM micrograph 
from the H1200 as-quenched condition stressed to 1400 MPa in tension. In both images, 
the white arrows point to what appears to be dislocation accumulation at lath boundaries. 
 
  
Figure 6.22 TEM micrographs taken and annotated from Ohmura et al.59. (a) Micrograph showing a 
lath boundary and the nanoindenter just above the surface. (b) Micrograph showing the 
nanoindenter penetrating the lath. Significant dislocation accumulation occurs at the lath 
boundary. 
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It is apparent from the work reported in the literature21,59,60 that lath boundaries are obstacles to 
dislocation motion. Attempts have been made in the past to address the strengthening contributions8,41,70,72 
of lath boundaries by modifying the dislocation density strengthening term and this approach is used in 
the current work. Boundary strengthening following a Hall-Petch relationship is intuitively the first 
choice. However, since tensile strain and tempering produce dislocation cell structures and tensile strain 
causes dislocation accumulation at lath boundaries, lath boundaries may behave more similarly to 
dislocation cell walls. Thus, the Taylor hardening model is modified by assuming that lath boundaries are 
arrays of dislocations; the lath boundary dislocation density is then added into the square root term: 
 
𝜎𝜌 = 𝑚𝛼𝐺𝑏[𝜌𝑚𝑎𝑡𝑟𝑖𝑥 + 𝜌𝑙𝑎𝑡ℎ ]
0.5    
6.4 
With this approach, two primary assumptions are made: 
1. The lath boundaries are close to pure tilt or twist boundaries. 
2. The dislocations at lath boundaries have the same strengthening effect as the matrix dislocations. 
Lath boundaries are low angle boundaries that are thought to be similar to arrays of dislocations, and 
thus the boundary has a short range stress field. Since dislocations in the matrix have long range stress 
fields, the dislocations at the low angle boundaries should have a smaller strengthening effect. However, 
the short range stress field could increase as matrix dislocations move and accumulate at the low angle 
boundary. Therefore, the strengthening effect of lath boundaries after some plastic deformation may be 
significant, which is the reason that assumption #2 may be valid. Additionally, the lath boundary area per 
unit volume is very high for lath martensite (greater than 10,000 cm-1)79. Caron and Krauss79 showed that 
for an Fe-0.2C (wt pct) as-quenched lath martensite, the low angle boundary area per unit volume is 
approximately 30,000 cm-1. 
To estimate the dislocation density of the lath boundaries, the dislocation line length per unit area 
of lath boundary is determined by 𝜃 𝑏⁄ , where θ is the lath boundary misorientation. For a given lath width 
(dlath), the lath dislocation density per unit volume (ρlath) is given by 𝜃 𝑏𝑑𝑙𝑎𝑡ℎ
⁄ . Incorporating the lath 
boundary dislocation density into Eq. 2.2 yields: 
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    6.5 
The lath width is relatively insensitive to processing8 and primarily depends on 
alloying15,20,21,31,142. For 0.2C (wt pct) lath martensite19, the lath width was estimated to be 0.15 µm. The 
misorientation between laths in a low-C lath martensite has been measured121 as 1.8º, but the lath 
misorientation may depend on processing. It was shown in Chapter 5 that there is a significant low angle 
misorientation gradient along a block for the TMP conditions. This likely manifests as increased low 
angle misorientations between the laths. The additional misorientation can be accounted for by assuming 
an increased dislocation density at the lath boundaries.  
The dislocation density measured from XRD is representative of ρmatrix in Eq. 2.2. Dislocations 
arranged in an array, such as a lath boundary, have a lower elastic strain energy than that of a random 
distribution. Therefore, the measured dislocation density (from XRD) likely does not include any 
significant contribution from the dislocations at the lath boundaries113. 
A Taylor hardening model fit for the initial dislocation density (from XRD) and the 1% FS for the 
equiaxed and TMP prior austenite grain conditions (calculated value) showed that the TMP conditions 
have a 63 MPa increase in strength compared to the equiaxed conditions. If the Taylor hardening model is 
updated according to Eq. 2.2, the increase in strength for the TMP prior austenite grain conditions can be 
accounted for by a 0.5º increase in lath boundary misorientation. Figure 6.23 shows the 1% FS versus 
square root of the corrected initial dislocation density assuming a 0.5º increase in lath boundary 
misorientation with TMP; all of the data collapses onto a single trendline.  
235 
 
Figure 6.23 Taylor hardening model using a corrected initial dislocation density and the 1% offset 
flow strength (1% FS). The initial dislocation density measured from XRD (ρinitial) is 
corrected with the estimated lath dislocation density (ρlath). For the equiaxed prior 
austenite grain conditions, the 1% FS is the average value from tensile tests. For the TMP 
prior austenite grain conditions, the 1% FS is the calculated value from the Vickers 
microhardness data. 
 
The correction to the dislocation density was extended to the tensile stressed conditions used to 
determine the Taylor hardening model fitting constant in Figure 6.12. It was shown that the dislocation 
density strengthening in the lath martensite in this study correlates well with experimental data collected 
for cold rolled iron63 because the Taylor hardening model fitting constants are similar. However, there is a 
slight difference in y-intercept from the Taylor hardening model between the lath martensite and cold-
rolled iron microstructures. For the cold rolled iron samples, the y-intercept (89 MPa); which is similar to 
the Peierls stress for BCC iron2,63,72,78. For the HNb and LNb lath martensites studied in the current work, 
the y-intercept (371 MPa) is due to all of the other strengthening mechanisms in martensite. Therefore, 
the remaining unaccounted for strengthening in the HNb and LNb alloys is 282 MPa. This includes the 
contributions from solid solution alloying, which was estimated as 73 MPa (Section 1.2), thus leaving 
209 MPa of unaccounted for strengthening. This unaccounted for strengthening is hypothesized to be due 
to the low angle boundaries. If the measured dislocation density is corrected to include the 1.8º lath 
boundary dislocation density, the unaccounted for strengthening is further reduced. Figure 6.24 shows 
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flow strength versus corrected dislocation density to include the lath boundary dislocation density. The 
Taylor hardening model now yields a y-intercept of 250 MPa which only leaves 88 MPa of unaccounted 
for strengthening after subtracting the predicted Peierls stress and solid solution strengthening effects 
(250 - 89 - 73 MPa). The unaccounted for strengthening could be due to the small effect that block 
boundaries, packet boundaries, and prior austenite grain boundaries have on strength.  
Additionally, the fitting constant (α) in Figure 6.24 is identical to the fitting constant found by 
Takaki et al.63 for cold rolled iron. Therefore, it appears that the flow strength of martensite is controlled 
by the dislocation density, and the dislocation density strengthening is very similar to that of ferritic iron.  
 
 
Figure 6.24 Taylor hardening model using a corrected initial dislocation density and the 1% offset 
flow strength (1% FS). The dislocation density measured from XRD (ρXRD) is corrected 




RESULTS AND DISCUSSION – LOW TEMPERATURE FRACTURE OF LOW-C MARTENSITIC 
STEEL 
 
This chapter discusses the low temperature fracture behavior of low-C martensitic steel after the 
various austenite conditioning routes employed in the study. The brittle fracture path was characterized 
with electron backscattered diffraction (EBSD) for the equiaxed and thermomechanically processed 
(TMP) prior austenite grain (PAG) conditions.  
7.1 Ductile to Brittle Transition Temperature 
The ductile to brittle transition temperature (DBTT) is related to the cleavage fracture strength 
and the yield strength (Chapter 2). If yielding can occur before brittle fracture, ductile fracture results. 
However, brittle fracture is present if the yield strength is greater than the fracture strength. Additionally, 
the applied stress at which yielding occurs can be affected by stress state; for example, a triaxial stress 
state, which is present in the notched Charpy specimens, increases the apparent yield strength and 
promotes brittle fracture. Petch88 found that the cleavage fracture strength has the same relationship with 
effective grain size as the yield strength: 
 
𝜎𝐹 = 𝜎𝑜 −  𝑘𝑓𝐷
−1/2 
7.1 
where σF is the fracture strength, σo is a fitting constant that is not influenced by the grain size, kf is the 
locking parameter for fracture, and D is the effective grain size. For lath martensites, the fracture stress is 
typically greater than the yield strength at temperatures near 23 ºC (RT). Thus, at RT most martensites 
exhibit ductile fracture. As temperature decreases, the yield strength increases, but the fracture stress 
remains relatively constant (Chapter 2). Determination of the fracture stress is not typically an experiment 
that is performed. However, determination of the DBTT is conventionally determined from CVN testing 
over a range of temperatures; low absorbed energy is related to cleavage fracture. Therefore, for CVN 
testing, Eq. 2.3 can be extended to another form to predict the DBTT62; 
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𝐷𝐵𝑇𝑇 = 𝑇𝑜 − 𝐾 𝐷
−1/2 7.2 
where To is fitting constant that is not influenced by the effective grain size, K is a locking parameter, and 
D is the effective grain size. Experimentally, the DBTT can be defined as several different transition 
temperatures characteristic of the CVN curves; for the current work, the 20 Joule transition temperature 
(20J TT) was used.  
For randomly oriented ferritic steels, the effective grain size is simply the ferrite grain size 
because, on average, all grain boundaries effectively deflect cracks. For martensitic steels, the effective 
grain size is difficult to define because several types of microstructural boundaries exist. Each 
microstructural boundary has a slightly different effect on crack propagation. Low angle lath boundaries 
(less than 5º) cause small deflections of cracks. High angle block boundaries (greater than 15º, but are 
typically 60º), packet boundaries (typically greater than 47º), and prior austenite grain boundaries 
(PAGB) a (typically greater than 15º) can all cause large deflections. 
7.1.1 Coherence Length of {001} Martensite Planes 
Since the cleavage planes in a BCC crystal structure are typically {001}, Morris et al.25,61,62 
proposed that the effective grain size for cleavage crack propagation is the coherence length of {001} 
planes. Additionally, Morris et al.16,90 and Tsuboi et al.17 confirmed that {001} cleavage occurs in lath 
martensite (Chapter 2). The coherence length of {001} planes is related to the three Bain correspondences 
of the martensitic transformation. For any variant from the K-S OR, the Bain correspondence is the 
crystallographic direction of the austenite that experiences the largest transformation strain, which is the 
compression strain (Chapter 2). 
As a consequence of the K-S OR, the different Bain correspondences represent the martensite 
variants with conserved {001} planes, and these variants do not necessarily have to be within the same 
packet. Because of the crystallographic symmetry in the K-S OR, the Bain correspondences can be 
visualized from a stereographic projection of a single austenite grain. Figure 7.1 shows a simulated 
stereographic projection of the 24 K-S crystallographic variants with the three distinct Bain 
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correspondences highlighted blue, red, and green. The projection is along the austenite [001] with the 
austenite [010] direction north. The eight K-S variants clustered around each austenite {001} pole (closed 
black circles) are the different Bain correspondence variants. The eight K-S variants associated with each 




Bain Correspondences: Green – [100], Red – [010], Blue – [001] 
Figure 7.1 Simulated K-S OR showing all 24 variants from a (001)[010] oriented austenite grain. 
The three Bain correspondence variants are highlighted as different colors: green, red and 
blue. (color image – see PDF copy) 
 
The Bain correspondence variants were used to determine the coherence length of {001} planes 
within individual prior austenite grains. Figure 7.2a shows a stereographic projection of experimental 
martensite (αʹ) {001} poles from a single equiaxed prior austenite grain (H1200-LTT) with the three Bain 
correspondence variants highlighted different colors. In agreement with the simulated projection 
(Figure 7.1), the martensite variants that make up each Bain correspondence have less than 15º 
misorientation between them. Figure 7.2b shows the single prior austenite grain from the HNb alloy used 
for the stereographic projection highlighted corresponding to the colors in the projection. Additionally, all 
boundaries of scalar misorientation of 15º or greater are highlighted black. The boundary highlighting 
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effectively outlines the regions of conserved {001} planes. Therefore, the high angle boundary size 
(HABGS) determined in Chapter 5 for the equiaxed prior austenite grain conditions can be used as a 





Figure 7.2 (a) Stereographic projection of {001}αʹ poles from a single equiaxed prior austenite grain 
(H1200-LTT) with the three crystallographic Bain correspondences highlighted. (b) 
Highlighted image quality map with the three colors corresponding to the highlighting in 
(a). High angle boundaries are highlighted black (greater than 15º). (color image – see 
PDF copy) 
 
Similar to the equiaxed prior austenite grain conditions, the coherence length of martensite {001} 
planes was investigated for the TMP prior austenite grain conditions. It was demonstrated in Chapter 5 
that the crystallographic packets of the TMP prior austenite grain conditions cannot be determined simply 
from a stereographic projection like the equiaxed prior austenite grain conditions. However, the three 
Bain correspondence variants are easily distinguished in a stereographic projection. Figure 7.3a shows a 
stereographic projection of the {001}αʹ poles from a single TMP prior austenite grain (H1200-0.4-LTT) 
with the three Bain correspondence variants highlighted. The martensite variants that make up each Bain 
correspondence typically have less than 15º misorientation between the {001} planes. However, due to 
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the high scatter and low angle substructure of the TMP conditions (discussed in Chapter 5), some blocks 
deviate slightly beyond the 15º misorientation. Figure 7.3b shows the corresponding highlighted single 
TMP prior austenite grain with all boundaries of scalar misorientation 15º or greater highlighted black. In 
the same fashion as the equiaxed prior austenite grain, the high angle boundary grain size determined in 
Chapter 5 for the TMP prior austenite grain conditions can be used as a reasonable estimate of the 




Figure 7.3 (a) Stereographic projection of {001}αʹ poles from a single TMP prior austenite grain 
(H1200-0.4-LTT) with the three crystallographic Bain correspondence variants 
highlighted. (b) Highlighted image quality map with the three colors corresponding to the 
highlighting in (a). High angle boundaries are highlighted black (greater than 15º). (color 
image – see PDF copy) 
7.1.2 Empirical Relationship between the High Angle Boundary Grain Size and the 20 Joule 
Transition Temperature  
Morris et al.25,61,62 proposed that effective grain size in Eq. 2.1 is the coherence length of {001} 
planes, and it was shown in the previous section that the high angle boundary grain size is a reasonable 
estimate for the coherence length. Figure 7.4a shows the 20J TT versus inverse root of the high angle 
boundary grain size for the HNb alloy in the as-quenched, LTT, and HTT conditions. For the larger 
PAGS conditions (H1250 and H1200), the 20J TT is insensitive to high angle boundary grain size. 
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However, there is a strong decrease in 20J TT for the small PAGS condition (smallest high angle 
boundary grain size).  
Figure 7.4b shows the 20J TT versus inverse square root of the high angle boundary grain size for 
the HNb HTT and 12C-V 625 ºC tempered conditions. Additionally, a linear fit between the 20J TT and 
the inverse root of the high angle boundary grain size is given for the HNb alloy. For the 12C-V alloy, the 
measured high angle boundary grain size is from the 600 ºC tempered conditions studied the current work 
and the 20J TT is from the 625 ºC tempered conditions studied by Weiss8. The CR-DQ and RA/Q 
conditions have similar 20J TT, but the high angle boundary grain size for the CR-DQ is significantly 
smaller. In addition to high angle boundary grain size differences, the PAGS is vastly different in the 
crack propagation direction. For the CR-DQ conditions, the PAGS is highly anisotropic because the 




Figure 7.4 (a) 20J TT versus inverse root of high angle boundary grain size for the HNb equiaxed 
prior austenite grain conditions: as-quenched, LTT, and HTT. (b) 20J TT versus inverse 
root of high angle boundary grain size for the HNb equiaxed prior austenite grain HTT 
condition and the 12C-V 625 ºC tempered condition. Additionally, a linear regression fit 
is shown for the HNb alloy. The 20J TT was calculate from the sigmoidal curves for the 
absorbed energy versus test temperature (Chapter 4). The high angle boundary grain size 
was measured following the procedure shown in Chapter 5. 
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Typically CR-DQ processing produces an elongated and pancaked prior austenite grains 
structure6–8. However, the high angle boundary grain size is not nearly as anisotropic. Therefore, to 
further understand the effect of prior austenite grain boundaries and high angle boundaries, the PAGS and 
high angle boundary grain size were measured with test lines parallel to the crack propagation direction. 
For the 12C-V samples, the notch orientation is TD-RD; i.e. the crack propagates in RD direction of the 
TD plane. However, EBSD scans were performed on the ND plane (Chapter 3), so the PAGS in the RD 
direction was measured for this plane. Table 7.1 shows the PAGS and high angle boundary grain size for 
test lines parallel to the RD. Additionally, the packet size found from concentric circles (intercept length) 
is shown. The PAGS in the RD is much larger for the CR-DQ condition compared to the RA/Q condition 
(60.7 and 19.7 µm, respectively), but the high angle boundary grain size is smaller (1.30 and 1.52 µm, 
respectively). The RA/Q and CR-DQ have similar 20J TT, so the 20J TT is not simply controlled by the 
coherence length of {001} planes.  
The packet size measured with concentric circles is similar for the CR-DQ and RA/Q conditions 
(7.88 and 7.80 µm, respectively). Therefore, the 20J TT may actually be a function of the PAGS, packet 
size, and HABGS; it is therefore important understand the effects of each boundary type on fracture 
behavior. 
Table 7.1 – Boundary Measurements for the 12C-V Alloy after 600 ºC Tempering  
Straight Test Lines 
Parallel to RD 
Orientation 
Normal 
PAGS, µm Packet Size, µm* HABGS, µm 
20J TT, ºC 
625 ºC temper 
CR-DQ ND 60.7 7.9 1.3 -105 
HR-DQ ND 69.7 13.9 1.4 -27 
RA/Q ND 19.7 7.8 1.5 -107 
*Packet size is the intercept length measured with concentric circles 
7.2 Microstructural Characterization of Brittle Fracture with Electron Backscatter Diffraction 
EBSD was used to characterize the low temperature brittle fracture behavior. Specifically, EBSD 
was used to determine the crystallographic planes of fracture and qualitatively assess the fracture path. 
CVN samples fractured at -197 ºC were used for this analysis. In general, the macroscopic fracture 
at -197 ºC is quasi-cleavage (Chapter 4), but a few conditions have intergranular fracture along prior 
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austenite grain boundaries after HTT. At the 20J TT, the amount of prior austenite grain intergranular 
fracture for these samples is insignificant and the fracture is predominately quasi-cleavage. Therefore, for 
the current analyses, samples with prior austenite grain intergranular fracture at -197 ºC are omitted 
because transgranular fracture was of more interest. 
For every EBSD scan, a backscattered electron micrograph was also captured to give an overview 
of the fracture area. The procedures used to control the scanning electron microscope were given in 
Chapter 3. Figure 7.5a shows an example backscattered electron micrograph from the H1200-LTT 
condition. Based on the full EBSD scan (which is not presented), the fracture was primarily transgranular 
to the prior austenite grain with extensive transgranular subsurface cracking. Additionally, the subsurface 
cracks show that significant crack surface opening was typically associated with the crack propagation 
across a prior austenite grain boundary. In the backscattered electron image, the prior austenite grain 
boundaries are not resolvable, but the boundaries were found with EBSD analyses following the 
procedures shown in Chapter 5. 
Selected subsurface cracks were characterized with EBSD because both sides of the fracture were 
preserved, thus enabling detailed analysis of the crack path. Figure 7.5b shows an EBSD image quality 
and inverse pole figure map for the subsurface cracking outlined by the dotted rectangle in Figure 7.5a. 
All of the high angle boundaries are highlighted black, select packet boundaries are highlighted with 
white broken white lines, and prior austenite grain boundaries are highlighted with solid white lines. The 
procedure for determining packet and prior austenite grain boundaries from an EBSD scan was discussed 
in Chapter 5. The fracture across the prior austenite grain is predominantly cleavage across the different 
packets, where most packet boundaries cause significant crack deflection. Large crack deflections at the 
block boundaries (as defined by the high angle boundaries) are not common. Some block boundaries 




Figure 7.5 (a) Backscattered electron micrograph for the H1200-LTT condition (HNb alloy) fracture 
at -197 ºC. (b) EBSD image quality and inverse pole figure map of the region indicated in 
(a). High angle boundaries (greater than 15º) are highlighted black, prior austenite grain 
boundaries are highlighted with solid white lines, and packet boundaries are highlighted 
with broken white lines. (color image – see PDF copy) 
 
EBSD of planar sections like that shown in Figure 7.5a were used to characterize the 
crystallographic planes of fracture. The results presented in the following discussion are representative of 
all conditions analyzed, and thus there is not any significance to the presentation of one condition over 
any other condition. Figure 7.6a shows an backscattered electron micrograph of the fracture surface of the 
12C-V RA/Q sample tempered at 625 ºC for 1 h. The fracture propagated from left to right across the 
image. Fracture features are difficult to resolve at this magnification, and thus higher magnification 
images were taken. In Figure 7.6b, two regions are outlined with broken white lines; EBSD scans of these 




Figure 7.6 Backscattered electron micrographs of the fracture surface of the 12C-V RA/Q condition 
tempered at 625 ºC for 1 h. CVN samples were fractured at -197 ºC. The lighter contrast 
area is the electroless nickel plating. (a) Overview of the fracture. (b) Higher 
magnification image showing two regions where EBSD was performed. 
 
Figure 7.7a shows an EBSD inverse pole figure and image quality map of a prior austenite grain 
with transgranular fracture (Figure 7.6b). The fracture shown is of the main fracture surface where the 
crack propagated from left to right and continued to propagate off the bottom of the image. Additionally, 
a secondary crack branched off from the main crack and arrested at a prior austenite grain boundary. The 
prior austenite grain and packet boundaries are highlighted (solid white and broken white lines, 
respectively) following procedures discussed in Chapter 5. Figure 7.7b shows the highlighted EBSD map 
of Figure 7.7a with the three Bain correspondences of the fractured prior austenite grain highlighted. The 
prior austenite grains surrounding the fractured prior austenite grain were highlighted white for clarity. 
The surrounding grains have different Bain correspondence variants than the fractured prior austenite 
grain, and more colors and highlighting would have been necessary which are not relevant to the 
discussion. 
In Figure 7.7b, the crack propagates from the top left of the image through packet #1 crossing 
several high angle boundaries; the high angle boundaries are highlighted black. The crack propagates 
through most of the packet macroscopically in the same physical direction but alternates between {001} 
and {011} planes as indicated by the plane traces shown on the image. Additionally, even though the 
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crack crosses several high angle boundaries and propagates through different Bain regions, there are some 
similarities between the separated regions. In packet #1, the crack mainly propagates through the red Bain 
regions along a {011} plane and through the green regions along a {001} plane. The traces of the fracture 
planes from the red and green Bain regions are shown with the plane that fractured highlighted. However, 
when the crack reached the blue Bain region, it deflected along the block boundary between the blue and 
red Bain regions. Since this block boundary is within a packet, it is highly likely that it is a {011} twist 
boundary (Chapter 5), but this could not be confirmed. However, it was shown in Chapter 5 that all block 
boundaries within a packet are nearly a {011} plane. Therefore, fracture along the block boundary is 
likely cleavage along a {011} plane. 
The crack continued to propagate through packet #1 until it reached packet #2. In packet #1, the 
crack propagated through the red Bain regions along {011} planes, but in packet #2, the crack propagated 
along {001} planes in the red Bain region of packet #2. Additionally, in contrast to packet #1, the crack 
propagated through the red Bain region of packet #2 with several deflections not related to any high angle 
boundaries apparent in the plane of observation. The crack continued to propagate and eventually 
deflected and propagated along a block {011} boundary between the red and green Bain regions. A 
tertiary crack then branched off the block boundary crack through the green region along a {001} plane 
but arrested at another block boundary. The secondary crack propagated along the block boundary 
between the red and green Bain regions until it was arrested by a prior austenite grain boundary.  
Some secondary cracking was observed along prior austenite grain boundaries in samples that 
exhibited quasi-cleavage on the fracture surfaces. Figure 7.8a shows an EBSD image quality and inverse 
pole figure map of a region with an intergranular prior austenite grain crack, and some of the prior 
austenite grain boundaries (20-46º) are highlighted black. Figure 7.8b shows a magnified area of the prior 
austenite grain boundary crack. The secondary crack likely propagated from the bottom right to the top 
left. However, since a 3D analysis of the fracture was not conducted, this cannot be confirmed, but it is 
assumed that the crack propagated in this direction. 
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Figure 7.7 (a) EBSD image quality and inverse pole figure map from the 12C-V RA/Q CVN 
specimen fractured at -197 ºC (Figure 7.6b). (b) Highlighted EBSD map from (a) where 
the red, blue, and green highlighting correspond to the different Bain correspondences 
within the prior austenite grain. The plane traces for {001} and {011} planes are shown 
for select regions. High angle boundaries (greater than 15º) are highlighted black, prior 
austenite grain boundaries are highlighted with solid white lines, and packet boundaries 
are highlighted with broken white lines. (color image – see PDF copy) 
 
Initially, the crack propagated along a prior austenite grain boundary. There is a {011} plane 
misoriented by less than 15º on both sides of the boundary (determined from stereographic projection); 
the trace of which is shown in Figure 7.8b. The crack likely propagated along this plane and was 
eventually deflected into the grain on the left where it propagated along a {001} plane; the trace of which 
is shown in Figure 7.8b. The crack propagated until it was deflected along a block boundary ({011} 
plane), and propagated along the boundary until it was deflected at the prior austenite grain boundary. The 
crack then propagated along the similar {011} plane between the two prior austenite grains. It is likely 
that the two prior austenite grains just coincidentally have similar oriented {011} planes for this plane of 
observation. The prior austenite grain cracking was minimal and is hypothesized to be related to random 
crystallographic similarities between the prior austenite grains rather than embrittlement of the boundary. 
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Figure 7.8 (a) EBSD image quality and inverse pole figure map from the 12C-V RA/Q CVN 
specimen fractured at -197 ºC (Figure 7.6b). (b) Magnified EBSD image quality and 
inverse pole figure map from the region indicated in (a). White lines in (b) show the 
traces of the similarly oriented {011} planes. Black boundaries in (a) are boundaries with 
20 to 46º misorientation. Black boundaries in (b) are high angle boundaries (greater than 
15º). (color image – see PDF copy) 
 
In BCC metals, cleavage tends to occur on {001} planes. However, with martensitic 
microstructures, cracks can deflect onto {011} planes, which has been shown in the current study. 
Therefore, the coherence length of {001} planes as proposed by Morris et al.25,61,62 is not enough to 
predict the low temperature fracture behavior of lath martensite. Thus, the significance of the other 
boundaries in the microstructure (packet and prior austenite grain) must be considered. 
For any cleavage crack propagating along a {001} plane, several boundaries are encountered: 
block, packet, and prior austenite grain boundaries. From EBSD, often the crack deflects to a {011} plane 
when crossing block boundaries or onto the block boundary itself. The small 2D trace deflections at block 
boundaries can be rationalized from stereographic projections. For this crystallographic discussion, only 
one packet from the simulated K-S OR is considered, the stereographic projection of which is shown in 
Figure 7.9a from Figure 7.1. Additionally, the average 2D plane trace of the two indicated {001} red Bain 
correspondence poles is shown as a broken black line. From any pole in a stereographic projection, the 
2D plane trace is orthogonal to a line from the center of the projection to the pole. Figure 7.9b shows the 
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same stereographic projection but with the {011} poles. Additionally, the plane trace from the red poles 
in Figure 7.9a is shown. Now, it is assumed that a crack propagated along one of the {001} red poles in 
Figure 7.9a and reaches an arbitrary block boundary between the red and blue Bain correspondences. For 
the crack to continue along a {001} plane in the blue Bain correspondence variants, it would have to 
deflect significantly. In Figure 7.9a there are not any plane traces of the {001} blue Bain variant poles 
that would give a small crack deflection (less than 15º). However, only a small deflection is needed if the 
crack continues along a {011} plane, as shown in Figure 7.9b. There is one {011} blue Bain pole that is 
less than 15º from the assumed crack plane in Figure 7.9a. Since, the cleavage cracks in lath martensite 
can propagate along {011} (Figure 7.7b), this is likely much more favorable than the large crack 
deflection required to propagate along a {001} plane. This type of relationship between a {001} crack 
plane and a {011} crack plane can be shown for any combination of variants within a packet. This 




Figure 7.9 Simulated Kurdjimov-Sachs orientation relationship showing the six variants of one 
packet from a (001)[010] oriented austenite grain. The three Bain correspondence 
variants are highlighted as different colors following Figure 7.1. (a) Martensite {001} 
poles. (b) Martensite {011} poles. See text for discussion of the annotation. (color image 
– see PDF copy) 
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Packet boundaries do not have as many crystallographic similarities as block boundaries. In 
Chapter 5, in contrast to block boundaries, it was shown that packet boundaries do not have to be {011} 
planes. For block boundaries within a packet, there is typically either a {001} plane or a {011} plane that 
is less than 15º from a cleavage crack propagating along a {001} plane. For packets, this is not always the 
case. To show this, the V3-V7 variant pair, which belong to different packets, was analyzed; the variant 
pair labeling corresponds to Chapter 2. Because of the high symmetry of the K-S OR, the following 
analysis applies to any variant pair, where the variants are from different packets and different Bain 
correspondences. It is not necessary to consider variants in different packets with the same Bain 
correspondence because by definition, the variants have less than 15º misorientation in {001} planes 
(Chapter 2). Thus, the crack is likely to simply deflect by this small amount onto another {001} plane. 
For the subsequent analysis it was assumed that there was a crack propagating along a {001} 
plane in the V3 variant ([010] Bain correspondence), and the deflections required for this crack into a V7 
variant ([100] Bain correspondence) were considered. Figure 7.10a shows the simulated stereographic 
projection of the martensite {001} poles of the V3 and V7 variants (red and green, respectively) from a 
(001)[010] oriented austenite grain. It is assumed that the crack is on one of the V3 {001} planes, as 
shown in Figure 7.10a. The 2D trace of a crack on this plane is drawn as a broken black line. 
Additionally, the 2D traces of the V7 variant {001} planes are drawn as solid green lines. Because of the 
Bain Correspondence, there are no {001} poles in the V7 variant that is within 15º of the crack in the V3 
variant. Figure 7.10b shows the same stereographic projection, however only the {011} poles for the V7 
variant are shown. Additionally, the same pole and trace that the crack is on (Figure 7.10a) is shown. 
There is a {011} pole from V7 approximately 5º from the crack as shown in Figure 7.10b. For this type of 
packet boundary and the assumed crack plane, the crack can deflect onto the {011} plane of the V7 
variant. Therefore, it is hypothesized that this crack deflection is more favorable than a large deflection 





Figure 7.10 Simulated Kurdjimov-Sachs orientation relationship stereographic projections from a 
(001)[010] oriented austenite grain. The three Bain correspondence variants are 
highlighted as different colors following Figure 7.1. (a) Martensite {001} poles for the 
V3 and V7 variants. (b) Martensite {011} poles for the V7 variants. See text for 
discussion of the annotation. (color image – see PDF copy) 
 
The type of deflection shown in Figure 7.10 is not the case for all packet boundaries. It is only the 
case for one of the three possible {001} cracks in the V3 variant. Figure 7.11a shows the same projection 
as Figure 7.10a, but now a different {001} crack is assumed. The 2D trace of a crack on this plane, and 
the 2D traces of the V7 variant {001} planes are drawn. Again, because of the Bain Correspondence, 
there is not a {001} pole from the V7 variant that is within 15º of the crack. Figure 7.11b shows the same 
stereographic projection as Figure 7.10b, however with the different crack plane trace shown. In contrast 
to Figure 7.10b, there is not a {011} pole from the V7 variant within 15º. Therefore, for this type of 
packet boundary and assumed crack plane, the crack must deflect at a large angle to continue to propagate 
in the V7 variant. From the crystallographic constraints, it is not apparent which plane the crack will 





Figure 7.11 Simulated Kurdjimov-Sachs orientation relationship stereographic projections from a 
(001)[010] oriented austenite grain. The three Bain correspondence variants are 
highlighted as different colors following Figure 7.1. (a) Martensite {001} poles for the 
V3 and V7 variants. (b) Martensite {011} poles for the V7 variants. See text for 
discussion of the annotation. (color image – see PDF copy) 
 
The type of deflection shown in Figure 7.11 is also valid for the third independent {001} plane in 
the V3 variant. Figure 7.12a shows the same projection as Figure 7.10a and Figure 7.11a, but now the last 
possible {001} crack is assumed. The 2D trace of a crack on this plane, and the 2D traces of the V7 
variant {001} planes are also shown. Again, because of the Bain Correspondence, there is not a {001} 
pole in the V7 variant that is within 15º of the crack. However, in contrast to Figure 7.10b and similar to 
Figure 7.11b, there is not a {011} within 15º of the crack as shown in Figure 7.12b. For this type of 
packet boundary and assumed crack plane, the crack must deflect at a large angle to continue to propagate 
in the V7 variant. Again, from the crystallographic constraints, it is not apparent which plane the crack 





Figure 7.12 Simulated Kurdjimov-Sachs orientation relationship stereographic projections from a 
(001)[010] oriented austenite grain. The three Bain correspondence variants are 
highlighted as different colors following Figure 7.1. (a) Martensite {001} poles for the 
V3 and V7 variants. (b) Martensite {011} poles for the V7 variants. See text for 
discussion of the annotation. (color image – see PDF copy) 
 
From the observations made on the fracture surfaces and the crystallographic constraints of block 
and packet boundaries, it is hypothesized that cleavage crack propagation in lath martensite is controlled 
by PAGS, packet size, and block size. However, each of these boundaries affects cleavage propagation 
differently because each boundary has different crystallographic characteristics. For block boundaries, a 
{001} cleavage crack can typically deflect at a low angle onto a {011} plane in the neighboring block. 
This is also true for a {011} cleavage crack; it can deflect at a small angle onto a {001}. Additionally, 
block boundaries are typically {011} planes (Chapter 5), and thus cleavage cracks can deflect onto the 
boundary.  
Most packet boundaries are large obstacles to crack propagation, but it is highly dependent on the 
two variants on either side of the boundary and the plane that the crack is traveling on up to the boundary. 
For most combinations of variants and crack planes, the crack must deflect at a large angle (greater than 
15º). However, there are some variant pairs that either have the same Bain correspondence or small 
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deflections are required for a {001} crack onto a {011} plane. Prior austenite grain boundaries are almost 
always large obstacles to crack propagation. There are not any crystallographic constraints at the 
boundaries and the boundaries are not crystallographic planes. However, it is possible for variants on each 
side of the boundary to have similarly oriented {001} or {011} planes. Thus, cracks can occur on one of 
these similarly oriented planes and give the appearance of a prior austenite grain intergranular crack. This, 
however, likely only occurs in small amounts. 
With the observations made in the current work, the following modification to Eq. 2.1 is 
proposed; 
 
𝐷𝐵𝑇𝑇 = 𝑇0 − 𝑓 (𝑃𝐴𝐺𝑆, 𝑃𝑎𝑐𝑘𝑒𝑡 𝑆𝑖𝑧𝑒, 𝐵𝑙𝑜𝑐𝑘 𝑆𝑖𝑧𝑒) 7.3 
The PAGS is the largest microstructural feature size (smallest boundary are per unit volume), but 
provides the largest impedance to crack propagation because there are typically not any crystallographic 
similarities, i.e. the martensite on each side of the boundary typically does not have similarly oriented 
{011} or {001} planes. The packet size is the second largest microstructural feature, and most of these 
boundaries are also a large impedance to crack propagation. However, some portion of packet boundaries 
have crystallographic similarities where the crack can cross the boundary. Blocks are the smallest 
microstructural feature with high angle boundaries, but these boundaries do not provide nearly as much 
impedance to crack propagation as the packet and prior austenite grain boundaries because of the 
crystallographic similarities previously discussed.  
The T0 temperature is related to the fracture strength and the yield strength. Increasing the yield 
strength by a mechanism other than grain size refinement is known to increase the DBTT. However, it is 
unclear if the fracture strength changes as well. Dislocations in the microstructure add significant elastic 
stresses to the lattice, thus making cleavage easier by lowering cleavage fracture strength. Additionally, 
dislocations raise the yield strength. The decrease in cleavage fracture strength and increase in yield 
strength both increase the DBTT1. 
Lath boundaries may affect the T0 temperature. Laths are low angle boundaries and likely cause 
small crack deflections. The cleavage fracture strength likely increases because cracks must deflect to a 
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small degree to cross lath boundaries and with the high lath boundary area per unit volume79, these small 
deflections could amount to a significant increases in the fracture strength. However, it is possible that 
lath boundaries strengthen the microstructure (Chapter 6), which would be expected to raise the DBTT. 
Therefore it is unclear how lath boundaries affect the DBTT. Additionally, for the TMP conditions, there 
are increased misorientations across the low angle lath boundaries. Theses increased misorientation could 
further increase the cleavage fracture strength, but likely increases the strength as well. 
Determination of Eq. 7.3 is nearly impossible because the size of the prior austenite grains, 
packets, and blocks are linearly related (Chapters 2 and 5) and each effects crack propagation differently. 
However, since packets are commonly large obstacles to cleavage propagation and blocks are not, the 
packet size can be used as a correlation to the DBTT. Additionally, the packet size is less anisotropic for 
the CR-DQ conditions than the PAGS, and the packet boundaries highlighted with EBSD typically 
include the prior austenite grain boundaries because every prior austenite grain boundary is a packet 
boundary. Using the packet size as the effective grain size reduces Eq. 2.1 to as follows; 
 
𝐷𝐵𝑇𝑇 = 𝑇0− 𝑘𝑜𝑣𝑒𝑟𝑎𝑙𝑙𝑑𝑝𝑎𝑐𝑘𝑒𝑡
−1/2
 7.4 
where koverall is an overall fitting parameter, and DBTT is the 20J TT. Following Eq. 7.4, Figure 7.13 
shows the 20J TT versus inverse square root of the packet size for the HNb alloy and 12C-V alloy. 
Additionally shown is the ferritic Fe-Mn steels tests by Roberts15 (Chapter 2). There is significant scatter 
in the data collected in the current work, but qualitatively the trends for the HNb and 12C-V alloy are 
similar; the 20J TT decreases with packet size refinement. Additionally, the slopes for the HNb and LNb 
alloy are qualitatively similar to the slope found for the Fe-Mn steels. Furthermore, this relationship 
appears to be a better fit than correlating DBTT with high angle grain boundary size (Figure 7.4).  
For both alloys (HNb and 12C-V), as tempering increases, the magnitude of the fitting constant, 
koverall increases. The increase in koverall, is related to the different tempering responses for each condition. 
For the HNb alloy, the small PAGS condition has the largest decrease in strength after tempering. 
Therefore, it is expected to have the largest decrease in 20J TT (Yoffee diagram, Chapter 2). The larger 
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decrease in 20J TT for the small grain size condition manifests as an increase in the magnitude of the 
slope in Figure 7.13. Similarly, for the 12C-V alloy, the RA/Q condition has the largest decrease in 
strength (compared to the CR-DQ and HR-DQ conditions), thus it is expected to have the largest decrease 
in 20J TT, which manifests as an increase in the magnitude of the slope in Figure 7.13. 
 
 
Figure 7.13 20J TT versus inverse root of the packet size for the HNb and 12C-V alloy. The Fe-Mn 
ferritic steels studied by Roberts15 are additionally included. For the HNb alloy, the 
packet size was measured with EBSD and a concentric circles method. For the 12C-V 
alloy, the packet size is the reported value by Weiss8, which was also measured with a 




SUMMARY AND CONCLUSIONS 
 
The purpose of this project was to determine processing-microstructure-property relationships for 
low carbon (low-C) microalloyed martensitic steels. Specifically, the project investigated the dominant 
strengthening and toughening mechanisms in martensitic steels as influenced by austenite conditioning. 
The mechanical properties were varied by producing a range of equiaxed and pancaked prior austenite 
grain sizes (PAGS). The equiaxed prior austenite grain conditions were achieved by a conventional 
reaustenitized and quenched (RA/Q) process. The pancaked prior austenite grain conditions were 
achieved by thermomechanical processing followed by direct-quenching (TMP-DQ), specifically, the 
controlled rolling DQ (CR-DQ) process. The summary and conclusions for each of the research questions 
presented in Chapter 1 are discussed in the current chapter. 
8.1 What are the crystallographic, microstructural, and substructural changes associated with 
austenite conditioning? 
For as-quenched equiaxed prior austenite grain conditions, PAGS refinement results in several 
crystallographic and microstructural changes: the dislocation density increases, packet size decreases, and 
block size decreases. The various changes are directly related to the mechanical property differences for 
the range of prior austenite grains sizes assessed. Additionally, the tempering response is primarily related 
to the PAGS; the larger PAGS conditions have the highest tempering resistance, i.e. highest strength after 
tempering at 600 ºC for 1 h (HTT) for both the HNb and LNb alloys. 
The martensitic microstructural features are strongly affected by CR-DQ processing because a 
deformation substructure is produced in the austenite. The substructure consists of an increased 
dislocation density, deformation microbands, and potentially sub-grains; sub-grains were not confirmed in 
the current work. The increased dislocation density is at least partially inherited by the transformed 
martensite and is sensitive to PAGS; the larger TMP prior austenite grain conditions inherited the most 
dislocations. 
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The deformation microbands produced lattice rotations in the austenite, which lead to increased 
low angle misorientations between martensite variants, as compared to the equiaxed prior austenite grain 
conditions. The increased dislocation density and increased low angle substructure is likely responsible 
for the strength differences between TMP prior austenite grain and equiaxed prior austenite grain 
conditions; the TMP prior austenite grain conditions have higher strengths than the equiaxed prior 
austenite grain conditions in all tempering conditions studied.  
Martensite variant selection occurred because of austenite deformation microbands as a 
consequence of the CR-DQ process; which altered the packet morphology of the large TMP prior 
austenite grain conditions. For the large equiaxed prior austenite grain conditions, several packets 
subdivided each prior austenite grain, and typically all four of the crystallographically different packets 
were present. However, for the large TMP prior austenite grain conditions, fewer packets subdivided each 
prior austenite grain, and typically only two of the crystallographically different packets were present. 
The two crystallographic packets had habit planes nearly parallel to the active austenite {111} slip planes. 
For the small equiaxed and TMP prior austenite grain conditions, the packet structure was very similar; a 
prior austenite grain typically consisted of one large packet (almost the size of the prior austenite grain), 
and a few very small packets (less than 1 µm).  
In addition to the microstructural changes, CR-DQ processing produced a textured austenitic 
microstructure that was inherited through the martensitic transformation. Thus, the final martensitic 
microstructure had a texture that was a derivative of the austenite texture, which consisted of strong FCC 
brass texture {011}<211> components. Additionally, the martensitic texture remained through most 
conventional tempering conditions; however, after tempering at 600 ºC for 64 h, the martensite 
recrystallized as ferrite, and the texture was removed. 
The martensite block boundaries within the packets were characterized with grain boundary 
character distributions. The block boundary character, interface plane, and rotation axis, did not appear to 
be sensitive to PAGS or TMP-DQ processing. For all conditions, the block boundaries were primarily 
{011} twist boundaries, which was consistent with a near Kurdjimov-Sachs orientation relationship. 
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Additionally, there were a small amount of block boundaries with near {011}<111> tilt character. 
However, in contrast to the literature52, the boundaries were found to have a rotation axis near {667}. 
8.2 What are the controlling strengthening mechanisms of lath martensite in the as-quenched, 
LTT, and HTT conditions for both RA/Q and TMP-DQ processing? 
The strength of martensite is controlled by different mechanisms depending on the plastic strain 
at the strength considered. There is a strong correlation between 1% flow strength and the dislocation 
density of the martensite, but the flow stress in the microyielding regime is independent of total 
dislocation density. 
In the as-quenched condition, the elastic limit, as defined by the 0.01% offset flow strength, is 
insensitive to PAGS, initial total dislocation density, and Nb microalloying; the average elastic limit is 
666 MPa. In the microyielding regime, the strength and high work hardening rates are related to the 
unpinned length of dislocations. The unpinned dislocations move and rearrange with strain, and thus grain 
size strengthening appears to be influential because the dislocations interact with different boundaries. For 
the as-quenched and LTT (200 ºC for 1 h) conditions, a Hall-Petch relationship exists between the 
0.05% YS and the PAGS; the PAGS is linearly related to the block size and packet size.  
After significant yielding, a dislocation cell structure is developed and the high angle boundaries 
have less of an effect because the dislocations are moving within dislocation cells. Additionally, after 
tempering at 600 ºC for 1 h, a partial intralath dislocation cell structure is developed. The strength of 
martensite with a cell structure is predominantly controlled by the dislocation density following a Taylor 
work hardening model regardless of PAGS, packet size, block size, and tempering condition. A Taylor 
hardening model was developed from interrupted tensile tests up to the ultimate tensile strength. The 
fitting constant (0.202) is nearly identical to a fitting constant for large grain cold rolled ferritic iron63 
(0.223), thereby ruling out grain size strengthening effects. 
In addition to the development of a dislocation cell structure, dislocation accumulation occurs at 
the lath boundaries after tensile strain. With dislocation accumulation at lath boundaries, the lath 
boundaries likely behave as dislocation cell walls. Which means that the lath boundaries may strengthen 
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the martensite. Assuming that the lath boundaries are composed of an array of dislocations, and 
estimating a dislocation density increase from the lath boundaries, the Taylor hardening model is further 
improved. The Taylor hardening model using this corrected dislocation density yields a fitting constant of 
0.223, which is identical to the fitting constant for cold rolled ferrite63. Additionally, by assuming some 
accepted values for solid solution strengthening and the Peierls stress for iron, the unaccounted for 
strengthening across all conditions in the model is only 88 MPa. 
The preceding conclusions were determined from the equiaxed prior austenite grain conditions 
because tensile tests on the TMP prior austenite grain conditions were not performed. The TMP prior 
austenite grain conditions were processed in a Gleeble® 3500; the sample geometry was no conducive to 
tensile testing. However, microhardness, which can be related to flow strength was used to assess the 
TMP conditions. For all tempering conditions studied, the microhardness is typically higher for the TMP 
prior austenite grain conditions as compared to the equiaxed prior austenite grain conditions. 
Additionally, for the as-quenched condition, the dislocation density is higher for the TMP prior austenite 
grain conditions. But after tempering at 600 ºC for 1 h, the dislocation densities are similar. Using the 
initial dislocation density, a Taylor hardening model was applied to the TMP prior austenite grain 
condition, and the fitting constant from the model is nearly identical to that of the equiaxed prior austenite 
grain condition. However, the strength contributions from other the strengthening mechanisms are larger 
for the TMP prior austenite grain conditions. The TMP prior austenite grain conditions have increased 
low angle misorientations between the martensite variants, which likely manifests as increased lath 
boundary dislocation density. Therefore, it is hypothesized that the increased strength of the TMP prior 
austenite grain conditions is primarily due to the dislocation density increase in the matrix and a further 
dislocation density increase at the lath boundaries. 
8.3 What are the controlling mechanisms for the low temperature toughness of lath martensite 
in the as-quenched, LTT, and HTT conditions for both RA/Q and TMP-DQ processing? 
In general, the low temperature fracture of martensite is quasi-cleavage, where extensive cleavage 
occurs on {001} planes. However, many of the {001} cracks are connected by {011} cracks. The {011} 
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cracks propagate transgranular to most blocks and intergranular along some block boundaries; block 
boundaries are nearly {011} planes. Additionally, due to crystallographic constraints of high angle block 
boundaries within a packet (based on the Kurdjimov-Sachs orientation relationship), a crack traveling in 
one block along a {001} plane can almost always deflect onto a {011} plane of the neighboring block 
with less than 15º of deflection. A similar criteria exists for a {011} crack traveling across a block when it 
reaches a block boundary. Because of the crystallographic constraints for block boundaries within a 
packet, cleavage cracks tend to run transgranular across an entire packet with only small deflections; thus 
macroscopically, the cleavage facets appear are larger in size than the block size. Furthermore, most 
packet boundaries cause large deflections to a propagating crack, but due to crystallographic constraints 
for the possible variant pairs that make up a packet boundary, some packet boundaries only cause a small 
deflection (less than 15º). prior austenite grain boundaries almost always cause large crack deflections, 
and most secondary cracks are arrested by prior austenite grain boundaries.  
Thus, the ductile-to-brittle-transition-temperature (DBTT) can be controlled by austenite 
conditioning (both RA/Q and TMP), specifically, with PAGS refinement, the packet and block sizes are 
refined. A modified model is proposed to predict the DBTT as a function of these microstructural feature 
sizes. For the proposed model, the effects of the block size, packet size, and PAGS must be assessed. 
Since the block boundaries only produce small crack deflections, it is likely that the effect of the block 
size is small in comparison to the PAGS and packet size effects. Additionally, a model for the 20J TT as a 
function of the inverse square root of the packet size was shown to work reasonably well for all 
conditions assessed. With the CR-DQ conditions, the prior austenite grains are highly elongated, but the 
packet size is far less elongated, thus allowing the model to incorporate the TMP prior austenite grain 
conditions. Additionally, the 20J TT dependence on the martensite packet size is comparable to the 






The current project was originally intended to investigate the strengthening and toughening 
mechanisms in direct-quenched (DQ) plate steels specifically to understand the effects of 
thermomechanical processing (TMP). Two industrially relevant ASTM A514 Nb-V-Ti microalloyed 
steels alloyed with boron were chosen for the investigation. The effects of equiaxed prior austenite grain 
size (PAGS) were assessed first. The idea was to extend these conditions to a thermomechanical process 
followed by DQ (TMP-DQ), but interesting results arose for the equiaxed prior austenite grain conditions. 
In the as-quenched condition, the strength increased with PAGS refinement as expected. But after 
tempering at 600 ºC for 1 h, the smallest PAGS condition (~9 µm) had that lowest strength which was not 
expected. Additionally, the smallest PAGS condition was the only condition to exhibit discontinuous 
yielding after HTT. Because of the unexpected results, significant work was applied to understanding the 
effect of austenite grain size on the strength and work hardening behavior of martensite.  
With most of the work focused on the equiaxed prior austenite grain conditions, limited time was 
left for the same level of work to be conducted on the TMP-DQ conditions. Additionally, for the TMP-
DQ conditions, tensile testing and CVN testing was not conducted on the Gleeble® heat treated samples. 
Thus, mechanical properties were limited to Vickers microhardness. Instead of mechanical testing, for the 
TMP-DQ conditions, EBSD was used extensively to characterize the crystallographic and microstructural 
changes associated with ausforming. The results showed that the most significant crystallographic change 
was an increased low angle substructure within martensite blocks. Thus, it was further proposed that the 
low angle substructure is likely related to an increase in lath boundary misorientation. Additionally, it was 
discussed and shown that lath boundary strengthening could be significant and could account for all of the 
strength differences between the equiaxed and TMP prior austenite grain conditions. The idea of lath 
boundary strengthening could be further assessed in future work. 
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To further extend and support the proposed strengthening mechanisms, a plain low carbon steel 
could be used. This would eliminate any of the discrepancies that could have been related to either boron 
or the substitutional alloying elements (Nb, Ti, V, Cr, etc.) present. However, for a plain low carob steel, 
it could be difficult to produce fully martensitic microstructures, so it Mn could be added to increase 
hardenability. Morito et al.12,22,32,81 have extensively published data for an Fe-0.2C-2Mn (wt pct) 
martensitic steel, so analyzing this alloy could be beneficial.  
For whatever alloy is chosen, a wide range of PAGS conditions should be assessed with and 
without TMP. From these conditions several things could be investigated: 
 Dislocation density and crystallite size differences between equiaxed and TMP in the as-
quenched and the tempered conditions. The results shown in the current work confirm 
that dislocation density varies with PAGS, but a limited range prior austenite grain sizes 
were assessed (~5 to 74 µm). 
 Lath boundary misorientation could be assessed with quantitative TEM or transmission 
EBSD (t-EBSD) in a field emission SEM. The resolution of t-EBSD can be less than 
20 nm, from which laths can easily be resolved. For the current work, many TEM lift 
outs were made using the FEI nanolab dual beam FIB-FESEM. In the same microscope, 
an EDAX EBSD Hikari detector is equipped. Some work was done where t-EBSD scans 
were performed on the as-thinned TEM lift-outs. The results were very promising, but a 
reliable calibration file could not be setup. Some contact was made with EDAX to try an 
develop a calibration file, but for the current project this was not pursed much further. 
 Dislocation density evolution with tensile strain in the microyielding regime. Takaki 
et al.63 showed than the dislocation density decreases with strain in the microyielding 
regime of Fe-Ni lath martensite. However, in the current work, the dislocation density 
actually increased for strains near the elastic limit and then decreased with continuing 
strain until the dislocation cell structure was developed. The microyielding behavior 
could further be investigated with a rigorous TEM characterization of the mobile 
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dislocations. In the microyielding regime, the dislocations rearrange into a cell structure. 
In doing so, the spacing between the pinned dislocation segments decreases and rapid 
work hardening occurs. This could further be study to determine the spacing of pinned 
segments and potentially model the microyielding regime from a dislocation bowing 
stress point of view. 
The toughness results showed that the low temperature fracture of martensite is related to the 
packet size because cleavage cracks propagated along {011} and {001} planes. For BCC microstructures, 
cleavage along {011} planes is not expected. Therefore, the driving force for crack propagation along 
{011} planes could be explored. If martensite cleavage only occurred along {001} planes, the block size 
would be the effective grain size and the proposed ideas by Morris et al.90 would work. But since {011} 
cleavage occurs, the effective grain is more similar to the packet size. Additionally, attempts could be 
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SELECT GLEEBLE® HEAT TREATMENT PROGRAMS 
 
This appendix outline a few of the Gleeble® heat treatment programs. Figure A.1 shows the 
program used for the 1250 °C austenitizing heat treatment. A heating rate of 10 °C/s was used and 
quenching was performed with industrial grade helium. Two quench bottles were setup in parallel and 
regulated at 200 psi. The two lines fed to the Gleeble quench unit which was regulated at 100 psi. Both 
quench flow regulators were set to maximum flow. 
 
 
Figure A.1 Gleeble® QuickSim2 program for 1250 °C austenitizing heat treatment. 
 
Figure A.2 shows the program used for the 1200 °C austenitizing heat treatment. A heating rate 
of 10 °C/s was used and quenching was performed with industrial grade helium. Two quench bottles were 
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setup in parallel and regulated at 200 psi. The two lines fed to the Gleeble quench unit which was 
regulated at 100 psi. Both quench flow regulators were set to maximum flow. 
 
 
Figure A.2 Gleeble® QuickSim2 program for 1200 °C austenitizing heat treatment. 
 
Figure A.3 shows the program used for the 1200 °C austenitizing heat treatment followed by a 
900 °C reaustenitizing heat treatment. A heating rate of 10 °C/s was used and quenching was performed 
with industrial grade helium. Two quench bottles were setup in parallel and regulated at 200 psi. The two 
lines fed to the Gleeble quench unit which was regulated at 100 psi. Both quench flow regulators were set 
to maximum flow. 
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Figure A.3 Gleeble® QuickSim2 program for 900 °C reaustenitizing heat treatment. 
Figure A.4 and Figure A.5 show the program used for the 1200 °C austenitizing heat treatment 
followed by a 900 °C reaustenitizing heat treatment with a double hit compression step added before the 
second quench. A heating rate of 10 °C/s was used and quenching was performed with industrial grade 
helium. Two quench bottles were setup in parallel and regulated at 200 psi. The two lines fed to the 
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Gleeble quench unit which was regulated at 100 psi. Both quench flow regulators were set to maximum 
flow. 
 
Figure A.4 Gleeble® QuickSim2 program for 900 °C reaustenitizing heat treatment with a double hit 
compression step. Part 1 of 2. 
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Figure A.5 Gleeble® QuickSim2 program for 900 °C reaustenitizing heat treatment with a double hit 




SIMULATION OF KURDJIMOV-SACHS ORIENTATION RELATIONSHIP 
 
A program was written in Mathematica® 9.0 to simulate the Kurdjimov-Sachs orientation 
relationship (K-S OR). The program simulates the 24 K-S variants for austenite grains and outputs the 
data to a text file that can be read by TSL-OIM 5.x and newer. The only values that need to be input into 
the program are the desired austenite orientations. The orientations need to be in (hkl)<uvw> form and 
should correspond to the desired orientation within the TSL reference frame, shown in Figure B.1.  
 
 
Figure B.1 EBSD reference frame. Desired austenite orientations should correspond to the x,y,z 
coordinate axes shown. (color image – see PDF copy) 
 
The output text file has a “.ang” extension, which is the only file type (other than the scan files, 
“.osc”) that the TSL-OIM software can read in. The first few header lines start with a “#” symbol and 
must be in the file. The exact values given in the header do not have any effect on the data simulated by 
Mathematica®, but they must be in the file for proper import into TSL-OIM. After the “#” header lines, 
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the data simulated is listed in the following order: Bunge Euler angles (φ1, θ, φ2), X-position, Y-position, 
image quality, confidence index, phase ID, detector intensity, and fit. The only values directly relevant are 
the Euler angles and image quality. The image quality is a value that can be changed for each austenite 
grain simulated, which makes for easy determination of the different austenite orientations in TSL-OIM. 
Figures B.2 through B.7 show the full Mathematica® program for the simulation of three austenite grains. 
The program works for any austenite orientation that does not have an (hkl) of {111} type. When the 
program was developed, it was not determined why {111} orientations do not work 
284 
 
























SIMULATION OF NISHIYAMA-WASSERMAN ORIENTATION RELATIONSHIP 
 
A program was written in Mathematica® 9.0 to simulate the Nishiyama-Wasserman orientation 
relationship (N-W OR). The program simulates the 12 N-W variants for an austenite grain and outputs the 
data to a text file that can be read by TSL-OIM 5.x and newer. The only value that needs to be input into 
the program is the desired austenite orientation. The orientation need to be in (hkl)<uvw> form and 
should correspond to the desired orientation within the TSL reference frame, shown in Figure B.1.  
 
 
Figure C.1 EBSD reference frame. Desired austenite orientations should correspond to the x,y,z 
coordinate axes shown. (color image – see PDF copy) 
 
The output text file has a “.ang” extension, which is the only file type (other than the scan files, 
“.osc”) that the TSL-OIM software can read in. The first few header lines start with a “#” symbol and 
must be in the file. The exact values given in the header do not have any effect on the data simulated by 
Mathematica®, but they must be in the file for proper import into TSL-OIM. After the “#” header lines, 
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the data simulated is listed in the following order: Bunge Euler angles (φ1, θ, φ2), X-position, Y-position, 
image quality, confidence index, phase ID, detector intensity, and fit. The only values directly relevant are 
the Euler angles and image quality. The image quality is a value that can be changed for each austenite 
grain simulated, which makes for easy determination of the different austenite orientations in TSL-OIM. 
Figures C.2 through C.4 show the full Mathematica® program for the simulation of three austenite grains. 
The program works for any austenite orientation that does not have an (hkl) of {111} type. When the 
program was developed, it was not determined why {111} orientations do not work 
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Figure C.2 Mathematica® program used to simulate the N-W OR for three austenite grains. Part 1. 
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Figure C.3 Mathematica® program used to simulate the N-W OR for three austenite grains. Part 2. 
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Figure C.4 Mathematica® program used to simulate the N-W OR for three austenite grains. Part 3. 
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Figure C.5 Mathematica® program used to simulate the N-W OR for three austenite grains. Part 4.  
 
C.1.1 Comparison of the N-W and K-S Orientation Relationships 
Using the program shown in Figures C.2 through C.5, stereographic projections were made for 
the theoretical N-W crystallographic variants. Figures C.6 through C.8 show the theoretical stereographic 
projections of the {001}, {011}, and {111} crystallographic variant poles, respectively. The experimental 




Figure C.6 Comparison of the N-W and K-S orientation relationship showing the {001} poles. (a) 
N-W crystallographic variants and (b) K-S crystallographic variants. Both projections 




Figure C.7 Comparison of the N-W and K-S orientation relationship showing the {011} poles. (a) 
N-W crystallographic variants and (b) K-S crystallographic variants. Both projections 




Figure C.8 Comparison of the N-W and K-S orientation relationship showing the {111} poles. (a) 
N-W crystallographic variants and (b) K-S crystallographic variants. Both projections 




DILATOMETRY IN A GLEEBLE® 
 
Lee M. Rothleutner and I worked together on a side project that looked at the consequences of 
dilatometry in a Gleeble®. The results were prepared into a poster and presented at the THERMEC in 
2013. The poster is summarized and presented in the current appendix. Some additional work may be 
conducted to follow up on the results and publish at a later time. Additionally in the current appendix, the 
limited results obtained for HNb alloy to assess the effects of prior austenite grain size (PAGS). 
D.1 THERMEC 2013 Poster: Phase Transformation Temperature Comparisons using a 
Contact Dilatometer and Laser Scanning Micrometer 
Conventionally, a contact dilatometer is used to determine phase transformation temperatures in 
solids. As a sample is thermally processed, expansions (or contractions) occur; specifically, significant 
dilation occurs during most phase transformations. The Gleeble® thermomechanical simulator includes a 
contact dilatometer for determine phase transformation temperatures. In a Gleeble®, round cylindrical 
samples are by far the most commonly used specimen geometry, and to detect dilation, a contact 
dilatometer is positioned to detect the diametric dilation. A quartz push-rod linearly moves in the 
dilatometer, and the movement is measured by a linear variable differential transformer (LVDT). Because 
most samples used for dilatometry in a Gleeble® have a lengthwise parabolic temperature profile, and a 
contact dilatometer may measure the sample outside of the isothermal region. To reduce this effect, a 
narrow laser (1 mm) scanning micrometer is also available in Gleeble® systems. In the current section, a 
LVDT contact dilatometer is compared to results obtained with a noncontact laser scanning micrometer 
(LSM). 
D.1.1 Experimental Procedures 
A medium carbon SAE 15V41 microalloyed bar steel was used for the investigation, and the 
chemical composition is shown in Table D.1. The as-received microstructure has been characterized 
previously143, and is roughly 80% pearlite and 20% ferrite. 
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Table D.1 – Experimental Chemical Composition, wt pct 
C Mn Si Ni Cr Mo V Al N S P Cu 
0.37 1.36 0.63 0.08 0.13 0.02 0.088 0.006 0.0153 0.064 0.010 0.18 
  
Multiple Ø10 mm by 85 mm long samples were machined from the mid-radius of the Ø117.5 mm 
as-received bars. Using a Gleeble® 3500, samples were subjected to a precise thermal schedule as shown 
in Figure D.1. A 10 min stress relaxation step at 650 ºC was used to relieve internal stresses in the as-
machined samples, and after the stress relaxation step, samples were heated to 1000 ºC. The heating rate 
was 10 ºC/s up to 650 º, and from 650ºC to 1000 ºC, the heating rate was slowed down to 1 ºC/s. The 
slower heating rate through the phase transformation was used to ensure a thermally stable heat treatment. 
On cooling from 1000 ºC, a cooling rate of -1 ºC/s was used down to 500 ºC. From 500 ºC, the cooling 
rate was not controlled or recorded; the program controlling the Gleeble® was simply turned off  
 
Figure D.1 Thermal profile for the phase transformation determination temperatures. Exact details 
for the profile are shown, and the approximation location of the expected phase 
transformations are indicated. 
 
Diametric dilation was measured using a contact dilatometer and LSM simultaneously for each 
test. The LSM used is a Mitutoyo LSM506S measuring unit, and Mitutoyo LSM6200 display unit. 
Figure D.2 shows a schematic of the setup used for each test. Three Type-K thermocouples (TC) were 
welded to each sample; one TC was welded at the length center of the sample, and the other two were 
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welded 5 mm (in the length direction) on either side of center TC. The center TC was used for feedback 
with the Gleeble® program and is the control temperature. Additionally, the center TC represents the 
maximum temperature of the sample. The LSM was position at the TC plane 5 mm to the left of the 
center TC, and the contact dilatometer was position 5 mm to the right of the center TC.  
 
 
Figure D.2 Schematic showing the test setup in a Gleeble®. The copper “hot grips” are designed to 
flatten the parabolic heating profile, thereby reducing thermal gradients. The orientation 
of the schematic is used for all subsequent figures. (color image – see PDF copy) 
D.1.2 Results and Discussion 
Figure D.3 shows typical dilation versus temperature curves used for comparisons between the 
Laser and LVDT. From each curve various phase transformation temperatures were extracted, and 
Table D.2 summarizes the average value for each with the standard deviation. Additionally, the 
coefficient of thermal expansion (CTE) for the 1 ºC/s heating and cooling regions was extracted from 
each curve and is shown in Table D.2.  
Upon heating, the CTE measured for each dilatometer is essentially the same, but the measured 
Ac1 and Ac3 are vastly different For the Ac1, the LVDT consistently measures 10 ºC higher than the 
LSM. For the Ac3, the LVDT, on average, measures roughly 30 ºC higher than the LSM. Upon cooling, 
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the CTE is again very similar, and again, the transformation temperatures are higher for the LVDT. The 
LVDT measures a ferrite start temperature 34 ºC higher than the LSM, a pearlite start 26 ºC higher, and 
pearlite finish only 3ºC higher. 
 
Figure D.3 Typical dilation versus temperature curve for the experimental alloys subjected to the 
thermal profile shown in Figure D.1. The blue curve shows the results for the LVDT, and 
the red curve shows the results for the LSM. The temperature for each dilation curve is 
from the appropriate TC (Figure D.2). (color image – see PDF copy) 
 
Table D.2 – Average Phase Transformation Temperatures and Standard Deviations 
 LVDT LSM units 
Ac1 745 ±2.1 735 ±3.4 ºC 
Ac3 841 ±1.9 810 ±9.0 ºC 
Ferrite Start 728 ±4.0 694 ±5.2 ºC 
Pearlite Start 648 ±0.5 622 ±4.5 ºC 
Pearlite Finish 583 ±2.5 580 ±0.5 ºC 
CTE (α+θ)  15.9 15.8 10-6/K 
CTE (γ) 22.5 21.8 10-6/K 
  
Figure D.4 shows a typical dilation curve upon cooling for the LVDT and LSM. There are several 
key differences between the two curves. The LSM shows distinct ferrite start and pearlite start 
temperatures because there are sharp transitions in the curve. The LVDT does not show sharp transitions, 
and the pearlite start is not easily defined.  
At 635 ºC, the LSM predicts that only proeutectoid ferrite has formed, whereas, the LVDT 
predicts that pearlite has begun transforming. To verify which dilatometer has the correct reading, a 
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sample was quenched from 635 ºC to RT to investigate the microstructure with an FESEM. The quench to 
room temperature should transform all of the austenite present at 635 ºC to martensite and the ferrite and 
pearlite present should remain intact.  
 
Figure D.4 Typical dilation versus temperature cooling curve for the experimental alloys subjected to 
the thermal profile shown in Figure D.1. The blue curve shows the results for the LVDT, 
and the red curve shows the results for the LSM. The temperature for each dilation curve 
is from the appropriate TC (Figure D.2). The measured pearlite start and ferrite start 
temperatures are indicated. An additional sample (not shown) was heat treated following 
the sample profile and quenched to room temperature from 635 ºC as indicated on the 
figure. (color image – see PDF copy) 
 
The thermal profile along the length of the sample when TC1 (corresponds to the laser) is at 
635 ºC is shown in Figure D.5. A parabolic fit was applied to the three TC measurements and is shown. 
Figure D.5 shows that there is a large temperature gradient sampled by the LVDT. At the edge of the 
quartz rod (Ø5 mm), the sample is estimated at 31 ºC colder than the thermocouple measurement (TC3). 
In contrast, at the edge of the laser, the sample is estimated at only 6 ºC colder. 
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Figure D.5 Typical thermal profile along the length of the Ø10 mm samples. A parabolic curve was 
fit to the three TC readings at the LSM (TC1), length center (TC2), and at the LVDT 
(TC3). The physical width of the LSM and quartz push rod is shown. (color image – see 
PDF coy) 
 
The sample quenched from 635 ºC was sectioned and mounted to look at the microstructural 
gradient along the length of the sample. Before sectioning of the sample, the sample was put into a lathe, 
and a small grooves were cut into the sample at the locations of the TC welds. By doing so, after 
sectioning the sample, the cut marks could be used to locate the exact TC isothermal plane. Therefore, the 
microstructure across the diameter of the sample was precisely investigated at various lengths along the 
sample. Figure D.5 shows a series of secondary electron images (SEI) taken on a field emission electron 
microscope of the microstructure near TC1 (TC for the LSM). The FESEM micrographs verify that the 
LSM measurements are correct. Within the width of the laser (1 mm), there is not a significant amount of 
pearlite (Figure D.5b through d); there is a trace amount in Figure D.5b that may have formed at the 
instant of the quench. However, outside of the laser, and only 1 mm from the TC plane, which is well 





Figure D.6 Secondary electron micrographs taken on a field emission scanning electron microscope. 
The positions labeled in each micrograph correspond to Figure D.5. The micrographs 
were taken near TC1 which correlates to the dilation data for the laser scanning 
micrometer. (a) 1.0 mm from TC1, (b) 0.5 mm from TC1, (c) at TC1, (d) +0.5 mm from 
TC1, and (e) +1.0 mm from TC1. For all micrographs, the temperature profile across the 
image increases from left to right 
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The LVDT detects microstructural changes up to 2.5 mm from the TC. At just 1 mm from the 
TC, significant amounts of pearlite are present, and at 2.5 mm a much larger amount of pearlite is present. 
Figure D.7 shows an SEI of the microstructure at the edge of the quartz rod. From Figure D.5, it is 
estimated that this region of sample was 31 ºC colder than the TC reading. Figure D.7 shows that the 
microstructure is almost fully ferrite and pearlite, which was likely partially detected by the LVDT. 
 
 
Figure D.7 Secondary electron micrograph taken on a field emission scanning electron microscope. 
The micrograph was taken +2.5 mm from TC3 which was at a lower temperature before 
the quench. Additionally, the temperature profile across the image increases from right to 
left (Figure D.5). 
 
The differences shown in the dilation versus temperature curves Figure D.3 are largely due to the 
physical configuration of the quartz rods. The volume of material sampled by the LVDT is much larger 
than the volume sampled by the laser. Figure D.7a shows a 2D cross-section schematic of the area 
sampled by the LSM and LVDT. The laser is only 1 mm wide, whereas, the quartz rods are Ø5 mm. For 
the quartz push rod side of the dilatometer, the entire diameter of the rod is in contact with the sample, but 
on the support quartz rod side, only edge of the rod is in contact. Thus at the center of the sample, the 
cross-sectional area sampled by the quartz rods forms a triangle.  
Upon resistive heating, the sample expands and the flat surfaces become curved due to the 
thermal profile. At the beginning of the austenite transformation, the hottest part of the volume sampled 
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transforms first. Figure D.7b shows a representation of this, the edge of the quartz rod will not detect the 
initial transformation because the sample contracts. For the quartz rod to detect the austenite 
transformation, essentially all of the area sampled has to transform. Therefore, the LVDT will read a 
higher phase transformation temperature, which was confirmed in Table D.2.  
In contrast to the heating curve, upon cooling, the quartz rod will detect the material that 
transforms first. Figure D.7c shows a representation of this, the edge of the quartz rod will detect the 
initial expansive transformation because the sample expands. For the current configuration, this material 
is estimated at 31 ºC colder (Figure D.5) than the TC measurement. Thus, the higher ferrite start 
temperature in Table D.2 (34 ºC) is primarily due to the physical limitation of the quartz rods.  
   
(a) (b) (c) 
Figure D.8 (a) Schematic showing the cross-sectional area sampled by the laser and quartz rods for a 
specimen at room temperature (RT). The locations of the TC are shown as the red-yellow 
closed circles. (b) Schematic showing the cross-sectional area sampled by the quartz rods 
for a specimen above room temperature (RT) going through a contractive transformation. 
(c) Schematic showing the cross-sectional area sampled by the quartz rods for a specimen 
above room temperature (RT) going through an expansive transformation. (color image – 
see PDF coy) 
D.1.3 Conclusions 
The following conclusions correspond to samples tested in a Gleeble® 3500. The test 
configuration used was intended to exaggerate the physical limitations of the LVDT dilatometer. 
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However, the results show that several considerations should be addressed for every specimen geometry 
and dilatometer configuration when using a Gleeble®. 
 Contact dilatometers are very sensitive to the thermal gradient in the heated samples. 
 The use of a laser scanning micrometer can improve the resolution of measured solid 
state phase transformation temperatures for samples with a significant temperature 
gradient. 
 The kinetics of phase transformation temperatures can be more accurately calculated 
using a laser scanning micrometer. 
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D.2 Dilatometry on HNb Alloy 
As discussed in the previous section, a laser scanning micrometer can be used to accurately 
predict phase transformation temperatures. Therefore, dilatometry was performed using a Gleeble® 3500, 
equipped with a Mitutoyo LSM506S measuring unit, and Mitutoyo LSM6200 display unit. Samples for 
dilatometry for the equiaxed PAG conditions were machined from the HNb alloy into standard ISO-Q 
specimens as shown in Figure D.9. The ISO-Q geometry allows samples to be internally quenched with 
any quenching fluid while keeping a full deep vacuum on the exterior of the sample. A type-K 
thermocouple was welded to the outside of the sample at the center of the reduced section, and the 
thermocouple wires were positioned so they would not interfere with the laser. The laser display unit was 
set to record data and average it with a 32 moving average. However, this results in some inaccuracies 
with the output data because the resulting sampling rate is roughly 50 Hz. Thus, for the -130 ºC/s quench 
rate used, the transformation temperatures can only be resolved within 3 ºC. For the current work, this 
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was suitable to determine differences between heat treatment conditions. Additionally, the raw data was 
smoothed with a Fast Fourier Transform (FFT) using OriginPro® analysis software. For the FFT, roughly 
30 points per window were used. The FFT smoothing is the best type of smoothing that can be performed 
on the raw LSM data, because it does not significantly effects the transformation temperatures. 
 
 
Figure D.9 Standard ISO-Q specimens designed by Dynamic Systems Inc. See the Gleeble® 
technical manuals supplied with the Gleeble® 3500 at CSM. 
D.2.1 Martensite Start Temperature 
From the dilation versus temperature curves the martensite start temperature (Ms) was found. 
Figure D.10a shows an example dilation curve from which the Ms was determined. To determine the Ms, 
a linear regression was performed from 650 ºC to 500 °C. The deviation between the dilation curve and 
the linear regression was calculated and when it reached 5%, the Ms was extracted. 
Dilatometry was conducted for the H1250, H1200, and H1200-RA900 heat treatment conditions 
(Chapter 3). Figure D.10b shows the representative diametric change (ΔL) versus temperature for the 
H1200 and H1200-RA900 conditions. As the PAGS decreases, the total dilation and martensite start 





Figure D.10 (a) Example schematic of a FFT smoothed dilation versus temperature curve. The Ms is 
extracted from by defining the 5% deviation from a linear regression performed from 
650 °C to 500 °C. (b) Dilation (ΔL) versus temperature for the cooling curves of the 
H1200-RA900 and H1200 heat treatment conditions. 
 
Figure D.11 shows the relationship between the Ms and PAGS for the HNb alloy. A strong linear 
relationship was found between the PAGS and the Ms for the range of austenitizing temperatures studied. 




Figure D.11 The martensite start temperature (Ms) versus prior austenite grain size (PAGS) for the 





CHARPY V-NOTCH PROPERTIES 
 
This appendix summarizes the raw absorbed energy values for the Charpy V-Notch testing 
performed on the HNb alloy. Tables E.1 through E.3 show raw absorbed energy values for the H1250 
(Table E.1), H1200 (Table E.2), and H1200-RA900 (Table E.3) heat treatment conditions in the as-
quenched, low temperature tempered (200 °C for 1 h), and high temperature tempered (600 °C for 1 h) 
conditions. 
 





Absorbed Energy, J 
H1250-LTT 
Absorbed Energy, J 
H1250-HTT 
Absorbed Energy, J 
110 50.8 53.6 87.5 
80 50.2 52.2 84.7 
23 31.2 29.8 57.6 
0 20.3 25.1 42.7 
-40 15.6 14.9 19.7 
-77 11.5 10.8 11.5 
  





Absorbed Energy, J 
H1200-LTT 
Absorbed Energy, J 
H1200-HTT 
Absorbed Energy, J 
110 44.1 48.8 96.3 
80 46.8 49.5 86.1 
23 38.0 39.3 63.7 
0 21.0 27.1 38.6 
-40 16.9 14.2 19.7 
-77 13.6 13.6 8.8 
  
310 






Absorbed Energy, J 
H1200-RA900-LTT 
Absorbed Energy, J 
H1200-RA900-HTT 
Absorbed Energy, J 
110 52.2 52.2 116.6 
80 43.4 42.7 110.5 
23 39.3 43.4 89.5 
0 38.6 40.7 94.9 
-40 33.9 36.6 72.5 
-77 20.3 23.7 44.7 
  
From the raw absorbed energy values, sigmoidal curves were mathematically fit to the data 
following the procedures outlined in Chapter 3. From the fitted curves, various critical values were 
calculated and are summarized in Table E.4. 
 








H1250-AsQ 12 12 -11 
H1200-AsQ -7 16 -25 
H1200-RA900-AsQ -51 31 -87 
H1250-LTT 11 13 -14 
H1200-LTT -6 16 -25 
H1200-RA900-LTT -64 34 -97 
H1250-HTT 4 19 -37 
H1200-HTT 8 16 -31 





MACROFRACTOGRAPHY OF HIGH NIOBIUM CHARPY V-NOTCH FRACTURE SPECIMENS 
 
This appendix summarizes the macrophotographs for all of the Charpy V-Notch testing 
performed on the HNb alloy. The Chary V-Notch specimens that were used for electron backscatter 
diffraction (tested at -197 °C) were not included because they were section and mounted prior to 
macrophotography. Figures F.1 through F.9 show representative macrophotographs for the H1200, 
H1250, and H1200-RA900 heat treatment conditions in the as-quenched, low temperature tempered 








Figure F.1 H1200 as-quenched (HNb alloy) macro fractographs. CVN samples are 10x10 mm. (a) -








Figure F.2 H1200-LTT (HNb alloy) macro fractographs. CVN samples are 10x10 mm. (a) -77 °C, 








Figure F.3 H1200-HTT (HNb alloy) macro fractographs. CVN samples are 10x10 mm. (a) -77 °C, 








Figure F.4 H1250 as-quenched (HNb alloy) macro fractographs. CVN samples are 10x10 mm. (a) -








Figure F.5 H1250-LTT (HNb alloy) macro fractographs. CVN samples are 10x10 mm. (a) -77 °C, 








Figure F.6 H1250-HTT (HNb alloy) macro fractographs. CVN samples are 10x10 mm. (a) -77 °C, 








Figure F.7 H1200-RA900 as-quenched (HNb alloy) macro fractographs. CVN samples are 








Figure F.8 H1200-RA900-LTT (HNb alloy) macro fractographs. CVN samples are 10x10 mm. (a) -








Figure F.9 H1200-RA900-HTT (HNb alloy) macro fractographs. CVN samples are 10x10 mm. (a) -
77 °C, (b) -40 °C, (c) 0 °C, (d) 23 °C, (e) 80 °C, and (f) 110 °C. 
 
